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ABSTRACT

THE EFFECT OF MOLYBDENDUM ON THE PHYSICAL AND MECHANICAL

METALLURGY OF ADVANCED TITANIUM-ALUMINIDE ALLOYS AND

METAL MATRIX COMPOSITES

By

Jeffrey Paul Quast

This dissertation represents a systematic study of microstructure-mechanical property

relationships of titanium-a1uminum-niobium-molybdenum (Ti-Al-Nb-Mo) alloys and

metal matrix composites (MMCS). The aspects investigated were the microstructures,

elevated-temperature creep behavior, room-temperature and elevated-temperature tensile

behavior, and the out-of-phase thermomechanical fatigue behavior. The Specific alloy

compositions investigated were: Ti-24Al-17Nb-O.66Mo (at.%) and Ti-24Al-17Nb-2.3Mo

(at.%). The MMCS were reinforced with Ultra SCS-6 fibers and the specific

compositions of the matrices were: Ti-24Al-17Nb-0.66Mo (at.%), Ti-24Al-l7Nb-1.1Mo

(at.%), and Ti-24Al—l7Nb-2.3Mo (at.%). All of the materials were fabricated using a

powder-metallurgy, tape casting technique. A subtransus heat-treatment produced

microstructures containing a hexagonal close-packed a; phase, orthorhombic (0) phase,

and a body-centered cubic (BCC) phase. The higher Mo contents were shown to stabilize

the BCC phase and result in an increase the O+BCC phase volume percent and a

subsequent decrease in the a; phase volume percent. The creep deformation behavior of

the alloys and MMCS was the main focus of this dissertation. Creep experimentation was

performed to understand the deformation mechanisms as a function of stress,

temperature, and strain rate. Higher Mo contents significantly increased the creep

resistance of the alloys, which was attributed to the decrease in the number of (lg/(12 grain
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boundaries, increased O+BCC colony size, and Mo solid solution strengthening. This

was one of the major findings of the work. In-situ tensile—creep experiments indicated

that grain boundaries were the locus of deformation and cracking in each of the alloys

investigated. MMC creep experimentation was performed with the fibers aligned

perpendicular to the loading direction. Similar to alloy creep results, higher Mo contents

increased the creep resistance of the MMCS. However, the creep resistance of the MMCS

was Significantly less than that of their respective alloy compositions. An effort was

made to model the creep behavior of the MMCS based on the creep behavior of the alloys

and fiber/matrix bond strength. The model predicted the secondary creep rates of the

MMCS well for a condition assuming no bond strength between the fiber and matrix. The

model predicts that the MMC will exhibit a secondary creep rate lower than that for the

alloy when the applied creep stress is less than the fiber/matrix bond strength. However,

no such transition was observed in the experimental data. Experimental testing and finite

element modeling revealed that the interfacial bond strength between the matrix and the

fiber was indeed very small, suggesting that the MMC creep resistance would not be

greater than the matrix alloy under practical loading applications. Overall, the work

performed in this dissertation helped fill the knowledge gap which exists for the physical

and mechanical metallurgy effects of varying Mo additions in titanium aluminides.
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CHAPTER 1

INTRODUCTION

The work presented in this dissertation represents a systematic study of the

processing-microstructure—mechanical property relationships of titanium-aluminum-

niobium-molybdenum (Ti-Al-Nb-Mo) alloys and metal matrix composites (MMCS) with

varying Mo contents. The alloys studied were Ti-24Al-17Nb-0.66Mo (at.%) and Ti-

24Al-17Nb-2.3Mo (at.%). The compositions of the composite matrices were Ti-24Al-

17Nb-O.66Mo (at.%), Ti-24Al-l7Nb-1.1Mo (at.%), and Ti-24Al-17Nb-2.3Mo (at.%).

Henceforth, all alloy and matrix compositions are reported in atomic percent unless

specifically stated otherwise. Each composite was unidirectionally reinforced with

approximately 0.35 volume fraction of silicon carbide-based continuous fibers, termed

Ultra SCS-6 SiC fibers. The mechanical properties evaluated were room-temperature and

elevated-temperature tensile, elevated-temperature (650° - 710°C) creep, room-

temperature fiber/matrix interfacial bond strength, and out-of—phase (OOP) thenno-

mechanical fatigue (TMF). In 00? TMF the material was simultaneously exposed to

cyclic temperature and load fluctuations in an out-of—phase sequence (i.e. maximum

loading at the minimum temperature and vice versa).

To the author’s knowledge, the effect of varying Mo content on the

microstructure and mechanical properties of Ti-Al-Nb alloys has never been

systematically investigated. Therefore, this work presents new information which allows

for a more complete understanding of how relatively small Mo additions affect the

physical metallurgy of titanium-aluminide alloys and their MMCs. From this, the
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suitability of the studied materials for use in high-temperature structural applications in

aerospace vehicles can be assessed.

The main focus of this work was concentrated on obtaining two objectives: to

determine the effect that small Mo additions have on the microstructure, creep, tensile,

and GOP TMF behavior of Ti-24Al-l7Nb-xMo alloys and MMCS, and to further develop

a model used to predict the MMC creep response based on the matrix creep rates and

fiber-matrix bond strengths. In order to accomplish these objectives, the microstructures

of each material (before and after heat treatment) were carefully analyzed using scanning

electron microscopy (SEM). Each microstructure was evaluated in tensile and creep

testing, and the dominant creep deformation mechanisms were determined as a function

of strain rate, stress, and temperature. Using SEM-based in-situ tensile-creep testing, the

creep deformation evolution within the alloys’ microstructure was characterized. The

bond strength of the fiber-matrix interface, used to help model the MMC creep response,

was measured using tensile specimens with a cruciform geometry. The effect of

microstructure on the TMF behavior of the MMCS was characterized by testing

specimens using an OOP cycle.

The purpose of this chapter is to provide the rationale for investigating the tensile,

creep, and GOP TMF properties of the alloys and MMCS. Furthermore, an overview of

titanium alloys and MMCS is provided. The overview contains a summary of the origin,

structure, and properties of Ti and Ti alloys, a section on Mo additions to Ti alloys, and a

review of Ti matrix composites. Lastly, an outline of the work performed and the

specific aims of this dissertation are provided.
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A. Rationale

The research and development ofmaterials capable of withstanding the aggressive

conditions in gas turbine engines is of significant interest within the aerospace industry.

Improvement in engine efficiency is obtained by achieving higher operating

temperatures, which generally result in decreases in fuel consumption and pollution

generation. Currently, turbine blades in gas turbine engines see gas temperatures ranging

from 650°C to 1500°C, see Figure 1.1, and longitudinal stresses of approximately 140

MPa [Reed-Hill and Abbaschian (1994)]. The root of the blade experiences higher

tensile stresses (280 — 560 MPa), but the temperature in this region does not typically

exceed 760°C [Reed-Hill and Abbaschian (1994)]. Given these conditions, materials

must be able to not only withstand high stresses but also possess sufficient creep

resistance.

Creep is defined as a time-dependent, progressive deformation of a material

placed under constant load or stress. In many instances creep is an undesirable

phenomenon and can be the limiting factor in the lifetime of a part. Creep deformation is

observed in all materials and can occur at stresses well below the yield stress. Typically,

creep deformation and failure is a concern for metals when temperatures approach and

exceed one-half of the absolute melting temperature (Tm) of the material, which is

common in turbine engines.

Nickel-based superalloys are regularly used for turbine engine blades, see Figure

1.2, as these alloys offer an attractive balance of high strength and creep resistance at

relatively large T/I‘m ratios. However, the relatively high density of these materials

results in a limited thrust-to-weight ratio. For this reason, alternative materials have been
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Figure 1.1. A jet engine image displaying the varying pressure and gas temperature

profiles along the engine. (LPC - Low Pressure Compressor, HPC — High Pressure

Compressor, HPT - High Pressure Turbine, IPT — Intermediate Pressure Turbine, and

LPT — Low Pressure Turbine) [Trent 800].
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Figure 1.2. A diagram showing the various materials commonly used in a jet turbine

engine. The titanium is in blue, nickel-based superalloys in red, and steel in yellow

[Trent 800].
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considered. Alloys based on titanium, which have been extensively researched since the

1930’s, have shown promise for use in high-temperature environments, see Figure 1.3.

Density reductions offered by Ti-based alloys compared with Ni-based superalloys could

result in increased thrust-to-weight ratios, leading to enhancements in engine

performance. Common use of these alloys is seen in the rear end of high-pressure

compressors in lower temperature turbines, where temperatures typically range from

500°C to 800°C [Miller (1996)]. While the development of coating technologies for these

alloys has allowed higher-temperature applications to be considered, further improvement

in high-temperature tensile strength and creep resistance of the base alloys is desired.

Additional increases in weight savings are offered through use of MMCS. In

particular, significant improvements in strength-to-density ratios are achieved both at

ambient temperatures and at elevated temperatures. As a result, MMCS have become a

popular choice for jet engine components. Over the past fifteen-to-twenty years, research

has been performed on continuously-reinforced titanium aluminide alloys reinforced with

silicon carbide fibers, which combine the high strength, creep resistance, and Young’s

modulus ofthe fiber with a ductile and damage resistant titanium alloy matrix.

Besides operating under sustained stresses at high temperatures, jet engine

components are ofien exposed to varying load conditions and fluctuating temperatures.

TiAl alloys have been prone to cleavage fracture, where cracks grow rapidly under

repeated loadings [Appel et al. (2003), Bowen et al. (1995)]. For this reason, it is of

interest to study the thermomechanical fatigue properties of titanium alloys and titanium

matrix composites.
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Figure 1.3. Over time, alloy research and development, fabrication technology, and

thermal barrier coatings have resulted in higher temperature capabilities for titanium

alloys [Shultz et al. (2003)].
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For materials used in jet engines, creep resistance and thermomechanical fatigue

resistance are two of the major mechanical properties needed. Therefore, a thorough

understanding of the microstructural features that influence these mechanical properties is

required before a material can be considered for use in a gas turbine engine.

B. Origin, Structure, and Properties of Titanium and Titanium Alloys

The discovery of titanium has been credited to William Gregor, who in 1791 was

the first to produce an impure oxide of the metal [Peters et al. (2003)]. However,

titanium was not named until four years later when Martin Heinrich Klaproth isolated

titanium oxide from rutile, a mineral composed primarily of titanium dioxide [Peters et

al. (2003)]. Over 100 years passed before metal Ti was extracted commercially. The

discovery of the Kroll process, which creates Ti through the reduction of TiCl4,

revolutionized the production of Ti metal [Peters et al. (2003)]. Following World War II

and coinciding with the boom of aeronautics, titanium-based alloys were considered

essential materials for aircrafi engines. Today, aerospace applications still utilize Ti

alloys. In fact, two-thirds of all Ti metal produced is used in aircraft engines and frames

[EmSley (2001)]. Ti has also gained acceptance in other applications involving

architecture, chemical processing, power generation, marine, sports and recreation,

biomedical, and transportation. The high specific strength and excellent corrosion

I‘eSiStance of Ti alloys are quite attractive compared to many other materials [Peters et al.

(2003)].

Pure Ti is allotropic, and therefore can crystallize into more than one crystal

8

truCture depending on the temperature. At low temperatures it crystallizes into a
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hexagonally close packed (HCP) structure called (1 Ti, while the stable phase at higher

temperatures is body-centered cubic (BCC), which is referred to as [3 Ti. For pure Ti, the

transition temperature at which this crystallographic phase transformation occurs (termed

the [i-transus temperature) is 882i2°C [Peters et al. (2003)]. Alloying elements, which

are characterized as neutral, (it-stabilizing, or B-stabilizing, can affect the B-transus

temperature. The a-stabilizing elements (Al, O, N, C, etc.) increase the transus

temperature, allowing the a—phase field to be stable at higher temperatures, while B-

stabilizing elements (Nb, Mo, V, Ta, etc.) shift the B-phase field to lower temperatures.

The existence of the various crystal structures in pure Ti and its alloys is of

paramount importance, as they are the basis for the variety of properties exhibited by

titanium alloys. The a-phase alloys are generally categorized by their high strength,

fraCture toughness, and creep resistance. Such alloys do not exhibit a ductile-to-brittle

transition temperature and can therefore be used in cryogenic applications. However, for

large alloying additions with some elements, low elongation-to-failure (8f) values limit

the Practical application of these alloys. The B-phase alloys are characterized by their

greater workability and increased 8f values compared with a-phase alloys but are

SuSc=€’:ptible to a ductile-to-brittle transition and are therefore limited in low-temperature

applications. A two-phase microstructure consisting of both a and [3 phases can provide

well-balanced mechanical properties. However, insufficient elevated-temperature

theChanical properties of these alloys limit their use for some aerospace components.

Intermetallic titanium-aluminum alloys offer an improvement in many high-

temperature mechanical properties compared with a, B, and (1+5 Ti alloys. These

luteI‘metallic alloys have the potential to replace nickel-based superalloys commonly used
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in gas turbine engines based on their density-normalized properties. Until recently, the

two titanium-based interrnetallics receiving the most attention have been the ordered

hexagonal-close packed (HCP) Ti3Al ((12) alloys and the face-centered tetragonal TiAl (y)

alloys. The lack of ductility of these structural intennetallics, due to the limited number

of active slip systems, limits their application. However, investigations of Ti3Al alloys

discovered that the addition of BCC-phase stabilizing elements, specifically Nb, resulted

in an increase in 8f and fracture toughness [Blackburn and Smith (1978), Blackburn et al.

(1978)]. The first generation of Ti3Al-Nb alloys evaluated contained Nb contents of 11

at.% [Marquardt et al. (1989)]. Research in the 1980’s into Ti-Al-Nb alloys with greater

Nb compositions (ranging from 13 — 20 at.%) resulted in a good balance of room-

temperature and elevated-temperature properties [Blackburn and Smith (1982),

Blackburn and Smith (1989)]. Further studies have revealed that alloys containing up to

33 at.% Nb have shown improvements in specific strength, toughness, and creep

resistance [Rowe (1991), Rowe et al. (1991), Nandy at al. (1993), Cowen (2006)].

Banerjee and coworkers found that the orthorhombic (0) phase, based on the

intel‘metallic composition TizAle, was a major constituent phase of these Ti-Al-Nb

alloys [Banerjee et al. (1988)]. In fact, the 0 phase has been observed in titanium

aluminide compositions possessing Nb contents ranging from 12.5 at.% Nb to 33 at.% Nb

[Banerjee (1989), Mozer et al. (1990), Rowe (1990), Peters and Baasi (1990), Cowen and

BOehlert (2008)]. The relation of the O-phase to other Ti phases is depicted in Figure

I '4- The O-phase is beneficial to Ti alloys targeted for high temperature applications in

that it offers greater elevated-temperature creep resistance than the (lg-phase and BCC-

phases [Nandy et al. (1993), Nandy et al. (1995)].

10
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Figme 1.4 The ternary phase diagram of the Ti-Al-Nb system depicting the

eonlpositional relationships of the near u-Ti, a2, 82, y, and O-phase alloys [Banerjee
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C. Molybdenum Additions to Titanium Alloys

It has been shown that quaternary additions can have a strong effect on the

minimum creep rate of Ti-Al-Nb alloys [Tang et al. (2002)]. The addition of B-phase

stabilizers to Ti-Al-Nb alloys has resulted in an increase in 8f values, higher yield

strengths, improved creep resistances, and higher fracture toughness values [Rowe

(1992), Banerjee et al. ( 1993), Banerjee (1994), Zhang et al. (1998), Tang et al. (2000),

Tang et a1. (2002)]. These quaternary alloying elements which may substitute for Nb,

such as Mo, have not shown significant changes in deformation mechanisms but have

shown to be effective strengtheners [Nandy and Banerjee (2000)]. However, research

focused on developing a fundamental understanding of processing-microstructure-

pr0perty relationships of quaternary Ti-Al-Nb alloys is still in its infancy. Therefore,

further development to optimize the mechanical properties of O-phase titanium

aluIllinides through quaternary additions of [3 phase stabilizers is warranted.

Developments of such alloys may bridge the gap in temperature capability between

conventional near-a Ti alloys and nickel-based superalloys. Understanding the Mo

affeCts on the microstructure, tensile behavior, creep behavior, and thermomechanical

fatigue behavior of Ti alloys and MMCS constituted one the main focuses of this

dissertation.

D- Titanium Matrix Composites

The current useful service temperature of Ti alloys and Ti aluminides is limited to

about 550°C [Leyens et al. (2003)]. However, within the aerospace industry there is a

esire for lighter, higher-temperature materials that will enable larger mechanical and

12
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thermal loads. While Ti alloys may be able to replace some denser alloys, Ti-based

composites could potentially provide more significant improvements and would far

outperform Ti alloys if successfully implemented. Ti alloys have been joined with silicon

carbide (SiC) fibers in an effort to combine the high strength, stiffness, and creep

resistance of the fiber with the damage tolerance of the Ti-based matrix. In addition,

uniting SiC fibers in a Ti matrix reduces the density compared with the Ti matrix.

The implementation of Ti-matrix composites within the aerospace industry has

been hindered by several materials issues. One, the fabrication techniques associated

with MMC manufacturing are not conventional. Variations in thermal expansion

coefficients between the matrix and the fibers along with reactivity issues at the fiber-

matrix interface pose fabrication problems. Moreover, these problems hamper the

composite from reaching its optimal mechanical property performance (i.e. lowers

Strength, decreases creep resistance, and limits fatigue resistance). Anisotropy arising

from the specific morphology of the continuous fiber also significantly affects the

Properties of the MMC. Previous studies have shown that the addition of SiC fibers to a

Ti matrix composite increases the strength and creep resistance when loaded in the

direction parallel to the fibers’ longitudinal axis [Jannson et al. (1991), Larsen et al.

(1995), Russ et al. (1995), Rosenberger et al. (1997)]. However, when evaluating MMCS

in the direction perpendicular to the fibers’ longitudinal axis, the creep resistance of the

composite is controlled by the creep resistance of the matrix alloy and the strength of the

fibet-matrix interface [Smith et al. (1994), Majumdar (1997), Krishnamurthy et al.

(I 998), Carrére et al. (2002)]. The implementation of MMCS in high-temperature

Stru(:tural applications has been hindered by interfacial failure observed in transverse

l3
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creep at low stresses [Feillard (1996), Krishnamurthy et al. (1998), Miracle and

Majumdar (1999), Ghosh et al. (2000), Carrére et al. (2002)]. In some cases, the creep

resistance of MMCS with fibers perpendicular to the loading direction can be worse than

the matrix alloy itself [Chatterjee et al. (1997), Miracle and Majumdar (1999)].

Improving the MMC creep resistance for this orientation can be achieved by lowering the

Volume fraction of the fibers, increasing the bond strength between the fiber and the

matrix, and increasing the creep resistance of the matrix [Krishnamurthy et al. (1998),

Majumdar (1999)]. It is therefore important to characterize and understand the behavior

of the matrix and the interaction between the fiber and matrix when designing MMC

components.

The high fabrication costs and time-consuming nature of mechanical testing

makes it desirable to successfully model the properties of composites using the

mechanical response of the matrix alloy and the fiber-matrix interface strength rather than

Performing numerous mechanical-property experiments on several MMC compositions.

One model developed by Crossman and further modified by Majumdar has shown

Promise in predicting the MMC creep response based upon the matrix creep rates and

fibel‘-matrix bond strength [Crossman et al. (1974), Majumdar (1997), Miracle and

Majumdar (1999)]. This model has yet to be verified for Ti-Al—Nb- or Ti-Al-Nb-Mo-

baSed matrix composites. Evaluation of this model constituted one of the main focuses of

this dissertation.
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E. Work Performed

This study began in September 2005 when the fabricated Ti-24A1-l7Nb-xMo

alloys and composites were received from the researchers of the Wright-Patterson Air

Force Base - Air Force Research Laboratory (Dayton, OH). A thorough investigation of

these materials, though intended, had never been conducted by Air Force Research

Laboratory researchers to determine the affect that varying Mo additions have on the

microstructure—mechanical property relationships.

The first step involved the characterization of the microstructure of these alloys

and composites. Some of the materials were subjected to a heat treatment to favorably

tailor and stabilize the microstructure at creep temperatures. All the materials’

microstructures were characterized using scanning electron microscopy (SEM).

Mechanical testing was then performed on the machined specimens. Tensile tests were

conducted at room temperature (RT) and elevated temperature on the alloys and MMCS

With the SiC fibers parallel to the loading direction. The tensile data was used to evaluate

the effect that microstructure had on the yield strength, ultimate tensile strength, and

elongation-to-failure (er). The elevated-temperature tensile data was useful in designing

creep and GOP TMF experiments at appropriate stress levels.

Creep experiments were conducted starting from the fall of 2005 and continuing

thl”()Ugh the winter of 2007. From these experiments, the minimum creep rates were

Ineasured and the associated creep exponents and activation energies were calculated

Over the stress range of 30 — 275 MPa for the alloys and 10 — 75 MPa for the MMCS.

me MMCS were tested with the fibers perpendicular to the loading direction (For the

mechanical testing, the fiber orientation with respect to loading direction was always

15



.1'.1.an

..31;
’

...(A...

.H.MLLJJCT.

...v'Il

.0!

...1.”?3.... ._is...

:17

I...I.U)‘3..

‘0....c.1Ll‘.

.J..u’t..

..J.
Olb.o.or.',.J

.n..

v

...

J); .0..‘l“39‘

a.2.
_in......Uon“

Hafiz.Er.

..ms.an”



chosen in a direction where failure was considered to be matrix dominated rather than

fiber dominated). The creep test temperature ranged from 650 — 710°C. In-situ SEM

tensile-creep experiments were performed on the alloys from winter of 2005 through the

spring of 2006. Using this technique, the damage evolution of the sample surface during

650°C creep testing was tracked. This allowed direct microstructural evidence of the

creep deformation evolution.

Bond strength experiments were performed in the summer of 2007. These tests

used a cruciform specimen geometry, which will be explained in more detail in Chapter

3, to obtain transverse interface property data of the MMCS. Determination of the

interface strength was a critical measurement used to model the creep behavior of the

MMCS (with fibers oriented 90° with respect to the tensile-creep axis).

Out-of-phase thermomechanical fatigue testing on the alloys and MMCS with

fibers parallel to the loading direction was conducted starting in the fall of 2007 and

ending in the summer of 2008. Such tests allowed for life predictions and performance

Predictions of the MMCS in a controlled environment similar to actual component

Spectrums. OOP TMF is considered to be a matrix dominated property when the loading

direction is parallel to the longitudinal fiber axis.

16
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F. Specific Aims

Microstructure

( I) To understand the effect of heat treatment and Mo content on the microstructural

evolution.

(2) To quantify the microstructural aspects of the alloys and MMCS, such as phase

chemistry, grain size, phase transition temperatures, and phase volume fraction,

and to gain an understanding of the microstructural features potentially affecting

microstructure — property relationships.

(3) To obtain a qualitative assessment of fiber/matrix interface integrity.

Creep Behavior

(1) To evaluate the alloys’ creep strain versus time behavior and creep strain rate

dependency on temperature and stress over the stress range of 30 — 275 MPa and

temperature range of 650 — 710°C.

(2) To evaluate the MMCs’ creep strain versus time behavior and creep strain

dependency on temperature and stress over the stress range of 10 — 75 MPa and

temperature range of 650 - 710°C. Specimens were oriented so that the fibers

were perpendicular to the loading direction, so that the matrix and interface

effects could be determined.

(3) To determine the creep stress exponents and activation energies. These values

along with the minimum creep rates were compared to those found in the

literature for similar alloy compositions.

l7
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(4) To verify the alloys’ creep deformation mechanisms using in-situ tensile-creep

experiments in a SEM. Particular focus was on grain boundary sliding and grain

boundary cracking as potential deformation mechanisms.

(5) To understand the effect that varying microstructures (due to heat treatment and

the different Mo contents) have on the creep behavior of the alloys and MMCS.

(6) To model and predict the creep performance of the MMCs (loaded 90° with

respect to fiber orientation) from the constitutive behavior of the alloys and verify

this model with selected 90°-oriented MMC creep experiments.

Tensile Behavior

( 1) To determine the RT and 650°C tensile properties of the monolithic alloy and

MMC with the fibers parallel to the loading direction, so that microstructure —

tensile property relationships could be developed.

(2) To verify whether or not the rule-of-mixtures strength was achieved for the

MMC alloys.

(3) To evaluate the interfacial strength of the MMCS using a cruciform-based testing

methodology. This was important for the modeling mentioned in creep item #6

(above).

(4) To identify the interface location where deboning occurred.

Out“Of-Phase Thermomechanical Fatigue

(1) To evaluate the COP thermomechanical fatigue behavior of the MMCS over the

stress range of 200 — 600 MPa and temperature range of 150°C — 450°C.

18



(2) To generate applied stress versus cycles-to-failure plots for each MMC tested.

(3) To determine and understand the microstructure — thermomechanical fatigue

behavior relationships. Specimens were oriented so that the fibers were parallel

to the loading direction, so that the matrix effects could be determined.

19
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CHAPTER 2

BACKGROUND AND LITERATURE REVIEW

This chapter presents background information and published literature pertinent to

the work performed in this dissertation. Described first are the various processing routes

used to produce advanced titanium alloys and metal matrix composites. Next, the

microstructures and the phases present in Ti-Al-Nb alloys are reviewed along with an

assessment of the effect Mo additions have on the microstructure of previously

investigated Ti-Al-Nb alloys. Detailed descriptions of creep and the creep behavior of

Ti-Al-Nb alloys and MMCS are provided. The tensile deformation behavior and tensile

properties of various titanium alloys and MMCS are presented. The last section of this

chapter deals with out-of-phase thermomechanical behavior of MMCS.

A. Processing Routes

1. Conventional Methods for Titanium Alloys

Titanium metal can be formed into slabs, bars, sheets, etc. using various

processes. Typical forming processes for titanium alloys include forging, extrusion,

rolling, pulling, and casting.

Casting is a relatively simple process that involves pouring molten metal into a

mold, which is then allowed to solidify. This processing route is advantageous in that

large and intricate shapes can be formed in an economically viable way. However, there

are inherent weaknesses in castings which are associated with shrinkage, elemental

20
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segregation resulting in a non-homogenous microstructure, and gas porosity [Clark and

Varney (1962)].

One alternative to casting is forging, which uses heavy loads and large forces to

shape an alloy. As the material is forged, the grains are deformed to follow the shape of

the part, resulting in a microstructure that is more continuous than that observed in

castings. Forging is advantageous in that it offers the ability to precisely tailor

microstructures and properties through deformation and heat treatments [Terlinde et al.

(2003)]. Forged materials typically contain fewer defects than cast materials and are

therefore stronger [Altan (1983)]. However, extensive machining is necessary for

forging, and the ability for form complex shapes is sometimes hindered by varying

cooling rates within the material, which can lead to warping.

Titanium alloys produced using either of these methods can require hot rolling

and cold rolling. Each rolling step may consist of multiple passes, such that the time and

cost to produce these alloys can be significant. In this work, an alternative powder

metallurgy approach was used, namely tape casting. This method has the potential to

produce significant cost and time reductions for the alloy and matrix materials. However,

alloys fabricated using the tape cast method has resulted in incomplete consolidation

[Smith et al. (2000)]. In this work it was also important to use a fabrication technique

that Was compatible with both alloy and MMC production. By doing this, direct

assessments of the results obtained from alloy testing were compared to those found for

MMC testing.
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2. Metal Matrix Composite Fabrication

There are many processes available to fabricate MMCS. These processes can be

separated into two main groups: liquid-state processing and solid—state processing. One

major liquid-state process is casting. In this technique, a fiber bundle is infiltrated by

liquid metal [Divecha et al. (1981), Rohatgi et al. (1986)]. However, there has been little

success in producing titanium matrix composite via casting [Leyens et al. (2003)].

Difficulties arise due to wetting issues of ceramic reinforcements by the molten metal and

also due to degraded fiber properties stemming from the reaction between the fiber and

the molten metal [Chawla (1998)]. Therefore, solid-state processes are preferred to

liquid-state process.

Typical solid-state processing routes include the foil-fiber-foil technique, the

monotape technique, and the matrix-coated technique. In the foil-fiber-foil technique,

alternating layers of foil and fiber mats are stacked and hot isostatically pressed (HIPed)

to form multilayer MMCS. The monotape technique is similar to the foil-fiber-foil

technique, but uses a fiber reinforced tape as a starting material. The monotapes are

Staeked and HIPed to form a MMC. For each of these techniques, homogeneous fiber

diStl‘ibution is difficult to obtain [Leyens er al. (2003)]. Optimum fiber distribution can

be Obtained using the matrix-coated technique, however this method is much more costly

than the foil-fiber-foil and monotape technique [Leyens et al. (2003)]. The starting

material for the matrix-coated technique is a fiber coated with a homogeneous layer of

the lhatrix material. These coated fibers are then bundled and HIPed to produce a MMC.

The alloys and MMCS produced in this work were tape cast. This process was

first developed by Glenn Howatt in the late 1940’s to produce thin ceramic sheets to be

22
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used in capacitors [Howatt et al. (1947)]. Today, this processing technique is still

commonly used to create complex circuits and multilayered structures. In fact, tape

casting is considered to be a promising alternative to conventional fabrication techniques

for Ti-Al-Nb orthorhombic alloys, offering significant cost savings in the processing and

production of such materials [Smith et al. (1999)]. In some ways, tape casting of MMCS

is very similar to the foil-fiber-foil technique commonly used. The major difference is

seen in the fabrication of the matrix sheet. Rather than casting and hot working, tape

casting is a powder metallurgical approach which involves the hot pressing of an

organically-binded metal powder slurry. Further explanation of the processing used for

the alloys and MMCS is provided in Chapter 3.

The hot isostatic pressing step is an important stage in the fabrication of the

MMCS. During this step relatively high temperatures are used to fully compact the

composite. However, during the cool down residual stresses at the fiber/matrix interface

are generated due to the differences in thermal expansion coefficients between the fiber

and the matrix. Furthermore, high-temperature exposures lead to undesired reactions

between the fiber and the matrix, which can embrittle the matrix. Therefore, this

COnSOIidation step must be carefully performed so that residual stresses and fiber/matrix

reacItions are minimized.
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B. Microstructure Background

1. Titanium-Aluminum-Niobium Alloys

Dependent upon composition, orthorhombic titanium-aluminum-niobium alloys

possess constituent phases including the ordered interrnetallic 0 phase, the ordered HCP

intermetallic a; phase, the ordered BCC-phase (82), and the disordered BCC-phase ([3).

While it is noted that the BCC phase in the alloys and matrices examined in this work

exists as either B2 or B it will simply be referred to as the BCC phase throughout the

remainder of this dissertation. However, the ordering of the BCC phase was determined

and is discussed in Chapter 5. The BCC phase ordering is dependent on alloy

composition and heat treatment [Kestner-Weykamp et al. (1989), Bendersky et al.

(1991), Rhodes (1997)]. The 82 crystal structure is ordered and is based on the CsCl

crystal structure and the chemical composition leAle. It is composed of Ti atoms at A

Sites with Al, Nb, and the remaining Ti atoms at the B sites, as shown in Figure 2.1

[Banerjee et al. ( 1987)]. The 0 phase has cmcm orthorhombic symmetry and is also

based on the composition TizAle [Banerjee et al. (1988)]. The 0 phase has been

Observed to exist in two forms, 01 and 02, where Nb atoms were found to occupy

SPeCific atom positions in the 02 structure, as opposed to randomly occupying Ti sites in

the 01 structure, see Figure 2.2 (a) [Banerjee (1997)]. The (12 phase has DO“; symmetry

and is based on the composition Ti3A1 [Krishnamurthy et al. (1993)]. The crystal

Structure of the a; phase is similar to that of the 0 phase, as shown in Figure 2.2 (b). The

foremost difference is that one of the Ti sites in the (12 structure is preferentially occupied

by Nb in the 0 phase, while it is randomly occupied in the (12 phase, as shown in Figure

2‘3 [Mozer et al. (1990), Rowe et al. (1992), Huang and Siemers (1989)].
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Figul'e 2.1 The crystal structure of the B2 phase observed in Ti-Al-Nb alloys.
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tfigul‘e 2.2 Crystal structures of the constituent phases: (a) the 01 unit cell and (b) one

1rd ofthe a2 unit cell [Mozer et a1. (1990), Muraleedharan et al. (1995)].
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(a) (b)

Flgure 2.3 Basal plane schematics of the (a) 0 phase and (b) (12 phase for Ti-Al-Nb

Ci 03’s. The large circles represent atoms in the plane of the paper, while the smaller

[ reles represent atoms in planes above and below the plane of the paper. Taken from

Ozer et al. (1990)].
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The alloys in this work were all based on the ternary Ti-Al-Nb composition of Ti-

24Al-17Nb. A phase map based on Ti-25Al—be has been developed by Sagar and

coworkers [Sagar et al. (1996)] and is presented in Figure 2.4. While this map was

developed through evaluations of specific alloy compositions heat treated at different

temperatures, it is noted that it is in violation of the Gibbs Phase Rule, which states that

the number of phases plus the degrees of freedom is equal to the number of components

plus two [Porter and Easterling (1992)]. This will be discussed further in Chapter 5.

Above the transus temperature single-phase BCC microstructures exist. Rapid

cooling from above the transus temperature can suppress the (12 formation and result in a

microstructure consisting of only the O+BCC phases [Muraleedharan et al. (1992a)]. For

3 Ti-25Al-17Nb alloy, slow cooling or solutionizing in the (12+BZ or oz+BZ+O regimes

promotes the formation of the (12 phase. Aging within the a2+BZ+O, O+BZ, O+B, or O

regimes results in the formation of a rim-O phase along the outer edges of the (12 phase

[Banerjee et al. (1988)]. This rim-O phase prevents the (12 phase from transforming when

aged in lower temperature phase fields, acting as a diffusion barrier.

The a; and 0 phase formation from the BCC phase occurs through three different

transformation modes: Widmanstatten precipitation of the a; or 0 phase, composition

irlVariant mechanism, and discontinuous precipitation of BCC to a2+BCC or O+BCC

[Bendersky et a1. (1991), Rowe and Hall (1991), Rowe (1991a) Muraleedharan et al.

( l 992), Banerjee (1994), Majumdar et al. (1994), Rowe and Larsen (1996), Boehlert et

al‘ (1999)]. A previous study of a Ti-25Al-24Nb and Ti-23Al-27Nb alloy revealed that

Widmanstatten precipitation of the O-phase from the parent B2 phase only occurred

below 875°C in the O+BZ phase field [Boehlert et al. (1999)]. It was determined that as

28



. . is...

“W any“.

h .17. .7”{QIgr'

..s .. 47.x

... ....w 3....

4 s I J. l 1

.15.. T...

_

fulfil); 0‘ .
T .. .

.1.»..‘5... ruff

_ .

.v. .. o

(n r,_J.H/.,._VH.

gt. ‘ ”1.01.. .... .Q

lrhf. . y r». ((u‘:

a.w.-1.., ...

(ff. ......L/_
If]

I. rv .‘

p

'\

'I. .

o. .1.

...: ,1)
r.Lr



the temperature decreased, grain boundary diffusion and grain growth kinetics became

sluggish. At heat-treatment temperatures lower than 875°C, Widmanstatten precipitation

of the O-phase became the dominant phase transformation mechanism [Boehlert et' al.

(1999)]. For the alloys in this work, Widmanstatten precipitation was suggested to be the

dominant transformation mechanism, as each alloy was heat treated at 850°C, whereas

the compositional invariant mechanism was only observed in supertransus heat-treated

microstructures [Bendersky et al. (1991), Muraleedharan et al. (1992)] and the

discontinuous precipitation mechanism was observed when alloys were solutionized at

high temperatures, quenched, and aged at lower temperatures (750°C) [Boehlert et al.

( 1 999)].

Specific orientation relationships have been identified for the (12 and 0 phases

with respect to the B2 phase. The orientation relationship for the a; and BZ phase is

given by: [11-20]a2//[l-11]B2 and (0001)0t2//(011)B2 [Burgers (1934)]. The orientation

relationship formed between the 82 and 0 phases is: [1-11]BZ//[110]O and

(1 1 O)B2//(001)O [Muraleedharan et al. (1992)]. The rim-O phase has an orientation

relationship with respect to a; of: [0001]a2//[001]O and (10-10)a2//(110)O [Banerjee et

al. (1988)].
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2. Quaternary Additions to Titanium-Aluminum-Niobium Alloys

The addition of BCC phase stabilizers to Ti3Al based intermetallics has been

shown to increase the RT elongation-to-failure and toughness due to the stabilization of

the BCC phase and the formation of the 0 phase [Banerjee et al. (1993), Banerjee

(1994)]. The BCC-phase stabilizing ability of Mo has been shown to be greater than that

of Nb, where one atomic percent addition of Mo corresponds to the substitution of 4.25

atomic percent of Nb [Ankem and Seagle (1983), Tang et a1. (2002)]. Therefore, the

equivalent ternary Ti-Al-Nb compositions of the alloys investigated in this work, Ti-

24Al-17Nb-0.66Mo, Ti-24Al-l7Nb-1.1Mo, and Ti-24Al-17Nb-2.3Mo, are Ti-24Al-

l 9. 8Nb, Ti-24Al-21.7Nb, and Ti-24Al-26.8Nb, respectively.

The 0.2, O, and BCC phase has been observed in a multitude of Ti-Al-Nb-Mo

alloys including: Ti-24.5-17Nb-1Mo [Krishnamurthy et al. (1995), Krishnamurthy et al.

( 1 995a), Smith and Graves (1995)], Ti-24Al-17Nb-1Mo [Zhang et al. (1998)], Ti-22Al-

24-5Nb-1.5Mo [Smith et al. (1999)], Ti-22Al-19Nb-2Mo [Tang et al. (2002)], and Ti-

2ZzAl-l le-4Mo [Tang et al. (2002)]. The (12 and BCC phases were shown to have an

eQUiaxed morphology for a Ti-24Al-17Nb-1Mo alloy, whereas the 0 phase had either an

e<llliaxed or lath morphology depending on heat treatment [Zhang et al. ( 1998)].

I:lll‘therrnore, the lath size and spacing was found to be strongly dependent on the cooling

rate, where a faster cooling rate (0.5°C/s) was shown to form 0 phase laths with widths

ra“ging from 0.3 pm — 1.0 pm, while a slower cooling rate (0.2“C/s) resulted in widths

PaIlging from 1 pm - 2 um [Zhang et al. (1998)]. In comparison of a Ti-22Al-24.5Nb-

l ~5Mo alloy to a Ti-22Al-26Nb alloy, the Mo-containing alloy was shown to exhibit a

finer O+BCC structure, which was attributed to the sluggish diffusion kinetics of Mo
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[Smith et a1. (1999)]. While studies have investigated Mo additions to Ti-Al-Nb alloys,

to the author’s knowledge, no studies have examined varying Mo additions to determine

the effects of Mo content on the microstructure. Thus, this is one of the unique aspects

examined in this dissertation.

3. Metal Matrix Composite Microstructures

One concern for MMCS is the microstructure at the fiber/matrix interface. An

ideal interface is well consolidated and possesses a high bond strength. Previous work on

SiC fiber composites revealed the formation of reaction products at the interface [Yang

and Jeng (1989), Arsenault (1994), Smith et al. (1994), Larsen et a1. (1995), Pickard and

Miracle (1995), Boehlert (1997b)]. Analysis of this reaction zone has found it to be

comprised of complex carbides and silicides [Rhodes (1992)]. In the development of

SCS-6 and Ultra SCS-6 fibers, an amorphous carbon layer surrounding the SiC fibers was

used to reduce the reaction between the fiber and the matrix [Smith et al. (1997)].

However, during processing of the MMCs, the carbon diffuses into the matrix of titanium

alloys and stabilizes the (12 phase. This results in the formation of an O+BCC depleted

Zone around the reaction zone, which can lead to reduced interfacial bond strengths.

C. Mechanical Properties

The varying combination of phases in the microstructure has a direct affect on the

Inechanical behavior of the alloy. O-phase alloys are advantageous for use in structural

applications, when compared to (1+0 Ti-alloys, because they have exhibited greater

e1evated-temperature strength and creep resistance while also offering significant weight
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savings over Ni-based super alloys [Nandy et al. (1993), Nandy and Banerjee (2000),

Cowen and Boehlert (2006), Mendiratta and Lipsitt (1980), Malakondaiah and Rao

(1981), Mishra and Banerjee (1990), Conrad et al. (1973), Nandy et al. (1995), Boehlert

and Miracle (1999), Smith and Graves (1995)].

l. Creep Behavior Background

The main focus of the work performed was the creep deformation behavior of

both the alloys and MMCS with fibers oriented perpendicular to the loading direction.

Creep testing is performed when a specimen is placed under constant load while

maintaining a constant temperature. Using extensometry, strain is measured during these

tests and plotted versus time. The resulting curve consists of three regions. When the

specimen is initially loaded, it undergoes instantaneous deformation then continues to

Strain at a continuously decreasing creep rate. This region on the curve is considered

Primary (transient) creep. The region on the curve in which the creep rate is constant is

Said to be secondary (steady-state) creep. The constant creep rate is due to a competing

process between strain hardening and recovery [Garofalo (1965)]. Creep mechanisms

can be suggested based upon the secondary creep rate. Tertiary creep follows secondary

c1"Etep, where the creep rate deviates from linearity and increases, leading to creep rupture.

Creep behavior is affected by stress and temperature, where the steady-state creep rate

inGreases with increasing stress and/or increasing temperature.

Past research on creep deformation has led to the understanding of various

111i crostructure—creep mechanisms. In these studies the steady-state creep rate was used to

S‘lggest dominant deformation mechanisms. Major deformation mechanisms include
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Nabarro-Herring creep, Coble creep, Harper-Dom creep, grain boundary sliding, and

dislocation climb. The principles of these theories have been based on pure metals or

single phase materials. There exists a lack of understanding of the creep deformation

behavior for multiphase alloys in which all phases deform during creep testing. At

similar testing conditions, the varying crystal structures and lattice arrangements of the

phases results in different creep rates for each of the constituent phases, which makes

creep difficult to study.

The steady state creep rate of a material is ofien modeled using a power law given

by:

ES = A0" 644%) (1.1)

where A is a constant, 0 is the applied stress, n is the creep exponent, Q is the activation

energy, R is the universal gas constant, and T is the absolute tempertature. Creep

deformation behavior can be grouped as either diffusional or dislocation based. Nabarro-

Herring and Coble creep are both considered to be diffusional creep processes.

Dislocation glide and dislocation climb result in dislocation creep where a material is

deformed due to the movement of dislocations.

l -l Nabarro-Herring Creep

Diffusion often occurs due to the presence of vacancies in a material. One creep

deformation mechanism proposed by Naborro and Herring involves the transport of

valCancies through the crystal lattice due to applied stress [Nabarro (1948), Herring

( 1 950)]. On an individual grain, an applied stress generates a tensile stress in the loading
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direction and a compressional stress in the direction perpendicular to loading. Vacancies

generate along the boundaries experiencing a tensile stress and deplete along the

boundaries in compression [Evans and Wilshire ( 1993)]. There is a constant flow of

vacancies from regions above equilibrium concentration to regions below equilibrium

concentration. This vacancy flow results in grain elongation in the tensile direction,

which is considered Nabarro-Herring creep. The steady state creep rate for Nabarro-

Herring creep is given by:

° _ D50 (20'

ES - K1775.— (1.2)

where K; is a constant, D50 is the coefficient of lattice self diffusion, d is the average

grain diameter, 9 is the volume of a vacancy, and k is Boltzmann’s constant [Evans and

Wilshire (1993)]. Nabarro-Herring creep is commonly observed at low stress and high

temperature creep conditions [Evans and Wilshire (1993)].

1.2 Cable Creep

Nabarro-Herring creep diffusion is considered to only occur through the crystal

lattice. However, Coble proposed that diffusion of vacancies can occur along the grain

boundaries as well [Coble ( 1963)]. This theory still predicted that vacancies were

transferred due to an applied stress, where vacancies flowed from grain boundaries under

tension to those under compression in an effort to restore an equilibrium concentration.

The associated steady-state creep rate derived by Coble to describe the flow of vacancies

through the grain boundaries is given by:
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(1.3)

where K2 is a constant and 5 is the grain boundary spacing. This mechanism is

suggested to be dominant at low stress levels of the same magnitude of Nabarro-Herring

creep, but in lower temperature regimes.

1.3 Harper-Dom Creep

Harper-Dom creep was first proposed when coarse-grained aluminum creep

tested at low stresses and high temperatures gave a linear relationship between stress and

strain rate, but it was found that the strain rates were significantly higher than that

predicted by the Nabarro-Herring and Coble creep equations [Harper and Dom (1957)].

It was therefore concluded that a different mechanism controlled the creep deformation,

and creep rate was determined to be given by:

' __ AHDDI.bG

‘95 — kT

 

(1.4)

where Ann is a material constant, DL is the lattice diffusion coefficient, b is the

magnitude of the Burger’s vector, 0 is the applied stress, k is Boltzmann’s constant, and

T is the absolute temperature [Harper and Dom (1957)].

It has been proposed that intragranular diffiision-controlled dislocation motion is

the major deformation mechanism occurring during Harper-Dom creep [Ruano er al.

(1988)]. Furthermore, previous work has indicated that variation in grain size had no

effect on the strain rate [Owen and Langdon (1996)]. Therefore, it was suggested that

Harper-Dom creep is dominant when the creep exponent equals unity, the creep rates are

higher than those predicted by the Nabarro-Herring and Coble creep equations, and
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identical creep rates are found over a wide range of grain sizes [Owen and Langdon

(1996)].

1.4 Grain Boundary Sliding

During creep testing, a shear process occurs in which grains in a polycrystalline

move relative to each other in the direction of the grain boundary [Dieter (1986)]. This

process is called grain boundary sliding. Grain boundaries are translated by both sliding

and diffusional flow of atoms from grain boundaries in compression to those in tension

[Meyers and Chawla ( 1999)]. Commonly, there is very little strain exhibited within the

grains.

Grain boundary sliding is most easily observed using a metallographically-

prepared surface scribed with fiducial marks. The specimen is then creep tested and

imaged at the appropriate stress and temperature where grain boundary sliding is

suggested to occur and where there are no environmental effects to damage the surface

(i.e. in a vacuum) [Dieter (1986)]. The amount of offset in the fiducial markings can then

be measured to suggest the amount of sliding occurring. While this method does show

surface sliding, there is doubt as to whether this represents the bulk behavior of the

material as observations of internal deformations cannot be made.

Grain size has an important effect on the amount of sliding. Smaller grain sizes

result in increases in the amount of grain boundary sliding. This is due to the fact that

small grain sizes result in an increase in the total number of grain boundaries in the

material, therefore presenting more chances for slip to favorably occur along a boundary.

In tension, grains typically slide in the direction of the tensile axis.
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1.5 Dislocation Climb

Creep deformation due to dislocation climb occurs when dislocation glide is aided

by vacancy diffusion [Dieter (1986)]. Under this regime, steady state creep is obtained

when there is a balance of strain hardening and thermal recovery due to the

rearrangement and annihilation of dislocations [Dieter (1986)]. The strain produced

during creep testing is a result of dislocation glide, and the velocity this occurs at is

controlled by the time it takes for a dislocation to climb to surmount an obstacle, which is

governed by atomic diffusion [Dieter (1986)]. The steady state creep rate for this

deformation mechanism is given by Equation (1.1). This model is suggested to be

dominant at intermediate to high stress levels and at temperatures above 0.5Tm.

1.6 Creep Exponents and Activation Energies

The values of the creep exponents and activation energies provide insight as to the

dominant deformation mechanisms occurring during steady-state creep. These

parameters are found using the minimum creep rate determined during creep testing. The

creep exponent is found when a power law curve fit is applied to a plot of the log 8min

versus log 0, while the activation energy is found when a linear curve fit is applied to a

plot of the ln é... versus l/T. Using these values, deformation mechanisms active in the

secondary-creep regime are suggested.

Creep exponent values tend to range from one to five for pure metals and alloys

[Evans and Wilshire (1993)]. Values close to unity suggest that atomic diffusion of

vacancies is the dominant deformation mechanism, implying that Nabarro-Herring or

Coble creep is most active. In the case of Nabarro-Herring creep, activation energies are
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found to be close to those for lattice self diffusion, while for Coble creep activation

energies are typically 0.5 — 0.6 of those for lattice self diffiision due to diffusion of

vacancies through the grain boundaries. For grain boundary sliding, creep exponents are

found to be approximately two, and typical activation energies are close to those of lattice

self diffusion [Garafalo (1965)]. When the creep exponent falls within the range of three

to eight, dislocation climb is said to be dominant [Weertman (1957)]. In this regime,

activation energies correspond closely with those of lattice self diffusion. Therefore, by

using creep exponent and activation energy values, creep deformation mechanisms can be

suggested at particular stress ranges and temperatures.

While creep exponents and activation energies are helpful in suggesting the

dominant deformation mechanism, they are not definite. Therefore, techniques in which

creep deformation is observed as it occurs have been developed. One such method used

to help verify the dominant creep mechanisms is in-situ testing, where a sample is imaged

in a microscope throughout the creep experiment. In doing this, the evolution of creep

deformation as it occurs is documented. This technique is especially useful for observing

grain boundary sliding when fiducial markings are on the specimen. Transmission

electron microscopy of post-creep deformed microstructures is also used to observe the

dislocation activity present within each of the phases. When combining these visual

techniques with the creep exponent values and apparent activation energies a more

resolute suggestion of the dominant deformation mechanism is obtained.
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1.7 Creep of Titanium-Aluminum-Niobium Alloys

The creep behavior of Ti-Al-Nb alloys with various microstructures has been well

developed. Creep of these alloys can be correlated to the phase volume percents of (12, O,

and BCC. The creep resistance of Ti-Al-Nb alloys has been shown to increase with

increasing volume percent of 0 phase and with decrease volume percent of a; phase

[Majumdar et al. (1995), Smith et al. (1995)]. While this observation can be explained

by the superior creep resistance of fully O-phase microstructures due to a small number

of available slip systems [Nandy et al. (1993)] compared to that of fully org-phase

microstructures [Mendiratta and Lipsitt (1980)], firrther understanding of Ti-Al-Nb alloys

is warranted.

The creep behavior of (12, a; + BCC, and BCC based Ti-Al-Nb alloys has been

evaluated in a study of Ti—24Al-11Nb by Mishra and Banerjee [Mishra and Banerjee

(1990)]. The alloys underwent three different heat treatments to produce microstructural

variations of: 90% (12 -— 10% BCC, 40% a2 —- 60% BCC, and 100% BCC. Creep

experiments were conducted in the stress range of 30 — 400 MPa at 650° C. Tests of all

three microstructures revealed a change in creep exponent from n = 1 at low stresses to

n = 5 at high stresses. The apparent creep activation energy of the 40% a2 — 60% BCC

alloy in the low-stress regime was 107 kJ/mol, while the 100% BCC in the same regime

was found to be 120 kJ/mol, each over the temperature range of 525°C — 725°C. In the

high-stress regime the apparent activation energy for the 40% a2 — 60% BCC alloy was

260 kJ/mol. In the low-stress regime the n values and Qapp values suggested Coble

creep to be the dominant creep deformation mechanism, where the apparent activation

energies were close to those obtained for grain boundary diffusional creep in pure Ti (104
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— 121 kJ/mol) [Malakondaiah and Rao (1981)]. In the high-stress regime, dislocation

climb was suggested to be the dominant creep deformation mechanism. The n and

Qapp values of the Ti-24Al-11Nb alloy were found to compare favorably to the

dislocation climb controlled creep parameters of (12 alloys [Mendiratta and HA. Lipsitt

(1980)], and pure Ti [Malakondaiah and Rao ( 1981), Conrad et al. (1973)], as shown in

Table 2.1.

Table 2.1 Dislocation Climb Controlled Creep Parameters
 

 

 

    

Creep

Parameter Ti—24Al-11Nb a; a-Ti

Qapp 285 (Ti3Al+5Nb) 242 [Conrad et al. (1973)]

(kJ/mol) 260 206 (Ti3Al) 241 [Malakondaiah and Rao (1981)]

6 (Ti3Al+5Nb) 4.5 [Conrad et al. (1973)]

n 5 4.3 (Ti3Al) 4.3 [Malakondaiah and Rao (1981)]
 

The creep behavior of the O-phase was characterized through experimentation of

a fully O-phase Ti-27Al-21Nb alloy by Nandy and coworkers [Nandy et al. ( 1993)].

Compression creep tests in the stress range of 240 MPa — 500 MPa and temperature range

of 650°C — 750°C revealed creep exponent values ranging from 5.7 to 7.5 and an

activation energy of 340 kJ/mol. Based on these values, dislocation climb controlled

creep was suggested to be the dominant deformation mechanism. While, to the author’s

knowledge, no diffusion data is available for the O-phase, comparison of the apparent

activation energy to diffusion data of Ti3Al suggests that the Qapp values determined for

the O-phase are consistent with lattice self-diffusion, see Table 2.11.
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Table 2.11 Self-Diffusion and Inter-Diffusion Data for Ti3Al [Rusing and Herzig (1996)]
 

 

 

 

Element Do (mzs'l) Q (kJ/mol)

Ti in Ti3Al 2.44x10‘5 288

Al in Ti3A1 2.32x10'l 374

Ti3Al 1’110'5 312     
 

The BCC phase creep behavior has been characterized for a Ti-5Al-45Nb alloy by

Cowen [Cowen (2006)]. Tensile creep tests carried out over a stress range of 10 MPa —

75 MPa and a temperature range of 650°C — 71. 0°C. A change in creep exponent was

observed, where in the lower stress regime n = 0.7 and in the higher stress regime n = 2.6.

The apparent activation energy in the low-stress regime was 184 kJ/mol and in the high-

stress regime was 217 kJ/mol. Indications of Coble creep in the low-stress regime and

grain boundary sliding in the high-stress regime were observed for this alloy [Cowen

(2006)].

A list of the creep parameters for other Ti—Al-Nb 0 phase alloys is provided in

Table 2.111. A comparison of firlly 0 phase, O+BCC, and fully BCC phase

microstructures is shown in Figure 2.5. As shown, the creep exponent in these alloys can

range from approximately unity to values greater than five. These values, coupled with

the apparent activation energies, suggest Coble creep, grain boundary sliding, and

dislocation climb to be active in these alloys at low, intermediate, and high stresses,

respectively. As observed in Figure 2.5, the creep resistance of fully O-phase alloys is

significantly higher than that of fully BCC and O+BCC phase alloys due to the smaller

number of available slip systems in the O-phase.
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Table 2111 Various Orthorhombic Alloy Creep Parameters
 

 

 

 

 

 

 

 

 

 

 

 

      

Testing Conditions Qapp,

Alloy Composition Heat Treatment o/T, (MPa,°C) n (kJ/mol)

Ti—22Al-23Nb

[Woodard and Pollock 69-110/650 air +

(1997)] NA vacuum 1 .3 1 87

Ti-21Al-22Nb

[Smith et al. (1993)] NA 30-90/650-760 air 1.4 NA

Ti-2lAl-21Nb

[Woodard et al. (1996)] NA 69-172/650 vacuum 2.4 NA

Ti-22Al-23Nb 69-172/650-760 air

[Hayes (1996)] 996°C/1h/AQ + argon 2.8 327

Ti-25Al-23Nb

[Rowe and Larsen (1996)] 815°C/1h 175-310/650 argon 2.8 NA

Ti-25Al-23Nb 1065°C/1h/Ar +

filowe and Larsen (1996)] 815°C/1h 310-380/650 argon 2.8 NA

Ti-24Al-l6Nb 1150°C/1h/CC +

[Nandy et al. (1995)] 750°C/24h/AQ 150-540/700-750 air 4.2-4.3 37]

Ti-27Al-16Nb 1170°C/1h/CC +

[Nandy et al. (1995)] 750°C/24h/AQ 240-660/700-750 air 4.2-4.3 376

Ti-22Al-27Nb 1090°C/ 1 h/Ar +

[Rowe and Larsen (1996)] 815°C/1h 175-310/650 argon 5.3 NA

Ti-22Al-27Nb

[Rowe and Larsen (1996)] 815°C/1h 310-380/650 argon 5.3 NA

Ti-27Al-21Nb 1170°C/OQ +

[Nandy et al. (1993)] 900°C/AQ 240-500/650-750 air 5-6 340

Ti-21Al-22Nb

[Smith et al. (1993)] NA 90-172/650-760 air 8.2 197
 

AQ: air quench, OQ: oil quench, Ar: cooled in static Ar gas, CC: control cool at 2.5°C/s,

NA: not available
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0 Ti-SAI-45Nb Fully Equiaxcd BCC lCowcn (2006)]

I Ti-12AI—38Nh 29% Lath () + 71% liquiaxcrl l£(‘(‘ [Boehlert (1999)]

A Ti-lSAl-33Nb 44% Lath O + 55% Equiaxed BCC [Cowen 2006]
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Figure 2.5 A comparison of fully O-phase, O+BCC, and fully BCC phase alloys creep

tested at 650°C [Cowen (2006)].
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1.8 Creep of Titanium-Aluminum-Niobium-Molybdenum Alloys

Only a handful of studies have evaluated the creep behavior of the Ti-Al-Nb-Mo

alloys [Rowe (1992), Kerry and Winstone (1995), Kristnamurthy (1995), Smith and

Graves (1995), Zhang et al. (1998), Smith et al. (1999), Tang et al. (2002)]. Ti-Al-Nb-

Mo alloys were sometimes tested in comparison to ternary Ti-Al-Nb alloys, and all

studies revealed that creep resistance is significantly increased for alloys containing Mo

[Kristnamurthy (1995), Majumdar et al. (1995), Smith and Graves (1995), Smith et al.

(1999)]. In fact, a Ti-24.5Al-17Nb-1Mo alloy exhibited creep strains less than 2% and

did not rupture even after 700 h of testing at 650°C and 172 MPa, whereas the baseline

ternary alloy (Ti-24.5Al-17Nb) failed in less than 50 hours and exhibited creep strains

greater than 20% [Smith and Graves (1995)]. This trend was also shown for a study

comparing Ti-25Al-l7Nb-1Mo to Ti-25Al-17Nb, as also shown in Figure 2.6 [Majumdar

et al. (1995)]. Such improvements in alloys with Mo additions have been attributed to

solid solution strengthening of the BCC phase and to a decrease in creep rate for the

active creep mechanisms which were diffusion dependent [Smith et al. (1999)]. As

discussed previously, the 0 phase, which precipitates out of the BCC phase, has been

shown to exhibit the best creep resistance of any of the ordered phases present [Nandy et

al.(1993)]. Therefore, since M0 is a more effective BCC-phase stabilizing element than

Nb [Ankem and Seagle (1983)], smaller additions of Mo than that of Nb are needed to

stabilize equivalent amounts of BCC phase. It follows then that an improvement in

creep resistance can be obtained in alloys with small additions of Mo and with lower

densities than that ofTi-Al-Nb alloys.
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Figure 2.6 A plot of creep strain versus time for a Ti-25Al-17Nb alloy (red) and a Ti—

25Al-l7Nb-1Mo alloy (blue). Each curve for the Ti-25Al-17Nb alloy represents a

different heat treatment used to vary the phase volume percents. The Ti-25Al-l7Nb-1Mo

alloy displayed greater creep resistance than any of the Ti-25Al-17Nb alloys tested.
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In a study of a Ti-22Al-19Nb-2Mo alloy, the apparent activation energy over the

temperature range of 650°C — 750°C at 310 MPa was found to be 354 kJ/mol [Tang et al.

(2002)]. This value was suggested to correspond to a dislocation-controlled creep

mechanism (i.e. dislocation climb). This study also found that quaternary additions can

have a stronger affect on the minimum creep rate than the BCC phase volume fraction

[Tang et al. (2002)]. Typically creep strain rates were found to decrease with a decrease

in BCC phase volume fraction, as the O and a2 phases exhibit better creep resistance than

that of the BCC phase [Cho et al. (1990), Rowe and Larsen (1996)]. The orientation of

the 0 phase within Ti-Al-Nb-Mo alloys affects the creep resistance. For a Ti-25Al-

l7Nb-1Mo alloy, a fine-lath microstructure was shown to have a higher creep resistance

than that of coarse-lath and equixed microstructure [Zhang et al. (1998)]. The apparent

activation energy for that fine-lath microstructure was found to be 247 kJ/mol in the

range of 650°C — 750°C at 300 MPa [Zhang et al. (1998)]. Table 2.1V shows the creep

properties of the Ti-25Al-l 7Nb-1M0 alloy with various microstructures tested at different

temperatures. For the fine-lath and coarse-lath microstructures dislocation climb was

suggested to be the dominant deformation mechanism [Zhang et al. (1998)].

 

 

 

 

 

 

 

 

Table 2.1V The creep pro erties of a Ti-24Al—l7Nb-1Mo alloy [Zhang et al. (1998)]

Microstructure Phases Temgzritture n value

650 4.4

Fine-lath O+BCC 700 3.4

750 3.6

650 4.3
Coarse-lath O+BCC 750 4.3

. 600 1.3
Equraxed a2+O+BCC 650 l .9      
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1.9 Metal Matrix Composite Creep

The addition of SiC fibers to a titanium alloy has the ability to increase the

strength and creep resistance when the material is loaded with the fibers parallel to the

loading direction. However, the transverse strength and creep resistance can be worse

than the matrix itself [Majumdar and Newaz (1992)]. Improvements in transverse creep

behavior can be obtained through increases in matrix creep resistance and fiber/matrix

interfacial bond strength [Majumdar and Newaz (1992)]. The former method often

results in a decrease in elongation to failure, which is undesirable. The latter method is

more promising, as damage evolution often begins with fiber debonding, resulting in the

material behaving similar to a matrix material with holes [Majumdar and Newaz (1992)].

Previous work has shown the creep response of a MMC tested with fibers

perpendicular to the loading direction is similar to that of an alloy in that it exhibits

primary, secondary, and tertiary creep regimes [Majumdar and Newaz (1992)].

However, when tested in this orientation, minimum creep rates of MMCS were typically

higher than that of the unreinforced matrix [Gambone (1989), Jansson et al. (1991),

Eggleston and Ritter (1995), John et al. (1996)]. In these studies it is generally assumed

that the interface has no strength and that separation of the matrix from the fibers occurs

as soon as the local stress is sufficient enough to overcome the residual thermal stresses.

It has been established that a tensile residual stress singularity exists at the fiber/matrix

interface from residual stresses where fibers intersect a free surface [Warrier et al.

(1996)]. This stress is sufficient enough to result in premature fiber/matrix separation,

which limits the creep resistance of the composite [Miracle and Majumdar ( 1999)]. It

was therefore suggested that this stress singularity must be avoided by embedding the
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fiber in order to obtain minimum creep rates lower than that of the unreinforced matrix

[Miracle and Majumdar (1999)].

2. Tensile Behavior Background

The elongation-to-failure (er) of a material is dependent on dislocation motion.

The von Mises Criterion states that five independent slip systems must be operable for

grains in a polycrystalline metal to undergo a plastic shape change [von Mises (1913)].

Due to its hexagonal structure, the a; phase commonly found in Ti-Al-Nb alloys has a

limited number of active slip systems at ambient and elevated temperatures. Slip in the

HCP structure has been shown to occur most readily on the (0001), {10-10}, and {10-

11} planes in the l/3<11-20> directions [Reed-Hill and Abbaschian (1994)]. This only

yields three slip systems per unit cell, which is less than that necessary to exhibit plastic

shape change according to the von Mises Criterion. Furthermore, these slip systems do

not allow shape change in the <c> direction. Such slip possesses a larger Burger’s vector

and therefore a larger critical resolved shear stress than slip in the <a> direction. Due to

this lack of slip systems, cracking at (lg/(12 grain boundaries is often observed for Ti-Al-

Nb alloys in order to accommodate the stress concentration due to dislocation pileup at (12

phase boundaries [Gogia et al. (1992), Majumdar et al. (1995)].

Although the 0 phase is similar in structure to the (12 phase, the deformation

mechanisms of each phase differ. A previous study of Ti-26Al-21Nb O-based and Ti-

27Al-10Nb org-based alloys revealed that <a> and <c+a> slip systems were active in the

0 phase, while only <a> slip was apparent in the a; phase [Banerjee (1995)]. Based on

this, it was concluded that the relative critical resolved shear stress for the <c+a> slip
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system in the 0 phase was less than that in the (12 phase. For 0 phase alloys, slip occurs

in the [100] direction, on the (001) plane. For prismatic slip, [110] dislocations occur in

the (110) and (001) planes, and for pyramidal slip [114] and [102] dislocations were

observed in the (2-21) plane [Banerjee (1995)].

The close-packed direction in the BCC phase is <111>. However, the BCC

structure lacks a true close packed plane in which dislocation motion can easily occur.

This phase has been shown to have 48 slip systems, which incorporate the {110}, {112},

and {123} family of planes [Reed-Hill and Abbaschian (1994)]. This large number of

slip systems (compared to that of the 0 phase and (12 phase) tends to provide Ti-Al-Nb

alloys with increases in 81‘ and increased fracture toughness.

2.1 Tensile Behavior of Titanium-Aluminum-Niobium Alloys

The tensile properties of Ti-Al-Nb alloys are dependent upon the phase

composition, phase volume fraction, and grain size, where all can be adjusted through

compositional changes and heat-treatments. In particular, the ordering of the BCC phase

has a significant effect on the strength and er of titanium aluminides. A fully 82 Ti-25Al-

24Nb alloy was shown to have an ultimate tensile strength (UTS) of 672 MPa and an (if of

0.6% while a fully B Ti-12AI-28Nb alloy had an UTS of 566 MPa and an 81‘ greater than

27% [Boehlert (2001)]. In the same study, a fully-O phase microstructure of a Ti-25Al-

24Nb alloy had an UTS of 704 MPa and an 8f of 1% [Boehlert (2001)]. Other studies of

alloys containing the (12, BCC, and 0 phases have shown 8r values as low as 0.4% for a

Ti-25Al-21Nb heat-treated at 1050°C for 1h in argon then aged at 815°C for 2h in argon

[Rowe et al. (1991)] and as high as 15.1% for a Ti-15A1-45Nb alloy heat-treated at
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1050°C for 4h then aged at 800°C for 24h [Austin at al. (1993)]. Ultimate tensile

strengths as high as 1415 MPa have been observed for a Ti-22Al-25Nb alloy heat-treated

at 1000°C for 1h in argon then aged at 815°C for 2 h in argon and also for a Ti-22Al-

27Nb alloy heat-treated at 815°C for 1h in argon [Rowe et al. (1991 )].

The RT tensile properties of Ti-25Al— l 7Nb alloys are presented in Table 2.V and

also shown in Figure 2.7. As shown, 8“ values can range from 1.1% to 10.7% depending

on heat treatment. These studies indicate that solutionizing above the BCC transus

temperature was detrimental to the 8f values compared to solutionizing within the (12 +

BCC region. Fracture surfaces revealed a mixture of cleavage, faceted, and ductile

dimple fractures in the (12, O, and BCC phases, respectively [Boehlert er al. (1997),

Boehlert et al. (1997b)].

Slip has been observed to occur within each phase. In the (12 phase slip bands

were planar [Majumdar et al. (1995), Boehlert et al. (1997), Boehlert et al. (1997b)].

This observation was due to the predominant slip system in the (12 phase being a-type

<1120> dislocations on prismatic {01-10} planes and to the lack of <c+a> slip bands

[Court et al. (1990). Shastry and Lipsitt (1977)]. Cracking between the 0.2/0.2 grain

boundaries was predominant, which likely resulted from unavailability of five

independent slip systems, as previously discussed [Majumdar et al. (1995)]. This

therefore suggested that it would be beneficial to limit the number of (lg/(12 grain

boundaries in Ti-Al-Nb alloys. Slip in the 0 phase was also observed to be

predominantly planar [Majumdar et al. (1995), Boehlert et a1. (1997)]. However,

cracking at grain boundaries was less apparent due to the existence of <c+a> slip in the 0

phase and the existence of ductile BCC phase adjacent to the 0 phase, which both
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prevent the development of large stress concentrations due to dislocation pileup

[Muraleedharan et al. (1992)]. Furthermore, there exists a slip compatibility between the

O and BCC phases, where the dominant slip vector in the BCC phase (<1 11>) is parallel

to one of the dominant slip vectors in the 0 phase (<110>). Dislocations have been

shown to transmit from the 0 phase into the BCC phase without deflection and have also

been shown to be jogged at BCC laths [Majumdar et al. (1995)]. When cracks form

around the 0 phase, the BCC phase has been shown to be an effective crack blunter

[Boehlert et al. (1997)]. Slip in the BCC phase has been shown to be wavy, which is

suggestive of cross-slip [Majumdar et al. (1995)]. Based on these observations, the BCC

plays an important role in imparting ductility to O-phase alloys.
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Table 2.V RT Tensile properties of Ti-25Al-17Nb alloys.
 

Phase Volume

 

 

 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

vs UTS 8.
Alloy Heat Treatment Percent 0

a2 BCC 0 (MPa) (MPa) (4)

As-Rolled 64.1 35.9 0 681 775 10.7

IOSOC/lh/q/850C/ 57.5 23.9 18.6 691 906 14.0
2h/fc

1°50 egg/850 0 53.4 25.8 20.8 564 805 10.7

Ti-25Al-17Nb , ,

[Majumdaret IOSOC/Wq/gsoo 41.3 17.6 41.1 745 912 5.5

a" (1995)] 1075°C/21‘li/1/q/850°C/
Forged+Hot 24h/T: 43.3 13.0 43.7 587 780 9.5

Rolled , o O

“25 C/lh/cc/850 C/ 17.1 18.9 64.0 547 785 10.2
2h/fc

1190°C/0.25h/a NA NA NA NA 1154 1.2

1 l90°C/O.25h/a/850°
_ 024% NA 5 NA 783 810 1.1

Ti-25A1-17Nb

[Boehlert et al. 0 .,

(1997)] 1125C/ggtcg/850C/ NA NA NA 547 785 10.2

Forged+Hot

iolled

Ti-25Al-17Nb As-Processed 74.8 16.3 8.9 781 801 1.1

[Boehlert et al.

(1997b)] 1050°C/1h/cc/850°C/
Forged+Hot NFC 64.1 19.2 16.7 670 759 4.0

Rolled

Ti-24.5Al-17Nb

[Krishnamurthy

et al. (1995b)]* As-Processed NA NA NA NA 780 1.1

FoilStack+

HIP

Ti-24.5Al-17Nb As-Processed 75 10 1 5 750 760 1 .3

[Krishnamurthy

et al. (1995)] 1050°C/1h/cc/850°C/
Esme“ MC NA NA NA 760 825 4.1

HIP          
q: quenched; fc: furnace cooled; cc: control cooled 28°C/min; NA: Not available

*Represents averaged results
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Figure 2.7 Heat treating Ti-25Al—17Nb at 1050°C followed by aging at 850°C for two

hours resulted in increases in 8f values, whereas higher-temperature, supertransus heat

treatments embrittled the alloy (unpublished data).
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2.2 Tensile Behavior of Titanium-Alaminum-Niobium-Molybdenum

Alloys

The addition of BCC phase stabilizers to titanium aluminides has resulted in an

increase in 8f values, higher yield strengths, improved creep resistances, and higher

fracture toughness values over ternary TizAle-based titanium aluminides [Rowe (1992),

Tang et al. (2000)]. A compilation of tensile properties of Ti-Al-Nb alloys with Mo

additions is presented in Table 2.VI. While the amounts of Al and Nb vary in the alloys

so that the sole effect of Mo cannot be deduced, increasing amounts of Mo have the

tendency to increase the UTS, but decrease the 8f. Substitutional additions for Nb, such

as Mo, have not resulted in changes to the deformation mechanisms, but Mo has been

shown to be an effective strengthening enhancer [Nandy and Banerjee (2000)].

Table 2.V] The RT tensile properties ofTi-Al-Nb-Mo alloys.
 

 

 

 

 

 

      

. YS UTS 8f

Alloy Processmg Route Heat Treatment (MPaL (MPa) (%)

Ti-24.5A1-17Nb-1Mo F0" 3‘3”“ + HIP As-Processed 688 845 8.4
. + Hot Rolled*

[Knsma‘nurthy 8’ “1' F011 Stack + HIP
(1995)] + Hot Rolled” As-Processed - 806 0.54

Ti-22Al-24.5Nb-1.5Mo Tape ca“ 1 légggr/‘i‘éfiic NA 1070 0'9

[Smlth et al. (1995)] Tape Cast +81 5°C/8wa NA 985 2.0

Ti-22Al-1 1Nb-4Mo 1050°C/ 1h/wq

Tang et al. (2002)1 Forged +850°C/33h/wq 95° 1°00 0'3
 

*Tested in rolling direction

“Tested perpendicular to rolling direction
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2.3 Tensile Behavior of Metal Matrix Composites

Titanium alloys are joined with SiC fibers in an attempt to combine the high

strength and stiffness of the fiber with the damage tolerance of the alloy. The ductility of

the matrix has been shown to significantly influence efficient utilization of fiber strength

during longitudinal loading [Boehlert (1997b)]. When tensile tested with the fibers

parallel to the loading direction, the properties of the MMC are dependent on the ability

of the matrix to distribute the applied load to the fibers. Recent studies have investigated

the tensile properties of various titanium alloys with SCS-6 fiber additions. Several of

the room-temperature (RT) tensile properties of these MMCS are presented in Table

2.VII. As shown, 8; values are typically less than 1.5%. Fractography revealed that fiber

fracture was localized around the fracture plane [Boehlert et al. (1997b)]. This behavior

indicated the lack of global load sharing among the fibers, where if present fiber pull-out

would be expected.

Table 2.VII RT tensile data ofMMCS tested with fibers parallel to the loading direction.
 

UTS [if E

 

 

 

 

 

MMC Heat Treatment (MPa) (%) (GPa)

SCS-6/Ti-25Al-17Nb As-Processed 1367 0.86 192.6

[Boehlert et al. (1997b)] 1050°C/1h/cc/850°C/2h/fc 1579 1.15 170.3

SCS-6/Ti-24.5Al-17Nb

Kristnamurthy et al. (1994)] As-Processed 1490 0.85 NA

SCS-6/T1-24.5Al-17Nb-1Mo As-Processed 1585 1.0 184.6    Kristnamurthy et al. (1995)]
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3. Out-of-Phase Thermomechanical Fatigue Background

Materials used in aerospace applications are subjected to stresses and

temperatures that can vary simultaneously. These conditions are recognized as

thermomechanical fatigue (TMF). TMF tests are important to MMCS in particular since

there exists a large thermal expansion mismatch between the matrix and the fiber, which

leads to high interfacial stresses when subjected to thermomechanical loadings [Mall et

al. (1992)]. Simple TMF conditions are typically used as the basis for more complex

situations. Simple conditions include in—phase TMF, where the maximum/minimum

loads and temperatures occur simultaneously, and out-of-phase (OOP) TMF, where the

maximum load occurs at the minimum temperature and vice versa. Schematics of each

condition are shown in Figure 2.8 and Figure 2.9, respectively.

Under similar stress and temperature levels, TMF testing tends to result in lower

fatigue lifetimes in comparison to isothermal fatigue. Isothermal fatigue tests have been

shown to overestimate lives compared to TMF testing. Therefore TMF better predicts

real life-limiting component behavior [Neu and Sehitoglu (1989), Mall et a1. (1992)].

Previous testing indicates that OOP TMF is dominated by matrix stresses, whereas in-

phase TMF is dominated by the fiber maximum stress [Nicholas et al. (1996), Russ et al.

(1991), Russ et a1. (1995)]. During OOP TMF testing, varying stress states arise within

the fiber and matrix due to the coefficient of thermal expansion (CTE) mismatch between

the fiber and the matrix. At higher temperatures the matrix will attempt to expand more

than the fiber due to the higher CTE of the matrix. In this condition the fiber will

experience a tensile stress while the matrix experiences a compressive stress. Since only

low tensile stresses are placed on samples at high temperatures during OOP TMF, only
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slight increases in stress in the fiber and matrix will occur. At lower temperatures, due to

the CTE mismatch, the matrix will attempt to contract more than the fiber, which results

in a tensile stress state in the matrix and a compressive stress state in the fiber. At the

low temperatures the tensile load on the sample is the greatest. This mechanical loading

is summed with the thermal loading causing an increase in the stress in the matrix and

also negating the thermal compressive stress on the fiber. Therefore, OOP TMF causes

the matrix of the composite to experience a wide range of stress states compared to that

of the fiber, which results in a matrix dominated failure. The maximum fiber stress

remains sufficiently low enough that the fibers do not readily fracture [Neu and Roman

(1993)].
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Figure 2.8 A schematic of in—phase thermomechanical fatigue cycling.
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Figure 2.9 A schematic of out-of-phase thermomechanical fatigue cycling.
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3.1 Out-of-Phase Thermomechanical Fatigue of Titanium-Aluminum-

Niobium Metal Matrix Composites

While the literature is limited, OOP TMF failures of Ti-Al-Nb-based MMCS have

primarily involved extensive cracking initiating at the surface and edges of specimens

[Russ et al. (1991)]. Fracture surfaces of the matrix overload region tended to be smooth

and granular, lacking ductile dimpling [Russ et al. (1991), Russ et al. (1995)]. These

results suggested that failure occurred at low temperatures (150°C), where the matrix

exhibits less ductility. The lack of fiber pull-out observed in GOP TMF failures of Ti-Al-

Nb-based MMCS indicate that fiber bridging does not occur and that the fibers broke in

the crack plane as the crack tip progressed through the composite [Russ et al. (1991)].
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CHAPTER 3

EXPERIMENTAL PROCEDURES

This chapter describes the general experimental methodology used to complete

the specific aims of this study. Included in this chapter are material processing details,

the microstructural characterization equipment and techniques utilized, and the testing

apparati and methods used for the tensile, creep, in-situ creep, bond strength. and out-of-

phase (OOP) thermomechanical fatigue (TMF) testing.

A. Material Processing

1. Alloy Fabrication

Two nominally Ti-24Al-17Nb (at.%) alloys containing approximately 0.66 at.%

or 2.3 at.% Mo quaternary additions were produced in spherical powder form using inert

gas (argon) atomization. All compositions are given in at.% unless otherwise noted. The

powders were size fractioned through mesh size -140/+270 (particle size variation of 53 —

106 um) so that they were compatible with the tape casting process. Alloy tape casting

was done by passing a blade over a powder/binder slurry, which formed a flat, thin sheet

on a plastic film upon drying. Poly(isobutylene) was used as the binder, as it has been

shown to limit the interstitial content of oxygen and carbon in titanium-aluminide metal

matrix composites [Niemann and Edd (1991)]. The rectangular panel dimensions

measured roughly 150 mm x 150 mm x 1 mm. After drying, the cast tape was removed

from the plastic backing before further processing. Binder burn off was performed under

vacuum in an enclosed stainless-steel envelope and was followed by a hot isostatic
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pressing (HIP) consolidation step, which is shown in Figure 3.]. Specimens were cut

fiom the sheets using electron discharge machining (EDM). Although an Ultra SCS-

6/Ti-24Al-17Nb-l.lMo MMC was evaluated, the Ti-24Al-17Nb-1.1Mo alloy was not

evaluated due primarily to monetary funding limitations.

2. Metal Matrix Composite Fabrication

The four-ply metal matrix composites (MMCS), which were tape cast in a similar

manner as the alloys, contained matrix compositions of Ti-24Al-1 7Nb-0.66Mo, Ti-24Al-

l7Nb-l.1Mo, and Ti-24Al-17Nb-2.3Mo. The MMCS contained continuous SiC-based

fibers, termed Ultra SCS-6 due to their increased strength compared with SCS-6 fibers

[Smith et al. (1997), Rosenberger et al. (1997)]. For the MMCs, the blade was passed

over a fiber mat. The fiber mat was prepared by winding fibers at a desired spacing

around a drum covered with a silicon-coated plastic sheet. The binder was coated onto

the sheet before and afier the fibers were wrapped, and upon drying the mats were

removed and trimmed. One fiber ply sheet was tape cast on both sides and used as the

outer ply. The MMC was formed when four mats were stacked, encapsulated to enable

binder burn off, and HIPed for consolidation. A schematic of the MMC HIP conditions

for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo

MMCS is given in Figure 3.2. The Ultra SCS-6/Ti-24Al-l7Nb-1.1Mo MMC panel was

HIPed at a temperature of 1093 °C and pressure of 103.4 MPa for three hours. It is noted

that this pressure is slightly higher than that used on the Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS. EDM was used to cut samples

from the consolidated sheets.
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Figure 3.1 A schematic depicting the time-temperature-pressure relationship for

processing the alloys. PC = controlled furnace cool at -l.94°C/min. AC = air cooled.
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Figure 3.2 A schematic of the time-temperature-pressure relationship for processing the

Ultra SCS-6/Ti-24Al-17Nb-066Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS. FC

= controlled firmace cool at -1.94°C/min. AC = air cooled.
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3. Post-Consolidation Heat Treatment

The as-processed (AP) materials were evaluated in room-temperature (RT) tensile

experiments. Previous investigations on Ti-22Al-23Nb and Ti—25Al-17Nb alloys had

indicated improvements in tensile properties (particularly RT 8f) could be achieved by

heat treating near the BCC transus to reduce the volume fraction of primary 012 phase

[Boehlert et al. (1997b), Smith and Porter (1997), Krishnamurthy et al. (1998)]. Thus, a

heat-treatment schedule was developed to dissolve some of the primary or; phase and

stabilize the orthorhombic phase (O-phase), without significantly increasing the prior-

BCC grain size. This heat-treatment schedule, depicted in Figure 3.3, was performed on

alloy and MMC coupons used for the RT and 650°C tensile experiments, bond strength

tests, and all the creep and GOP TMF experiments.
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B. Material Characterization

1. Chemical Composition Analysis

Samples of the Ti-24Al-17Nb-xMo alloys and MMCS were submitted to the Leco

Corporation (St. Joseph, M1) for bulk chemical analysis. Weight percentages of Ti, Al,

Nb, Mo, and Fe were determined using inductively coupled plasma optical emission

spectroscopy (ICP-OES) and inert gas fluorescence (IGF). Oxygen and nitrogen weight

percentages were found using a Leco Corporation TC600 oxygen/nitrogen analyzer.

Each test was performed in triplicate and the average numbers were reported.

Microprobe analysis was conducted on a JEOL 8200 electron probe microanalyzer using

a filament voltage of 15 kV and an emission current of 20 mA to determine the atomic

percentages of Ti, Al, Nb, and M0 in each phase. Multiple points in each phase were

analyzed, and the results were averaged. Energy dispersive spectroscopy (EDS) was also

performed to qualitatively analyze the distribution of the elements in each phase.

2. Metallography Preparation

Samples were prepared for backscattered electron (BSE) scanning electron

microscopy (SEM) by sectioning the material into three different orientations (labeled

face (F), transverse (T), and longitudinal (L)), as shown in Figure 3.4. The sections were

made using a Struers Labotom-3 abrasive saw with a silicon carbide (SiC) blade or a

Buehler lsometTM low speed saw with a diamond blade. Sectioned samples were cleaned

in acetone and ethanol and then mounted in KonductometTM using a Buehler Pneumet®-I

mounting press forming 2.54 cm diameter mounts. The mounts were collectively ground

using SiC paper of successively finer grit size. A typical schedule consisted of 60 grit,
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240 grit, 400 grit, and then 600 grit. Following grinding, 9 um and 1pm diamond paste

suspensions were used to polish the mounted samples. Colloidal silica containing an

average particle size of 0.05 um was the final polish used to produce a mirror finish.

Afier polishing, the mounted samples were rinsed again in acetone and ethanol to remove

any residual colloidal silica solution. Total polishing times ranged from 30 minutes to

greater than 2 hours.

3. Microscopy

Scanning electron microscopy was performed to characterize the as-processed

(AP) and heat-treated (HT) microstructures of both the alloys and MMCS. The

microstructures were imaged using backscattered electron (BSE) mode on a CamScan

44FE field emission scanning electron microscope (SEM) and a Quanta FEG 600

Environmental SEM. The magnifications ranged from 100X to 30,000X. The

micrographs were used to determine the grain size, phase volume percentage, and phase

morphology.
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Figure 3.4 A schematic of the three different sheet orientations which were evaluated for

the materials in the microstructural characterization.
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4. Phase Volume Percentages

When imaging in BSE mode, the contrast in the micrographs is dependent on the

density of the material being bombarded with electrons within the SEM. The number of

backseattered electrons escaping fiom the sample is pr0portional to the atomic number of

the material being imaged. Therefore, phases containing lighter elements appear darker

in contrast compared to phases containing heavier elements. The 012 phase exhibited the

darkest contrast, the BCC phase exhibitied the lightest contrast, and the O-phase

exhibited intermediate contrast between that of the 012 and BCC phases. The SiC fibers

yielded smaller amounts of backseattered electrons compared with the phases present

within the alloys. Therefore, the fibers exhibited darker contrast than the alloy phases.

To determine the phase volume percentages of the alloys and matrices a minimum of five

low magnification (500x —— 2000X) images, taken from each of the three sheet

orientations, were analyzed using Image] software. Using this software the pixels within

the phases were shaded to different contrasts and evaluated with an area-fiaction analysis

macro. The macro counts the pixels shaded and divides that value by the total number of

pixels in the image. This analysis was conducted on each alloy and MMC matrix and the

average phase volume percentages were determined. Fiber volume fractions were also

determined for each MMC in the same manner. In some cases the contrast between the

fine BCC and O-phases within the alloys and matrices was indiscemible to the ImageJ

software. Therefore, the phase volume percentages were determined as 012 and O + BCC

phase volume percentages.
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5. Grain Size Determination

The average equiaxed grain size of the alloys and MMCS was determined using

the Mean Line Intercept Method [Hilliard (1964)]. A minimum of seven

photomicrographs of different magnification, taken from various locations of the alloy

and matrix, were analyzed, and the results were averaged. The grains containing a lath

morphology were excluded from the analysis. Therefore, the grain sizes represent the

average size of the equiaxed phases present in the microstructures (i.e. the 012 phase grains

and the O+BCC colonies).

Grain sizes were also determined individually for the 012 phase grains and the

O+BCC colonies using micrographs taken at 2000x and representative of the bulk of the

microstructure (i.e. each micrograph contained a minimum of roughly 100 total grains

and colonies). Each grain or colony size was determined by finding the approximate

center then drawing a minimum of four diagonals through this point to the edge of the

grain or colony. A minimum of ten grains and colonies were analyzed for each

composition, and the results were averaged. The average diameters were multiplied by

1.74 (similar to the Mean Line Intercept Method) to obtain the average grain size of each

012 grain and O+BCC colony. It is noted that the O-phase transformed from the BCC-

phase and thus the O+BCC colony size represented the prior BCC grain size.

6. Differential Thermal Analysis and Disappearing-Phase Technique

An estimation of the BCC transus temperature for each alloy composition was

obtained using differential thermal analysis (DTA). Tests were conducted on a TA

Instruments Thermal Analysis Differential Scanning Calorimeter. The Ti-24Al-17Nb-
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0.66Mo and Ti-24Al-17Nb-2.3Mo alloys were sectioned into small samples weighing

34.7 mg and 37.5 mg, respectively. Each sample was individually placed into an alumina

pan. The samples were heated separately in an argon atmosphere using a blank alumina

pan as a reference standard. The heating schedule consisted of an equilibration at 600°C

followed by a heating to 1200°C at a rate of 5°C/minute. The temperature difference

between the reference pan and the sample pan were recorded throughout the test, and the

phase transformations were determined where endothermic and exothermic fluctuations

occurred, as noted by peaks and valleys in the temperature difference versus temperature

plots.

The disappearing phase technique was used to verify the BCC transus

temperatures. Using this method samples were heat treated at a given temperature for a

minimum of 8 h then quenched. The alloys in this study were heated at temperatures of

1100°C, 1115°C, 1130°C, 1145°C, 11.60°C, and l200°C. The samples were wrapped in

tantalum foil then encapsulated in quartz tubing backfilled with argon. After the heat

treatments were complete the quartz tubes were quenched in water and the tubes were

broken to remove the samples. Once cooled the alloys were mounted in a conductive

resin, ground using SiC paper, and metallographically polished through 0.05 pm colloidal

silica. The polished samples were viewed in an SEM in backscattered electron mode to

observe the phases within the microstructure. The BCC-transus temperature was

suggested to occur at a temperature between that temperature where the 012 and BCC

phases were observed and the lowest temperature where no 012 phase was observed.
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7. BCC Phase Ordering Analysis

Depending on the composition and heat treatment, the BCC phase in Ti-Al-Nb

alloys can be ordered (32) or disordered ([3) [Kestner-Weykamp et al. (1989), Bendersky

et al. (1991), Rhodes et al. (1993)]. Determination of BCC phase ordering was

accomplished using x-ray diffraction (XRD), where Ti-24Al-17Nb-0.66Mo and Ti-24Al-

17Nb-2.3Mo alloy samples were scanned to examine the existence of the (210)

superlattice reflection. This superlattice reflection only occurs when the BCC phase is

ordered. With a lattice parameter of 0.323 nm, the (210) superlattice reflection occurs at

a 20 angle of approximately 64°. XRD scans were performed at 35kv and 25mA on an

XDS 2000TM (Scintag Inc. USA) using a count time of 30s with a 001° 20 step size.
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C. Mechanical Testing

1. Sample Preparation

1.1 Tensile Experiments

The tape cast sheets were cut into dog bone specimens whose dimensions

measured 101 mm in length with a 7.5 mm wide reduced gage section. An image of the

sample (to scale) is provided in Figure 3.5.

1.2 Creep Experiments

For the creep experiments, typical coupon dimensions of the alloy and MMC

samples were 125 mm in length with a 12 mm wide reduced gage section. The edges of

the sample were ground with 240 grit SiC paper to remove any recast layers that may

have formed during the EDM cutting process. Figure 3.6 depicts a sketch of the MMC

sample with fibers perpendicular (90°) to the loading direction used for creep testing.

1.3 In-situ Creep Experiments

For the in-situ tensile-creep experiments, specially-designed specimens containing

a gage section of 10 mm in length were used. A slight (0.6 mm) reduction in the width of

the sample near the middle of the gage section was introduced to ensure that the

maximum stresses and failure occurred at this location. Prior to testing, in-situ tensile-

creep specimens were glued to a metallic platen and polished through a 0.06 pm colloidal

silica finish using an automatic polishing machine, which allowed for optimal analysis

using BSE SEM. An image of the specimen geometry used is provided in Figure 3.7.
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Figure 3.5 A digital scan of the samples used for room temperature and high temperature

tensile tests.

Loading Direction

  
 

 

 

                            

Figure 3.6 A schematic of the MMC samples used for creep testing. The dog bone

contains fibers that are perpendicular (90°) to the loading direction.

 

Figure 3.7 A photograph of the alloy tensile-creep dog bones used for in-situ creep

testing.
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1.4 Bond Strength Experiments

For evaluating the interfacial bond strength, specially-designed cruciform

specimens were used, Figure 3.8 and Figure 3.9, which contained fibers oriented

perpendicular to the loading direction. This geometry was used to avoid the stress

singularity at the edges of the sample, forcing the maximum tensile stress at the fiber-

matrix interface to occur at the center of the cross [Boehlert et al. (2001)]. Further

explanation of the stress state in cruciform samples is provided in Chapter 5.

Micromeasures, Inc. strain gages were used for these experiments and were adhered to

the center of the cruciform section using standard procedures involving high strength,

low-temperature resin-based glue.

1.5 Out-of-Phase Thermomechanical Fatigue Experiments

The MMC test coupons used for out-of-phase (OOP) thermomechanical fatigue

(TMF) testing measured 125 mm in length with a 12 mm reduced gage section, similar to

the dimension of the samples used for creep testing. For these tests, the fibers in the

MMCS were aligned parallel (0°) to the loading direction. Sample edges were ground

with 240 grit paper to remove any recast layers that may have formed during EDM

sample cutting. A sketch of the coupons is shown in Figure 3.10.
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Figure 3.8 A photograph of a cruciform MMC specimen used for bond strength

evaluation. The scale is in mm and the fibers were oriented vertically in the MMC.
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Figure 3.9 A schematic of the cruciform specimen geometry with fibers oriented

perpendicular to the loading direction (vertical) showing the strain gage (SG) placement

in the center of the cruciform.
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Figure 3.10 A schematic of the samples used for OOP TMF testing. The dog bones

contains fibers that run parallel (0°) to the loading direction.
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2. Tensile Testing

2.1 Room Temperature Tensile Tests

The RT tensile tests were performed on AP and HT alloy and MMC coupons

using an Instron 4206 tensile testing machine (Figure 3.11) equipped with a 100 kN load

cell. Strain was measured during the tests with an MTS model 632.31F-24 12 mm gage-

length extensometer attached directly to the gage section of the sample. All tests were

conducted in displacement control at an equivalent strain rate of 10'3 s"'. The 0.2% yield

strength (YS), ultimate tensile strength (UTS), and elongation-to-failure (8f) values were

recorded for each test. Young’s modulus (E) values were determined from the slope of

the elastic portion of the stress-strain curve. At least one test was conducted for each

composition and heat treatment.
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Figure 3.11 A photograph of the Instron 4206 tensile testing machine used for room—

temperature tensile testing.
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2.2 Elevated Temperature Tensile Tests

Elevated temperature tensile experiments were conducted on only HT alloy and

MMC specimens. The MMCS were tested with the fibers parallel to the loading

direction. These experiments were performed in laboratory air, using a horizontal servo-

hydraulic test machine (Figure 3.12 and Figure 3.13) controlled by automated test

software [Hartman and Russ (1989)]. The specimens were precisely aligned, ensuring

truly uniaxial loading, using uniquely-designed friction grips. Strain was monitored

using a high-temperature extensometer containing alumina rod arms with a gage length of

13 mm. The heating unit contained six quartz lamps, two banks of three lamps each,

oriented perpendicular to the loading axis, one above and one below the specimen.

Temperature control and measurement were accomplished using three thermocouples

spot-welded to each specimen providing three zones of control with two lamps per zone.

A 25 mm section in the center of the specimen was uniformly heated (i3°C of the target

temperature), while the specimen ends were kept near ambient temperature through the

use of the water-cooled fiiction grips. The 650°C tensile tests incorporated a 600 second

ramp to temperature with a minimum of 20 minutes hold at the target temperature before

loading. Such tests were conducted using a stress rate of approximately 2 MPa/s. The

YS, UTS, 8f, and temperature were recorded for each test. The Young’s modulus was

determined by fitting a linear trend line to the elastic portion of the stress-strain curve.

Two Ti-24Al-17Nb-0.66Mo alloy samples and one Ti-24Al—17Nb-2.3Mo alloy sample

were tensile tested at 650°C. For the Ti-24Al-17Nb-0.66Mo alloy, the average tensile

properties were reported. Only one test for each MMC composition was performed.

82



 
Figure 3.12 A photograph of the servo-hydraulic testing frame used for high-temperature

tensile, MMC creep, and GOP TMF MMC testing.
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Figure 3.13 A photograph of the horizontal servo-hydraulic testing chamber showing a

gripped sample with an attached extensometer and two banks of quartz lamps.
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3. Creep Testing

3.1 Alloy Creep Testing

Open-air tensile creep experiments were performed on vertical Applied Test

System, Incorporated (ATS) load frames (2410 and 2710 series) with a 20:1 lever-arm

ratio, see Figure 3.14. The test temperatures and applied stresses ranged between 650°C-

710°C and 29-275 MPa, respectfully. The load cells used for the 2410 and 2710 series

frames were a WSM 500 lb (Model AB) and a WSM 100 lb (Model ABIOO-T),

respectively. The load cells were located above the weights (see Figure 3.14), thus the

specimens could be examined at loads up to 20 times the maximum capacity of the load

cell. Although the experiments were constant load, in most cases the reduction in cross-

sectional area was not sufficient to significantly alter the stress. Therefore, the stresses

were assumed to be constant. Strain was measured using a 25.4 mm gage length ATS

high-temperature extensometer attached directly the specimen’s gage length. Linear

variable differential transformers (LVDTs), with a strain resolution of 0.0001 , were used

to track the displacement of the extensometers and output the data to the computerized

data acquisition system. The data acquisition system software utilized was Labview

Version 7.1. This system did not control the experiment, but it collected strain, LVDT

displacement, load, and time data at desired time intervals.

Specimen temperatures were monitored by three chromel-alumel type K

thermocouples located within the reduced section of the specimen. One thermocouple

was spot-welded directly to the gage section of the sample and two thermocouples were

placed near the gage of the sample. Targeted temperatures were maintained within i

3°C. ATS single-zone (3320 series) furnaces with MoSi2 heating elements were used for
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Figure 3.14 A picture of an ATS creep frame used to test the alloys in this work.
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the creep testing. The experiments were conducted such that the specimens were soaked

at the creep temperature for at least 60 minutes prior to applying load in order to

minimize the thermal stresses. After the creep strain had proceeded well into the

secondary regime and a steady-state creep rate was achieved, either the load or

temperature was changed or the creep test was discontinued. The tested specimens were

cooled under load to minimize recovery of the deformed structures. Selected specimens

were taken to failure. Calculated steady—state creep rates were determined for each

stress/temperature combination. These values were then used to determine creep stress

exponents and apparent activation energies.

3.2 Metal Matrix Composite Creep Testing

Open-air experiments were performed using the horizontal servohydraulic test

machine described previously for the high temperature tensile tests. The test

temperatures and applied stresses ranged between 650°C — 710°C and 10 — 75 MPa,

respectfully. The experiments were constant load, and in most cases the reduction in

cross-sectional area was not sufficient to significantly alter the stress. Therefore, the

stresses were assumed to be constant. Specimen temperatures were monitored by three or

four chromel-alumel type K thermocouples located within the reduced section of the

specimen. Targeted temperatures were maintained within i 3°C. The experiments were

conducted such that the specimens were soaked at the creep temperature for at least 60

minutes prior to applying load in order to minimize the thermal stresses. The time to

reach the maximum creep load was five seconds or less, and the time, load, temperature,

and strain were recorded periodically throughout the experiments. After the creep strain
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had proceeded well into the secondary regime and a steady-state creep rate was achieved,

either the load or temperature was changed or the creep test was discontinued. The tested

specimens were cooled under load to minimize recovery of the deformed structures.

Selected specimens were taken to failure.

3.3 In-Situ Creep Testing

One method previously used to evaluate grain-boundary sliding during creep

experimentation involved fiducially marking a metallographically polished sample. Once

, marked, the sample was imaged prior to testing in a vacuum environment then creep

tested and imaged after different strain intervals were imposed. While this methodology

allows for localized strains to be calculated using the offset in the fiducial marking

between grains, it is not optimal for characterizing the grain-boundary sliding

phenomenon because such tests need to be discontinued to image the deformation at a

given strain level. Therefore, the test must be restarted from zero load and room

temperature causing a new transient creep stage each time the sample is discontinued and

imaged. Such unloading and reloading can affect the creep deformation behavior. Using

the in-situ testing methodology performed in this work the creep test is conducted

continuously, and therefore undergoes similar deformation mechanisms experienced in

conventional creep experiments without interruption.

The in-situ tensile-creep tests were performed at temperatures between 650-710°C

using a screw-driven tensile stage (built by Ernest F. Fullam, Incorporated, Clifton Park,

NY) placed inside a CamScan 44FE SEM chamber. A depiction of the setup is given in

Figure 3.15. Temperature was controlled using a constant-voltage power supply which
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provided output to a 1 cm diameter tungsten-based heater located just below the gage

section of the sample. An open-bath, closed-loop chiller was used to circulate distilled

water at RT through copper tubes to prevent the tensile stage from overheating. A fine-

gage type K thermocouple was spot-welded to the gage section of each sample. After the

sample’s gage-section temperature reached the desired creep temperature, a 30 minute

period was given to stabilize the thermal stress prior to applying load. The load, which

was measured using a 4,448 N load cell, was applied at 3.7 N/s until reaching the desired

creep stress. The tests were considered constant load, where the stress fluctuation varied

21:3 MPa. The load-displacement relationship was recorded and depicted live during the

experiments using MTESTW version F 8.8e data acquisition and control software

(Admet, Inc., Norwood, MA). It is noted that the displacement data acquired during the

experiments comprised that of the sample as well as the gripping fixtures. Backscattered

electron SEM images were taken before loading and at periodic displacements

throughout the creep experiments without interrupting the experiment. Such experiments

lasted up to six days while the SEM chamber vacuum pressure never fell below 10'6 torr.

Therefore, oxidation did not significantly affect the imaging characterization. A detailed

procedure involving the steps used to conduct such experiments can be found in reference

Cowen (2006).
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Figure 3.15 A photograph of the in-situ tensile-creep stage inside a Quanta 200

Environmental SEM chamber.
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4. Bond Strength Testing

The interfacial bond strength was determined through RT tensile experiments

using cruciform-geometry specimens, where the fibers were oriented perpendicular to the

loading direction. The cruciform geometry forces the maximum tensile stress at the

fiber-matrix interface to occur at the center of the cross removing the stress singularity

that exists where the fiber-matrix interface intersects the free surface. Rectangular

specimen geometries have been shown to result in premature debonding and invalid bond

strength measurements [Majumdar et al. (1998), Boehlert et al. (2001), Gundel et al.

(1995), Gundel et al. (1995a), Warrier et al. (1996), Gundel and Miracle (1998), Gundel

et al. (1997)]. A uniaxial strain gage was attached directly to the center of the cruciform

to locally monitor the strain. These experiments were performed at room temperature

under a constant loading of 25 lbs/min (0.74 MPa/s) using the Ernest Fullam, Inc. tensile

stage described in Section 3.3 of this chapter. At least three tests were conducted for

each MMC composition and the interfacial bond strength was determined from the onset

of nonlinearity of the engineering stress/strain curve using the Pearson correlation. The

fracture surfaces and longitudinal surfaces of deformed samples were imaged using SEM

to determine the debonding location.
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5. Out-of-Phase Thermomechanical Fatigue Testing

OOP TMF tests were conducted on the same test frame as that described in

Section 2.2 of this chapter, and the setup is shown in Figure 3.16. All tests were

conducted in load control with a stress ratio (R) of 0.1. The maximum applied stress

ranged from 200 — 600 MPa, and the temperature ranged from 150°C — 450°C. The

temperature and load frequency was 0.00556 Hz (3 minute cycles), where the maximum

loading occurred at the minimum temperature. Both the load and temperature were

driven by an MTS Flex Test SE Controller using Multipurpose Testware software. The

specimens were precisely aligned, ensuring truly uniaxial loading, using uniquely-

designed fiiction grips. Strain was monitored using a high-temperature extensometer

containing alumina rod arms with a gage length of 13 mm. The temperature was

monitored and controlled using four thermocouples placed directly over the heated zone.

Two sets of quartz lamps (four lamps total) were used to heat the sample, allowing for

local control of the temperature. Forced air was blown over and under the sample to

assist in cooling. The time, temperature, load, displacement, and strain were measured at

periodic intervals along with the peak and valley strain data. All samples were run until

failure or until deemed ‘run-out’ (> 8000 cycles, which was achieved in more than 16

days). Microstructure-fatigue relationships were developed using S-N (stress vs. cycle)

and strain vs. time plots.
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Figure 3.16 A photograph of the servo-hydraulic test frame set up for GOP TMF testing

of the MMCS.
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CHAPTER 4

RESULTS

This chapter presents the results obtained from the microstructural

characterization, mechanical property testing, and deformation characterization. It is

broken down into subsections of microstructure analysis, creep behavior, MMC

interfacial debond analysis, tensile behavior, and MMC out-of-phase (OOP)

thermomechanical fatigue (TMF) behavior. The microstructural analysis of the alloys is

described first followed by the microstructural analysis of the MMCs. The creep

behavior is described for the alloys and 90° MMCS, and characteristics of the interfacial

debonding of the 90° MMCS is also included. The tensile behavior of the alloys and 0°

MMCS is described prior to the final section on 0° MMC OOP TMF behavior.

A. Microstructure Analysis

1. Bulk Chemical Compositions

The chemical compositions of each of the alloys and each of the matrices within

the MMCS are provided in atomic percent in Table 4.1. It is noted that the targeted

compositions were maintained adequately well in each alloy and MMC, and that the

oxygen content was typical for powder-processed titanium alloys, but significantly

greater than that observed in alloys processed by more conventional methods [Rhodes et

al. (2000), Smith et al. (1999), Smith et al. (2000), Zhang et a1. (1998)]. The oxygen

content of the Ti-24Al-l7Nb-0.66Mo alloy was approximately 200 ppm larger than that

for the Ti-24Al-l7Nb-2.3Mo alloy. The oxygen content is important because oxygen
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atoms occupy the interstitial sites and serve to stabilize the 012 phase. This results in an

increase in the BCC-transus temperature, and in turn a greater 012-phase volume percent.

Greater 012—phase volume percents can be detrimental to some mechanical properties. In

particular, such increases have been shown to decrease elongation-to-failure (er) values

[Akkurt et al. (1991), Boehlert et al. (1997), Gogia et al. (1992), Gogia et al. (1998)].

Table 4.1. Chemical compositions of the alloys and matrices in the MMCS.

 

 

 

 

 

 

 

Nominal Composition Ti (at%) A1 (at%) Nb (at%) M0 (at%) 0 (ppm)

Ti-24Al- l 7Nb-0.66Mo balance 22 .2 16.3 0.66 1830

Ti-24Al-17Nb-2.3Mo balance 24.4 1 7.2 2 .3 l, 670

Ti-24Al-l7Nb-0.66Mo MMC balance 24.6 16.1 0.65 na

Ti-24Al-l7Nb-l.1Mo MMC balance 24.9 17.3 1.1 na

Ti-24Al-17Nb-2.3Mo MMC balance 25.2 17.3 2.3 na      
na: not available

2. Differential Thermal Analysis and Disappearing Phase Technique

The differential thermal analysis curves for the Ti-24Al-l7Nb-O.66Mo alloy and

the Ti-24Al-17Nb-2.3Mo alloy are shown in Figure 4.1. Phase changes are indicated by

peaks and valleys, corresponding to endothermic and exothermic reactions associated

with a phase change within the material. In particular, the temperature at which the

O+BCC phase field and the fully-BCC phase field intersect is important to determine so

that heat-treatment schedules can be used to tailor the microstructure and in particular the

grain size of the alloys. It is well documented that the BCC grain size increases rapidly

for heat treatments performed above the BCC-phase transus temperature. Based on the
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reactions indicated in Figure 4.1, the BCC transition temperature for the Ti-24Al-17Nb-

0.66Mo alloy occurred between 111 1°C — 1151°C. Similarly, the transus temperature for

the Ti-24Al-17Nb-2.3Mo alloy occurred between 1 124°C — 1 164°C.

The Ti-24Al-l7Nb-0.66Mo and Ti-24Al-l7Nb-2.3Mo alloy microstructures

resulting from the 8 h heat treatments ranging from 1100°C — 1200°C are shown in Figure

4.2 and Figure 4.3, respectively. In these backscattered electron (BSE) scanning electron

microscope (SEM) photomicrographs the dark, equiaxed grains, which were less than 10

pm in diameter, correspond to the 012 phase, while the BCC phase is represented by the

larger and brighter equiaxed grains. No 0 phase was present in any of the

microstructures. For the Ti-24Al-17Nb-0.66Mo alloy, the 012 phase was present in the

microstructures heat treated at 1100°C and 1115°C, but the (12 phase was not present in

the microstructures of the samples heat treated at higher temperatures. For the Ti-24Al-

17Nb-2.3Mo alloy, the 012 phase was present within the 1100°C, 1115°C, and 1130°C

heat-treated microstructures, but was not present in alloys heat treated at 1145°C, 1160°C,

and 1200°C. These results indicate that the BCC transus temperature lies between

1115°C — 1130°C for the Ti-24Al-l7Nb-0.66Mo alloy and between 1130°C — 1145°C for

the Ti-24Al-17Nb-2.3Mo alloy. These values fall within the expected range based on the

phase map presented in Chapter 2, and closely match the 1130°C transition temperature

of a Ti-22Al-14Nb alloy [Boehlert et al. (l997a)].
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Figure 4.1 Differential thermal analysis scans for the Ti-24Al-l7Nb—0.66Mo alloy and

the Ti-24Al-l7Nb-2.3Mo alloy plotting the temperature difference between the standard

and the sample versus temperature of the standard. Based on the reactions indicated, the

BCC transition temperature for the Ti—24Al-l 7Nb-0.66Mo alloy occured between 1 l 11°C

and 1151°C. Similarly, the transus temperature for the Ti-24Al-17Nb-2.3Mo alloy

occurred between 1124°C and 1164°C. The transition temperature range determined

using the disappearing phase technique is indicated on each scan by a thick black line.
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Figure 4.2 BSE SEM images of the Ti-24Al-l7Nb-0.65Mo alloy heat treated at (a)

1100°C, (b) 1115°C, (c) 1130°C, (d) 1145°C, (e) 1160°C, and (f) 1200°C.
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Figure 4.2 BSE SEM images of the Ti-24Al-l7Nb-0.65Mo alloy heat treated at (a)

1100°C, (b) 1115°C, (c) 1130°C, (d) 1145°C, (e) 1160°C, and (f) 1200°C.
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Figure 4.3 BSE SEM images of the Ti-24Al-17Nb-2.3Mo alloy heat treated at (a)

1100°C, (b) 1115°C, (C) “30°C, (d) l 145°C, (e) “60°C, and (f) 1200°C.
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Figure 4.3 BSE SEM images of the Ti-24Al-l7Nb-2.3Mo alloy heat treated at (a)

1100°C, (b) 1115°C, (c) 1130°C, (d) 1145°C, (e) 1160°C, and (f) 1200°C.
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3. Microstructures

3.1. As-Processed and Heat-Treated Alloy Microstructures

The alloy microstructures consisted of (12 grains (dark phase) and O laths (gray

phase) in a BCC matrix (white phase). BSE SEM photomicrographs of the as-processed

(AP) and heat-treated (HT) Ti-24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo

microstructures are shown in Figure 4.4 -— Figure 4.7. The 012 phase morphology was

equiaxed, while the 0 phase precipitated out of the equiaxed BCC phase in a

Widmanstatten lath morphology. There was a semi-continuous network of 012 observed

throughout the Ti-24Al-l 7Nb-0.66Mo and Ti-24A1-l 7Nb-2.3Mo alloys in the AP and HT

conditions. The heat treatment served to produce thermally stable microstructures that

contained varying amounts of the O and BCC phases, grain sizes, phase compositions,

and phase morphologies. The heat treatments reduced the amount of 012-phase contiguity

within the microstructure, as observed by comparing the Ti-24Al-17Nb-0.66Mo alloy

microstructures in Figure 4.4(a) and Figure 4.6(a) and the Ti-24Al-l7Nb-2.3Mo alloy

microstructures in Figure 4.5(a) and Figure 4.7(a). The Ti-24Al-l7Nb-2.3Mo

microstructure exhibited less contiguity of the 012 phase than the Ti-24Al-l7Nb-0.66Mo

microstructures. The heat treatment and higher amounts of Mo resulted in a finer,

submicron O+BCC structure, as shown in Figure 4.5(b), Figure 4.6(b) and Figure 4.7(b).

[A modest amount (less than 1 vol.%) of porosity was observed within the alloys, as

shown in Figure 4.4(a). This porosity was most likely due to incomplete consolidation

during the HIP cycle and was expected to have had a detrimental effect on all mechanical

pI’Operties, especially elongation-to-failure (81), due to the associated stress concentration

at the pores.
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 (b)

Figure 4.4 (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

AP Ti-24Al-l7Nb-O.66Mo alloy. Some residual porosity remained (< 1%) and is shown

in (a) within the dashed circle. The O-phase (gray) lath thickness was considered to be

relatively large compared to that observed in the HT Ti-24Al-I7Nb-0.66Mo and the AP

and HT Ti-24Al-17Nb-2.3Mo alloys.
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Figure 4.5 (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

AP Ti-24Al-17Nb-2.3Mo alloy. The O-phase lath (gray) size is much finer for the AP

Ti-24Al-17Nb-2.3Mo alloy as compared to the AP Ti—24Al-17Nb-0.66Mo alloy (see

Figure 4.4 (b)).
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FigUre 4.6 (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

HT Ti-24Al-17Nb-O.66Mo alloy. The heat treatment resulted in finer O-phase lath

Widths (see Figure 4.4 (b) for comparison) and less (12 phase volume fraction.
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ion BSE SEM micrographs of

HT Ti-24Al-l7Nb-2.3Mo alloy. The heat treatment resulted in finer O-phase lath widths

Figure 4.7 (a) Low-magnification and (b) high-magnificat

) and less 012 phase volume fraction.lSOTl(see Figure 4.5 (b) for compar
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3.2 Heat-Treated Metal Matrix Composite Microstructures

All of the microstructures of the MMCs were heat-treated prior to imaging.

Provided in Figure 4.8 — Figure 4.10 are BSE SEM micrographs of the matrices. In

general, the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo

matrices were similar in microstructure and make up to their alloy counterparts. The

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo matrix revealed differences compared with the other

MMC matrix microstructures. The O-phase laths appeared more coarse that those in the

Ultra SCS-6/Ti-24Al-17Nb-066Mo and Ultra SCS—6/Ti-24Al-17Nb-2.3Mo matrices.

Reductions in the size of the equiaxed 012 grains were evident in the Ultra SCS-6/Ti-24Al-

l7Nb-2.3Mo matrix compared to that of the Ultra SCS-6/l‘i-24Al-17Nb-066 and Ultra

SCS-6/Ti-24Al-17Nb-l.1Mo matrices. The Ultra SCS—6/Ti-24Al-17Nb-1.1Mo matrix

exhibited the largest 012 grain size. Therefore, the smaller amounts of Mo tended to have

a less significant affect on reducing the 012 grain size.
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Figure 4.8. (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

matrix microstructure for the HT Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo MMC.
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Figm‘e 4.9 (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

matrix microstructure for the HT Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC.
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Figure 4.10 (a) Low-magnification and (b) high-magnification BSE SEM micrographs of

matrix microstructure for the HT Ultra SCS-6/Ti-24Al-17Nb—2.3Mo MMC.
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For the MMC panels, the fiber distribution was relatively uniform, and in general,

the fiber-matrix interface was well consolidated, see Figure 4.11 — Figure 4.13. Each of

the MMCS consisted of four layers of continuous Ultra SCS-6 fibers sandwiched within

the matrix. All of the fibers extended to the end of the consolidated sheets, and no fully-

embeded fiber samples were processed. The fiber volume fraction of the MMCs were

measured to be 0.35 :1: 0.05, 0.35 i 0.02, and 0.35 i 0.1 for the Ultra SCS-6/Ti-24Al-

l7Nb-0.66Mo, Ultra SCS-6/Ti-24Al-l7Nb-l.1Mo, and Ultra SCS-6/Ti-24Al-17Nb—

2.3Mo MMCS, respectively. The matrix region near the fiber-matrix interface was

depleted of the O+BCC phases and enriched in the 012 phase. This is a result of the

reaction between the fiber and matrix during consolidation and subsequent heat treatment

as when carbon diffuses across the interface it stabilizes a greater volume fraction of the

012 phase [Krishnamurthy and Miracle (1997)]. The reaction zone between the matrix and

the outer coating for each MMC was between 1 — 2.5 pm thick. While no compositional

analysis of the reaction zone was performed in this work, a previous study of a Ti-6Al-4V

(wt.%)/SCS-6 interface determined the reaction zone to consist of layers containing

Ti58i3 and TiC, as diagramed in Figure 4.14 [Gundel and Miracle (1997)].

A micrograph of a single Ultra SCS-6 fiber is shown in Figure 4.15. The fiber

consisted of a 33 um diameter carbon monofilament over-coated with a 1.5 pm thick

pyrolytic carbon layer. This carbon layer was covered with a 48.7 11m thick very fine-

grained B SiC, which comprised the bulk of the fiber. A 3.3 pm multi-layered, carbon-

containing coating was applied to protect the fiber during handling and to reduce

potential chemical reactions between the SiC and matrix.
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Figure 4.11 (a) Low magnification and (b) high magnification BSE SEM

photomicrographs representing a view of the Ultra SCS-6/Ti-24Al-l7Nb-O.66Mo MMC

fiber-matrix interface.
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Figure 4.12 (a) Low magnification and (b) high magnification BSE SEM

photomicrographs representing a view of the Ultra SCS-6fTi—24Al-17Nb-1.1Mo MMC

fiber-matrix interface.
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Figure 4.13 (a) Low magnification and (b) high magnification BSE SEM

photomicrographs representing a view of the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC

fiber-matrix interface.
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Figure 4.14 A sketch of the fiber-matrix interface reaction zone products in a Ti-6Al-4V

(wt.%)/SCS-6 MMC.
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4. Phase Volume Percentages

The phase volume percents of the alloys are provided in Tables 4.11. Higher Mo

contents increased the O+BCC-phase volume percents for both the AP and HT condition,

and the heat treatment resulted in lower 012 phase volume percents for each alloy. Table

4.III lists the 012, O, and BCC-phase volume percents for the matrices in the MMCS. The

average volume percent of the fibers in each MMC was 35 as stated in the previous

section. The phase volume percents of the HT Ti-24Al-17Nb-2.3Mo alloy and MMC

were similar. However, the 012 phase volume percent in the HT Ti-24Al-17Nb-0.66Mo

matrix was significantly greater than that in the corresponding alloy. The phase volume

percentages of the Ti-24Al-l7Nb-1.1Mo matrix fell between the values obtained for the

Ti-24Al-l 7Nb-0.66Mo and Ti-24Al-l 7Nb-2.3Mo matrices, as expected.

Table 4.1]. Phase volume percents (Vp) for the alloys

 

 

 

 

 

 

      

@position Condition 012 Vp O+BCC Vp

Ti-24AI-17Nb-066Mo AP 49.6i2.9 50.42.29

Ti-24Ai-17Nb-066Mo HT 38.3i2.5 61.71125

....ZIL-ZMl-an—zaMo AP 26.3:t3.4 73.7e3.4

Ifl4AI-17Nb-23Mo HT 24141.0 75921.0

 AP: As processed, HT: Heat treated

Table 4.11]. Phase volume percents (Vp) for the matrix within the composites

    

  

  

 

 

 

    

Com osition Condition 012 Vp O+BCC Vp

Ultra SCS-6/Ti-24Al-l 7Nb-0.66Mo HT 47.0e0.3 53.0e0.3

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo HT 41 .0i0.2 59.0:t0.2

Ultra SCS-6/Ti-24Al-17Nb-23Mo HT 24920.4 75.1204

 HT: Heat treated
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5. Grain Sizes

The average equiaxed 012 and O+BCC colony grain sizes for the alloys and MMCS

is given in Table 4.1V. For all the materials, the O+BCC colony were larger than the

average 012 grains. An increase in O+BCC colony grain size was apparent after heat

treating the alloys. The addition of Mo tended to reduce the 012 grain size, except in the

case of the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC, where an increase was observed.

The average grain size of alloys and MMCs with similar compositions was well

maintained, showing only small variations in size. Overall, the average grain size of the

alloys and MMCS did not deviate greatly, with diameters only fluctuating a few microns.

Table 4.1V. Grain sizes for the alloys and matrices within the composites

  

 

  

 

 

 

     

 

 

  

 

    

Average Average Average

Composition Condition 012 grain O+BCC grain equiaxed grain

size (11m) size (um) size (umf

Ti-24Al-l7Nb-O.66Mo AP 6.8i0.8 7.8:Izl .8 7.1:t0.5

Ti-24Al-l 7Nb-0.66M0 HT 6.6:I:l .l l 1.53:2.3 7.9:I:0.8

*Ti—24Al-17Nb-23Mo AP 4.7:t0.9 l l.3:l:l .9 7.4:t0.5

Ti-24Al-l 7Nb-2.3M0 HT 4.6il .2 l 5.6:1:3.2 9.2i0.9

Ultra SCS-6/Ti-24Al-l 7Nb-

0.66Mo HT 6.521213 8.4:lz2.1 6.3:le.4

U1 - '- - -

“3 SCS 6’“ 24’“ ”Nb HT 82:10.9 14.3129 9011.1
1 - 1 Mo

Ultra scs-6/Ti-24A1-17Nb-
2-3Mo HT 4.7:tl.3 l4.6:l:2.8 6.8i0.5

 

*Measured using the line intercept method
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6. BCC Phase Ordering

Depending on the composition and heat treatment, the BCC phase in Ti-Al-Nb

alloys can be ordered (82) or disordered ([3) [Kestner-Weykamp et al. (1989), Bendersky

et al. (1991), Rhodes et al. (1993)]. Determination of B/BZ phase ordering was

accomplished using x-ray diffraction (XRD), where Ti-24Al-l 7Nb-0.66Mo and Ti-24Al-

17Nb-2.3Mo alloy samples were scanned to examine the existence of the (210)

superlattice reflection. This superlattice reflection only occurs when the B phase is

ordered (i.e. B2). With a lattice parameter of 0.323 nm, the (210) superlattice reflection

occurs at a 20 angle of approximately 64°.

XRD scans were performed using copper K alpha radiation and a nickel filter at

3 Skv and 25mA on an XDS 2000TM (Scintag Inc. USA) with a count time of 305 with a

0-0l° 20 step size. Figure 4.16 depicts the scans that were run for each alloy

composition. For each composition a peak corresponding to the (210) superlattice

reflection site exists. However, the intensity was not significantly greater than the

background, whereas the peak height of a fully ordered alloy would be expected to be

greater than twice the background. Therefore, this suggests that while the [3 phase within

these alloys was capable of forming the ordered B2 crystal structure it may not have been

fEVVOIed and the presence of the disordered 13 crystal structure within the alloys was highly

probably.
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l“ l7Nb-2.3Mo alloy showing weak intensities at the (210) superlattice reflection.
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7. Microprobe and Energy Dispersive Spectroscopy Analysis

Microprobe analysis was conducted on the HT alloys to determine the chemical

composition of each phase and to reveal the preferential distribution of the Mo within the

phases. Micrographs showing some of the points where the analysis was conducted are

provided in Figure 4.17 and Figure 4.18 for the Ti-24Al-17Nb-O.66Mo and Ti-24Al-

17Nb-2.3Mo alloys, respectively. The resulting data is presented in Table 4.V. The

greatest atomic percentage of Ti was observed in the (12 phase, containing more than 60

at.% Ti in each alloy. The average Ti content in the (12 phase in the Ti-24Al-17Nb-

0.66Mo alloy was 61.8%, while the average Ti content in the (12 phase in the Ti-24Al—

l 7Nb-2.3Mo alloys was 60.9%. The BCC phase, with respect to the Ti content, was the

most depleted. The A] content was similar for the (12 and 0 phases for each alloy,

.measuring approximately 25 at.% for each alloy. This was expected based on the

stoichiometry of these interrnetallic phases (a; — Ti3Al, O — TizAle). A significant

decrease in Al content was observed for both alloys in the BCC phase. The greatest

atomic percent of Nb and Mo was observed in the BCC phase for both alloys. This was

expected as these are both BCC-phase stabilizing elements. The (12 phase was

Sigrlificantly depleted of both Nb and Mo. For the Ti-24Al-17Nb-O.66Mo alloy the Mo

Content was greater in the BCC phase than the 0 phase, whereas for the Ti-24Al-17Nb-

2 ~3 Mo alloy the Mo content was similar in the 0 phase and the BCC phase.



 

Figure 4.17 A BSE SEM image of a HT Ti-24Al-17Nb-O.66Mo alloy microstructure

here the arrows indicate where mlcroprobe analysrs was conducted.
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:jgure 4.18 A BSE SEM image of the HT Ti-24Al-l7Nb-2.3Mo alloy microstructure

here the arrows indicate where microprobe analysis was conducted.
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Table 4.V Micro robe Analysis Results
 

 

 

 

 

 

      

Material Phase Ti (at. %) Al (at. %) Nb (at. %) M0 (at. %)

Ti-24Al-17Nb-
0.6We (12 61.8 fl: 0.2 26.5 i 0.2 11.6 :1: 0.2 0.1 :1: 0.03

o 58.7 :1: 1.7 24.5 a: 1.8 16.3 :1: 3.0 0.6 i 0.3

BCC 56.6 :1: 0.5 24.2 d: 2.1 17.6 :l: 1.9 1.5 i 0.2

T1'24Al'17Nb‘ 0.2 60.9 1: 1.2 26.7 d: 0.4 11.9 i 1.2 0.5 i 0.4
2.3Mo

o 54.9 a: 0.8 25.5 :1 0.5 17.3 :1: 1.3 2.3 :t 0.1

BCC 53.8 i 0.6 25.3 a: 0.4 18.3 a: 0.6 2.6 :l: 0.4
  

An energy dispersive spectroscopy (EDS) map was obtained using the microprobe

to qualitatively access the distribution of the Ti, Al, Nb, and Mo elements within patches

of the microstructure. Micrographs of the elemental scans are presented in Figure 4.19

and Figure 4.20 for the Ti-24Al-17Nb-O.66Mo and Ti~24Al-l7Nb-2.3Mo alloys,

respectively. The corresponding BSE SEM images for Figure 4.19 and Figure 4.20 are

given in Figure 4.17 and Figure 4.18, respectively. For each micrograph the scanned

element is indicated by a variance in contrast, where brighter locations indicated a greater

content of the scanned element. Shown in Figure 4.19 (a) and (b) and Figure 4.20 (a) and

(b), the presence of Ti and Al more substantial in the 012 phase than the O and BCC

phases. Figure 4.19 (c) and (d) and Figure 4.20 (c) and ((1) indicate that Nb and Mo are

more prevalent within the O and BCC phases than the (12 phase. Therefore, the EDS

reSUItS match well with those found using the microprobe analysis.
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Figure 4.19 Micrographs, formed using EDS data, of the HT Ti-24Al-17Nb-O.66Mo alloy

displaying the amount of (a) Ti, (b) Al, (c) Nb, and (d) Mo present within the

microstructure. The brighter areas indicate a greater presence of the element. The

corresponding micrograph is given in Figure 4.17.
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Figure 4.20 Micrographs, formed using EDS data, of the HT Ti-24Al-17Nb-2.3Mo alloy

displaying the amount of (a) Ti, (b) Al, (c) Nb, and (d) Mo present within the

microstructure. The brighter areas indicate a greater presence of the element. The

corresponding micrograph is given in Figure 4.18.
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B. Creep Behavior Results

1. Minimum Creep Rates, Creep Stress Exponents, and Apparent

Activation Energies of the Alloys

The creep strain versus time relationship of the Ti-24Al-17Nb-xMo alloys was

similar to that for pure metals, exhibiting primary, secondary, and tertiary creep regimes

[Evans and Wilshire (1985)]. Creep strain rates were regarded as minimum creep rates

when the strain rate remained constant over a minimum of 50 hours at each condition.

The creep stress exponents were determined through a series of constant temperature,

load-jump experiments. These experiments were performed by increasing the load after

the minimum creep rate had been achieved. The apparent activation energies of the

alloys were determined by performing constant load, temperature-jump experiments,

where the temperature was increased after reaching the minimum creep rate. For both the

load-jump and temperature-jump experiments, after the load or temperature was

increased, the minimum creep rate increased. Experimental data obtained from typical

load and temperature jump tests are shown in Figure 4.21 and Figure 4.22, respectively.

Creep strain versus time curves for Ti-24Al-17Nb-O.66Mo and Ti-24Al-17Nb-

2.3Mo samples at T = 650°C and o = 172 MPa are depicted in Figure 4.23, which also

depicts curves for the baseline ternary alloy and a Ti-24Al-17Nb-1Mo alloy. The Ti-

24Al-17Nb-2.3Mo and Ti-24Al-l7Nb-1Mo alloys exhibited the lowest primary creep

strains and minimum creep rates, while the baseline ternary alloy exhibited the greatest

primary creep strains and minimum creep rates. As also illustrated in Figure 4.24, the

creep resistance of the Ti-24A1-17Nb-2.3Mo alloy was superior to that of the Ti-24Al-

17Nb-O.66Mo alloy. The measured minimum creep rates for the Ti-24Al-17Nb-O.66Mo

and Ti-24Al-17Nb-2.3Mo alloys are given as a function of stress and temperature in
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Table 4.VI and Table 4.Vll, respectively. The average creep strain at failure for the Ti-

24Al-l7Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo alloys was 6.9% and 1.7%, respectively.

Minimum creep strain rate versus applied stress and In minimum creep rate versus

l/T plots were used to calculate the creep exponent (n) and activation energy (Qapp)

values, respectively. Shown in Figure 4.25 is the minimum creep rate versus applied

stress plot for the Ti-24Al-17Nb-O.66Mo and Ti-24Al-17Nb-2.3Mo alloys. Over all the

stresses examined, the Ti-24Al-17Nb-2.3Mo alloy exhibited significantly lower

minimum creep rates than the Ti-24Al-17-O.66Mo alloy. In fact, approximately one

order of magnitude difference in minimum creep rate was observed at 650°C. Each alloy

exhibited a change in creep exponent at an applied stress between 170-225 MPa,

suggesting two dominant creep mechanisms may be active. At lower stress values n was

approximately two, while at higher stress levels n was between four and five. Apparent

activation energies determined from the temperature dependence of the minimum creep

rate are given in Figure 4.26 and Figure 4.27. The activation energy of the Ti-24Al-

17Nb-O.66Mo alloy was significantly larger at 150 MPa than 29 MPa, suggesting the

possibility of two different dominant diffusion mechanisms at different stress regimes.

The creep exponent and apparent activation energy values for each alloy is provided in

Table 4.VIII.
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Figure 4.21 Creep strain versus time data obtained for a Ti-24Al-l7Nb—0.66Mo alloy

sample at 650°C during a load-jump experiment.
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Figure 4.22 Creep strain versus time data obtained for a Ti-24A1-17Nb-0.66Mo alloy

sample at 29 MPa during a temperature-jump experiment.
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Figure 4.23 Creep strain versus time curves for the studied Ti-24Al-17Nb-xMo samples,

a Ti-24Al-l 7Nb-1M0, and a ternary Ti-24Al-17Nb alloy at T = 650°C and 0' = 172 MPa.
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Figure 4.24 Creep strain versus time curves for the Ti-24Al-17Nb-O.66Mo and Ti-24Al-

17Nb-2.3Mo alloy samples at a temperature of 650°C and a stress of 50 MPa portraying

the greater creep resistance of the Ti-24Al-l7Nb-2.3Mo alloy.

131



 

 

1 T=650°C

Te 1

3 —7 1
a 10 .

9‘ 1

5 1 n=4.8

*"" 1
2 10'8 1

3 1

5 1

a 91
g 10' 1

E 1 . 2.3 Mo

5 1 - 0.66 Mo

10'101. 1,11,11,1111 ,.,1,,,11,1,111,

10 100 1000

Stress (MPa)

Figure 4.25 A log-log plot of the minimum creep strain rate versus stress for the Ti-24Al-

17Nb-O.66Mo and Ti-24Al—l7Nb-2.3Mo alloys tested at 650°C. The indicated creep

exponent n values were determined from power law curve fits of the data.
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Figure 4.26 In of the minimum creep rate versus 10,000/T plot for the Ti-24Al-17Nb-

0.66Mo alloy at (a) 30 MPa and (b) 150 MPa. The indicated apparent activation energies

were determined from the linear curve fits of the data.
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Figure 4.27 In of the minimum creep rate versus 10,000/T plot for the Ti-24Al-17Nb-

2.3Mo alloy at 150 MPa. The indicated apparent activation energies were determined

from the linear curve fits of the data.
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Table 4.VI The measured minimum creep rates for the Ti-24Al-17Nb-0.66Mo alloy
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Stress (MPa) Temperature (°C) Minimum Creep Rate (3")

29 650 2.8521109

29 670 4.2911109

29 690 5.9311109

29 710 80721109

50 650 8.63x10‘9

100 650 2.48x10'8

125 650 3.69x10'8

150 650 5.87x10‘8

150 670 1.0311107

150 690 2.0111107

150 710 4.3011107

172 650 7.68x10'8

200 650 1.441110"7

225 650 2.63x10’7     
Table 4.Vll The measured minimum creep rates for the Ti-24Al-17Nb-2.3Mo alloy
 

 

 

 

 

 

 

 

 

 

Stress (MPa) Temperature (°C) Minimum Creep Rate (8")

50 650 8.931110no

100 650 3.9711109

150 650 6.73x10'9

150 670 1.5211108

172 650 1.1211108

200 650 1.4511103

225 650 2.021110“

250 650 3.26x10'8

275 650 5.3011108     
Table 4.VIII The measured creep exponents and apparent activation energies for the Ti-

24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo alloys
 

 

 

 

 

 

   
 

 

  

Alloy [cs/T (MPa/0C) In [o/HMPaPC) log.plp (kl/mol)

Ti-24A1-17Nb-0.66Mo

29-172/650 1.8

_ 172-225/650 4.6

__ 29/650-710 129

__ 150/650-710 249

_"ll-24Al-l7Nb-23Mo

\ 50-225/650 2.0

K 225-275/650 4.8

\ 150/650-670 293      
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2. Creep Deformation Behavior of the Alloys

Using the creep exponent values, deformation mechanisms can be proposed.

However, this technique is limited to the interpretation of the empirical data. The effect

of microstructure on the creep behavior can be evaluated using in-situ tensile-creep

experiments conducted within a SEM chamber. This technique, as described in Chapter

3, allows for direct microstructural evidence of the potentially dominant creep

deformation mechanisms. In this study, multiple BSE SEM images were taken, allowing

for surface deformation to be recorded as a function of displacement and time. These

images, when linked together in a series, provide evidence of the microstructural features

that control creep deformation behavior.

Performing creep experiments on metalographically polished samples in a SEM

chamber provides the further advantage of testing within a vacuum atmosphere. Under

such conditions the integrity of the surface is maintained throughout the entire test, and

therefore oxidation assisted cracking is prevented. Comparative tests performed at

similar stress levels and temperatures can be used to study the effect of oxidation on

creep behavior, as shown in Figure 4.28. The Ti-24Al-l7Nb-2.3Mo alloy exhibited a

similar amount of primary strain in each atmosphere. However, the minimum creep rate

for the sample tested in vacuum was considerably smaller, therefore, suggesting the

environmental stability of these Ti-Al-Nb-Mo alloys is a concern.
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Figure 4.28 A plot of creep strain versus time for Ti-24Al-l7Nb-2.3Mo alloy samples

tested at 650°C and 172 MPa in vacuum (10'6 torr) and in ambient air.
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The Ti-24Al-l7Nb-0.66Mo alloy was in-sz'tu creep tested at 180 MPa and 650°C.

This stress level was chosen because it lies near the top of the regime where grain-

boundary sliding was considered to be the dominant deformation mechanism (based on

the creep stress exponent value, see Figure 4.25). A plot of the displacement versus time

for this test is given in Figure 4.29. The evolution of the grain boundary sliding/cracking

as a function of creep displacement is apparent in Figure 4.30 (a) — 4.30 (i), where the

loading direction is horizontal. It is noted that all the cracking was limited to grain

boundary locations. While the progression of grain-boundary sliding was not captured

for the Ti-24Al-l7Nb-2.3Mo alloy, a post-test image for the Ti-24Al-l7Nb-2.3Mo alloy

creep tested at 190 MPa and 670°C in a vacuum displayed similar surface deformation

behavior as the Ti-24Al-l7Nb-0.66Mo alloy, see Figure 4.31.

The in-situ creep experiments indicated that grain boundaries were the locus of

deformation and cracking in each of the alloys investigated. No transgranular cracking

was apparent, even at high displacement levels. Deformation, in the form of cracks,

tended to originate at 012/012 or 012/O+BCC grain boundaries. As displacements increased

these 012 grain boundary cracks increased in length and width. Therefore, such

experiments verify that cracking and crack accommodated sliding is a dominant

deformation mechanism for these alloys at stresses between 29 MPa - 172 MPa for the

Ti-24Al-17Nb-O.66Mo alloy and at stresses between 50 MPa — 225 MPa for the Ti-24Al-

1 7Nb-2.3Mo alloy.
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Figure 4.29 Displacement versus time plot for a Ti—24Al-17Nb-0.66Mo alloy sample

Creep tested at 180 MPa and 650°C using an in-Situ tensile creep methodology.
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Figure 4.30 BSE SEM micrographs (a) — (f) of Ti-24Al-l7Nb-O.66Mo creep tested at 180

MPa and 650°C showing the evolution of creep deformation. The loading direction was

horizontal in all images and the creep displacement values are indicated.
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Figure 4.30 BSE SEM micrographs (a) - (f) of Ti-24Al-17Nb-0.66Mo creep tested at 180

MPa and 650°C showing the evolution of creep deformation. The loading direction was

horizontal in all images and the creep displacement values are indicated.
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Figure 4.30 BSE SEM micrographs (a) — (f) of Ti-24Al-l 7Nb-0.66Mo creep tested at 180

MPa and 650°C showing the evolution of creep deformation. The loading direction was

horizontal in all images and the creep displacement values are indicated.
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Figure 4.31 BSE SEM micrograph of Ti-24Al-l7Nb-2.3M0 tested at 190 MPa and 670°C

showing cracking predominantly at the grain boundaries. The loading direction was

horizontal in all images and the creep displacement values are indicated.
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While in-situ creep testing is a useful methodology to evaluate surface

deformation, observations of the bulk material are necessary to compare surface behavior

to bulk material behavior. Bulk microstructural observations of a Ti-24Al-l7Nb-O.66Mo

alloy creep tested at 150 MPa and 650°C along with a Ti-24Al-17Nb-2.3Mo alloy creep

tested at 100 MPa and 650°C (both tested in air) are presented in Figure 4.32. Cracking

along (12 grain boundaries was evident and was in agreement with surface observations.

However, the amount of grain boundary cracking on the surface was more extensive than

that in the bulk. A greater degree of cracking was expected on the surface as there is less

constraint on the material than in the bulk, and therefore surface cracking requires less

energy than cracking within the bulk. For the alloys tested in air, severe edge cracking

was apparent, see Figure 4.33. Unlike the cracks observed within the bulk and on the

surface, these cracks appeared to be transgranular, cutting through O+BCC colonies and

012 grains, as shown in Figure 4.34. Such cracks predominately propagated through

clusters of (12 grains in a direction perpendicular to the loading axis.
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(b)

Figure 4.32 BSE SEM photomicrographs taken from creep tests showing intergranular

cracking (indicated by arrows) within the bulk (interior) of the sample for the (a) Ti-

24Al-l7Nb-0.66Mo alloy and the (b) Ti-24Al-l7Nb-2.3Mo alloy. Both alloys were

tested within the stress regime that suggests grain boundary sliding to be the dominant

deformation mechanism.
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(b)

Figure 4.33 Edge cracking was apparent for both the (a) Ti-24Al-l7Nb-0.66Mo alloy (6

= 150 MPa, T = 710°C, 8 = 8.4%) and the (b) Ti-24Al-l7Nb-2.3Mo (o = 275 MPa, T =

650°C, 8 = 3.2%) alloys creep tested in air, suggesting that oxidation assisted cracking is

active.
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Figure 4.34 The (a) Ti-24Al-l7Nb-O.66Mo alloy (0 = 200 MPa, T = 650°C, 8 = 11.4%)

and the (b) Ti-24Al-l7Nb-2.3Mo alloy (6 = 275 MPa, T = 650°C, 8 = 3.2%) exhibited

transgranular cracking.
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3. Minimum Creep Rates, .Creep Stress Exponents, and Apparent

Activation Energies of the Metal Matrix Composites

The MMC creep testing was conducted on samples oriented with fibers

perpendicular to the loading direction. This configuration allows for the creep

deformation of the MMC to be dominated by the matrix and interface behavior. Each

experiment was carried out in a manner similar to the alloy creep testing, where load and

temperature jumps were performed after the minimum creep rate was achieved for a

given test condition.

Creep strain versus time curves for Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo, Ultra

SCS-6 Ti-24Al-17Nb-l.lMo, and Ultra SCS-6 Ti-24Al-l7Nb-2.3Mo MMC specimens

are depicted in Figure 4.35, where each experiment was performed at a temperature of

650°C and a stress of 50 MPa. Figure 4.35 also provides creep strain versus time curves

for the Ti-24Al-l7Nb-O.66Mo and the Ti-24Al-l7Nb-2.3Mo alloys tested under similar

conditions. All compositions of the MMCS exhibited poorer creep resistance than their

respective alloys. The greatest creep resistance was exhibited by the Ultra SCS-6/Ti-

24Al-17Nb-2.3Mo MMC, while the Ultra SCS-6/Ti-24Al-l7Nb—0.66Mo MMC exhibited

the poorest creep resistance. All of the creep experiments were taken to failure. The

average creep failure strains for the Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo, Ultra SCS-6/Ti-

24Al-l7Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-l7Nb-23Mo were 2.6%, 1.5%, and 1.1%,

respectively. The measured minimum creep rates for each MMC are provided as a

function of stress and temperature in Table 4.IX.
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Figure 4.35 Creep strain versus time curves comparing the MMCS and the alloys tested at

650°C and 50 MPa.
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Table 4.IX The measured minimum creep rates for the Ti-24Al-l7Nb-O.66, Ti-24Al-

l7Nb—l.lMo, and Ti-24Al-17Nb-2.3Mo MMCS at 650°C
 

    

 

 

 

 

 

     
 

 

 

 

 

     
 

 

  

MMC Composition Stress Temperature Minimum Creep Rate (3")

(MPa) (°C)

Ultra SCS-6/Ti-24Al-17Nb-O.66Mo

10 650 2.05x10'9

10 670 2.90x10’9

10 690 3.6lx10"’

10 710 4.38x10'9

30 650 1.01x10'8

40 650 1.54x10'8

Ultra SCS-6/1‘i-24Al-17Nb-1JM0

30 650 3.37x10'9

30 666 5.58x10'9

30 690 7.71x10'9

30 710 1.05x10'9

40 650 4.31x10'9

50 650 6.97x10‘9

Ultra SCS-6/Ti-24Al-1 7Nb-2.3Mo

30 650 2.75x10"’

50 650 4.63x10‘9

75 650 1.13x10'8    
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Figure 4.36 compares the minimum creep rate versus stress for all of the alloys

and MMCS at a temperature of 650°C. No transition in n value was observed for any of

the MMCS. The Ultra SCS-6/Ti—24Al-l 7Nb-0.66Mo MMC had an n of 1.5 over a stress

range of 10 MPa to 40 MPa. An n of 1.4 was determined for the Ultra SCS-6/Ti-24Al-

17Nb-1.1Mo MMC from a stress of 30 MPa to 50 MPa. The Ultra SCS-6/Ti-24Al-17Nb-

2.3Mo MMC had an n of 1.5 spanning the stress of 30 MP3 to 75 MPa. Each of these n

values is close to that observed for the lower stress regime of the alloys. The minimum

creep rates for the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC and Ultra SCS-6/Ti-24Al-

17Nb-2.3Mo MMC were similar to those for the Ti-24Al-17Nb-O.66Mo alloy. However,

each of these remained approximately one order of magnitude greater than those for the

Ti-24Al-17Nb-2.3Mo alloy. The Ultra SCS-6/Ti—24Al-17Nb-1.1Mo MMC experienced

similar creep rates to those for the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC, as was

similarly observed for their respective alloys tested at 172 MPa and 650°C (see Figure

4.23).

Plots of the ln minimum creep rate versus inverse temperature were used to

determine the apparent activation energy. For the Ultra SCS-6/Ti-24Al-17Nb-O.66Mo

MMC, the apparent activation energy was calculated to be 80 kJ/mol at a stress of 10

MPa from 650°C — 710°C, see Figure 4.37, and the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo

MMC apparent activation energy at 30 MPa was 126 kJ/mol from 670°C — 710°C, as

shown in Figure 4.38. These values were comparable to the apparent activation of the Ti-

24Al-17Nb-0.66Mo alloy tested at 29 MPa from 650°C — 710°C, which was 129 kJ/mol.
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Figure 4.36 A plot of the minimum creep rate versus stress at 650°C for each MMC and

alloy examined. The Ti-24Al-17Nb-2.3Mo alloy exhibited the greatest creep resistance,

while the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo MMC exhibited the poorest creep

resistance.
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Figure 4.37 In of the minimum creep rate versus 10,000/T plot for the Ultra SCS-6/I‘i-

24Al-17Nb-O.66Mo alloy at 10 MPa. The indicated apparent activation energies were

determined from the linear curve fits of the data.
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Figure 4.38 In of the minimum creep rate versus 10,000/T plot for the Ultra SCS—6/Ti-

24Al-17Nb-l.lMo alloy at 30 MPa. The indicated apparent activation energies were

determined from the linear curve fits of the data.
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4. Creep Deformation Behavior of the Metal Matrix Composites

An investigation of the post-deformation microstructures was conducted on the

creep tested MMC samples. Tested specimens were sectioned, mounted and polished,

and imaged using BSE mode to reveal creep deformation that occurred within the sample.

A major deformation behavior observed for all the MMCS was cracking that originated at

the fiber-matrix interface, as observed in Figure 4.39. Nearly all of the cracks grew in a

direction perpendicular to the loading direction. They also propagated transgranularly,

whereas intergranular cracking was observed within the bulk of the alloys and for alloys

tested in a vacuum. The O+BCC colonies did not effectively blunt the cracks, as cracks

traversed through both the (12 phase and the O+BCC colonies, see Figure 4.40. Surface

cracking, shown in Figure 4.41, was also evident for each MMC composition.
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r

i

F

a 
Figure 4.39 BSE SEM images of the (a) Ultra SCS-6/Ti-24Al-17Nb—0.66Mo, (b) Ultra

SCS-6/Ti-24Al-17Nb-1.1Mo, and (c) Ultra SCS-6/Ti-24Al-l 7Nb-2.3Mo MMCS showing

radial cracks propagating from fiber—matrix interfaces during creep experimentation.

Note the loading direction is horizontal in each image.
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(C)

Figure 4.40 BSE SEM images of the (a) Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo, (b) Ultra

SCS-6/Ti-24Al-17Nb-l.1Mo, and (c) Ultra SCS-6/Ti-24Al-l 7Nb-2.3Mo MMCs showing

transgranular cracking during creep testing. The loading direction is horizontal.
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Figure 4.41 BSE SEM images of the (3) Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo, (b) Ultra

SCS~6/Ti-24Al-17Nb-1.1Mo, and (c) Ultra SCS-6/Ti-24A1-17Nb-2.3Mo MMCS showing

surface cracking apparent for each composition experienced during creep testing.
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C. Interface Debond Behavior Results

1. Localized Stress Determination at Debond Event

The fiber/matrix interfacial bond strength is a function of the localized applied

stress at debonding and residual stresses in the MMC due to differences in coefficients of

thermal expansion between the fiber and the matrix. While the residual stresses can be

estimated using finite element modeling, the local applied stress needed to achieve

interface debonding can be obtained through RT tensile testing of cruciform-geometry

samples oriented with the fibers perpendicular to the loading direction. An image of a

tested cruciform sample is shown in Figure 4.42. The fracture always occurred in the

uniform width section of the cruciform close to the filet. Previous work has shown that

debonding events are correlated to the onset of nonlinearity in the stress-strain curves

[Gundel et al. (1995), Gundel et al. (1997), Gundel and Miracle (1998), Boehlert et a1.

(2001)]. This deviation in slope is shown in Figure 4.43, where one experiment for each

MMC composition is depicted. Through the use of an incremental slope method

[Boehlert et al. (2001)], which used the Pearson product moment correlation [Pearson

(1896)], the error in determining where a debond event occurs was minimized. The

aVfil‘age local applied stress values at the onset of nonlinearity were 98.5 i 12.0 MPa,

158.3 :1: 32.3 MPa, and 105.8 i 22.2 MP3 for the Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo,

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS,

resPfxttively. These strength values were used in Chapter 5 to model the creep behavior

0f the MMCS based on the matrix alloy creep rates and the fiber-matrix interfacial bond

strengths_
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1cm 

Figure 4.42 A fractured specimen which was tensile tested at room temperature. The

strain was monitored only within the cruciform section of the sample. The strain gage

(orange) is shown in the middle of the cruciform.
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Figure 4.43 RT Stress versus microstrain plots from the tensile experiments performed on

The stress value at the first point of nonlinearity is

indicated on the plots. This value was used to calculate the interfacial debond strengths

of the MMCS.



2. Microstructural Evidence of Debonding

After testing, the center of the cruciform of each sample was sectioned, mounted,

polished, and viewed in a SEM. The debonding for each MMC composition was

primarily found within the outer carbon layers of the fiber, which is illustrated for the

Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo, Ultra SCS-6/Ti-24Al-17Nb-1.1Mo, and Ultra SCS-

6/Ti-24Al-17Nb2.3Mo MMCS in Figure 4.44 — Figure 4.46, respectively. The carbon

layer cracks propagated radially through the reaction layer and O+BCC depleted layer but

were typically blunted by the O+BCC regions, as shown in Figure 4.47.
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Figure 4.44 Carbon layer cracking was observed for a fiber near the fracture surface for

tensile-tested cruciform sample for the Ultra SCS-6/Ti-24Al-17Nb-O.66Mo MMC (a)

above the fiber and (b) below the fiber.
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Figure 4.45 Carbon layer cracking was observed for a fiber near the fracture surface for

tensile-tested cruciform sample for the Ultra SCS-6/I‘i-24Al-17Nb-1.1Mo MMC (a) on

the side of the fiber and (b) below the fiber.
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Figure 4.46 Carbon layer cracking was observed for a fiber near the fracture surface for

tensile-tested cruciform sample for the Ultra SCS-6fI‘i-24A1-17Nb—23Mo MMC.
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Figure 4.47 BSE SEM micrographs of radial cracks emanating from the debonded carbon

layers. The radial cracking was blunted by the matrix.
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D. Tensile Behavior Results

1. Room-Temperature Tensile Testing

1.1 Stress-Strain Behavior of the Alloys

Stress versus strain curves for the AP and HT Ti-24Al-17Nb-0.66Mo and Ti-

24Al-17Nb-2.3Mo alloys tested at RT are depicted in Figure 4.48. The tensile properties

are listed in Table 4.x. The AP and HT Ti-24Al-17Nb-2.3Mo alloys were brittle, having

little plastic deformation prior to failure. While plastic deformation was observed for the

AP and HT Ti-24Al-17Nb-O.66Mo alloys, or values were less than 2%. The increasing

Mo content resulted in higher Young’s modulus values. The HT alloys appeared to have

a varying effect on the tensile properties of the alloys, where no clear trend was observed.

Table 4.x Room temperature tensile properties of the AP and HT Ti-24Al-l 7Nb-0.66Mo

and Ti-24Al-1 7Nb-2.3Mo alloys
 

 

 

 

 

 

Alloy Condition E(GPa) 0.2% vs (M13) UTS(MPa) 8r(°/o)

Ti-24Al-17Nb-0.66Mo AP 108 746 765 1.19

Ti-24Al-l7Nb-0.66Mo HT 101 736 769 1.93

Ti-24A1-17Nb-2.3Mo AP 125 n/a 645 0.52

Ti-24Al-17Nb-2.3Mo HT 128 n/a 498 0.39     
 

n/a indicates 0.2% requirement was not met and the fracture stress was taken as the UTS

l.2 Room-Temperature Tensile Deformation Behavior of the Alloys

Secondary electron SEM images of the fracture surfaces of the AP and HT Ti-

24Al-l7Nb-O.66Mo and Ti-24Al-l7Nb-2.3Mo alloys are shown in Figure 4.49 and

Figure 4.50. Brittle failure was evident in the fracture surface morphologies of all the

alloys. Each fracture surface exhibited an intergranular failure. No evidence ductile

dimpling was found in any of the alloys tested at room temperature.
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Figure 4.48 Room-temperature tensile curves for the AP and HT alloys.
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Figure 4.49 Secondary electron SEM images of RT tensile fracture surfaces for the (a)

AP and (b) HT Ti-24A1-l 7Nb-0.66Mo alloys.
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Figure 4.50 Secondary electron SEM images of RT tensile fiacture surfaces for the (a)

AP and (b) HT Ti-24Al-17Nb-2.3Mo alloys.
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1.3 Stress-Strain Behavior of the Metal Matrix Composites

The stress versus strain curves for the AP and HT Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo and Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo MMCS are provided in Figure 4.51, and

the tensile properties are listed in Table 4.XI. All the MMCS were tensile tested with the

fibers parallel to the loading direction. Each tensile curve consisted of two regimes, each

represented by a linear region. In the first regime, the fibers bear the bulk of the load and

the Young’s modulus followed the rule-of-mixtures equation. As the load increases and

the fibers begin to break localized load sharing occurs, causing the second regime to

initiate. A lower Young’s modulus is evident in the second regime compared to the first

regime. Failure occurred at the end of the second regime. The er values for all of the

MMCS tested were less than 1%. Higher strengths were observed for the AP and HT

Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo MMC compared to the AP and HT Ultra SCS-6/Ti-

24Al-17Nb—2.3Mo MMC, suggesting that greater er values for the matrix enhance the

ability of the material to transfer load among fibers through the matrix. In addition, the

stress at the transition between the first and second regimes was higher for the Ultra SCS-

6/Ti-24A1-17Nb-0.66Mo MMC compared to the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo

MMC.

Table 4.XI Room temperature tensile properties of the AP and HT Ultra SCS-6/Ti-24A1-

17Nb-0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS
 

 

 

 

 

      

MMC Condition E 0.2% YS UTS 8f (%)

(GPa) (MPa) (MPa)

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo AP 211 n/a 1332 0.78

Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo HT 205 n/a 1483 0.91

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo AP 205 738 775 0.64

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo HT 214 844 949 0.76
 

n/a indicates 0.2% requirement was not met and the fracture stress was taken as the UTS
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Figure 4.51 Room temperature tensile curves of the AP and HT MMCS.
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1.4 Room-Temperature Tensile Deformation Behavior of the Metal

Matrix Composites

Secondary electron SEM images of the AP and HT Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC fracture surfaces are shown in

Figure 4.52 and Figure 4.53. Brittle fracture was observed throughout the fracture

surfaces. The matrix exhibited characteristics typical of intergranular fracture similar to

that observed for the alloy fracture surfaces for each respective composition and heat

treatment. Some fiber pull-out, where a fiber fails in a different plane than that of the

matrix fracture surface, was observed. The majority of fiber fracture surfaces were flat,

indicating brittle cleavage. The fiber-matrix interface was commonly cracked and

damaged and often appeared to have separated from the fiber.
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Figure 4.52 Secondary electron SEM images of RT tensile fracture surfaces for the (a)

AP and (b) HT Ultra SCS-6/Ti-24Al—17Nb—0.66Mo MMCs. Note the fiber/matrix

interface cracking exhibited by the arrows.
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Figure 4.53 Secondary electron SEM images of RT tensile fracture surfaces for the (a)

AP and (b) HT Ultra SCS-6/Ti-24A1-l7Nb-2.3Mo MMCS. Note the fiber/matrix

interface cracking exhibited by the arrows.

175



2. Elevated-Temperature Tensile Behavior

2.1 Stress-Strain Behavior of the Alloys at 650°C

The stress versus strain curves for the HT Ti—24Al-17Nb-0.66 and Ti-24Al-17Nb-

2.3Mo alloys tested at 650°C are provided in Figure 4.54. The tensile properties of each

alloy tested at 650°C are listed in Table 4.XII. Table XIII shows the comparison of the

RT results to the 650°C results. The Ti-24Al—17Nb-0.66Mo tested at 650°C exhibited a

lower Young’s modulus, yield strength, and UTS value and a higher 8f value than the Ti-

24Al-17Nb-0.66Mo alloy tested at RT. While the Ti-24Al-17Nb-2.3Mo alloy tested at

650°C did have a lower Young’s modulus and higher at, it did not have a lower UTS than

the Ti-24Al-l7Nb-2.3Mo alloy tested at RT. Even at high temperature the Ti-24Al-

17Nb-2.3Mo alloy did not exhibit much plastic deformation, whereas the Ti-24Al-17Nb-

0.66Mo alloy displayed an increase in 8f compared to that at RT.

Table 4.XII 650°C tensile properties of the HT alloys
 

 

 

      

Alloy Condition E(GPa) 0.290 YS(MPa) UTS(MPa) 24%)

Ti-24Al-17Nb-0.66Mo HT 80 524 608 3.68

Ti-24Al-17Nb-2.3Mo HT 92 n/a 569 0.64
 

n/a indicates 0.2% r uirement was not met and the fracture stress was taken as the UTS
eq

Table 4.XIII Difference in tensile properties of the alloys at 650°C compared to room

 

 

 

     

temperature

% %

% Decrease Decrease %

Decrease in 0.2% in UTS Increase

Alloy Condition in E (GPa) YS (MPa) (MPa) in er (%)

Ti-24A1-1 7Nb-0.66Mo HT 21 29 21 91

Ti-24A1-1 7Nb-2.3Mo HT 28 n/a n/a 64 
 

n/a: not applicable
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Figure 4.54 650°C tensile stress versus strain curve for Ti-24Al-l7Nb-0.66Mo and Ti-

24Al-17Nb-2.3Mo alloy samples.
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2.2 650°C Tensile Deformation Behavior of the Alloys

Secondary electron SEM images of the HT Ti-24Al-17Nb-0.66Mo and Ti-24Al-

l7Nb-2.3Mo alloy fracture surfaces are presented in Figure 4.55. The surface

morphology of the Ti-24Al-17Nb-0.66Mo alloy displayed a greater fraction of ductile

dimpling than that of the Ti-24A1-17Nb-2.3Mo alloy. Furthermore, this fracture surface

appeared torn and more fibrous in character. No evidence of slip was observed on the

surface other than at the fracture location. The fracture surface of the Ti-24Al-l7Nb-

2.3Mo alloy tested at 650°C appeared similar to the fracture surfaces of the Ti-24Al-

17Nb-2.3Mo alloy tested at RT. Cleavage and intergranular fracture was observed

throughout the fracture surface. confirming that little or no plastic deformation occurred.
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Figure 4.55 Secondary electron SEM images of 650“C tensile fracture surfaces for the (a)

HT Ti-24Al-17Nb-0.66Mo and the (b) HT Ti-24Al-17Nb-2.3Mo alloys.

179



2.3 Stress-Strain Behavior of the Metal Matrix Composites at 650°C

The stress versus strain curves for the HT Ultra SCS-6/Ti-24Al-17Nb-0.66Mo

and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS are shown in Figure 4.56. The tensile

properties and the comparison of the 650°C properties to the RT properties are given in

Table 4le and Table 4.XV, respectively. The Ultra SCS-6/Ti-24Al-17Nb-0.66Mo

MMC exhibited higher UTS and 8“ values than the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo

MMC. A decrease in Young’s modulus and an increase in er for the MMCS tested at

650°C were observed compared to those tested at RT. However, the 8f values of the

MMCS were always less than 1.2% at 650°C.

Table 4.XIV 650°C tensileproperties of the HT MMCS
 

 

 

 

MMC Condition E 0.2% YS UTS 8f (%)

(GPa) (MPa) (MPa)

Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo HT 157 1375 1403 1.08

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo HT 147 1013 1214 1.07     
 

 

Table 4.XV Difference in tensile properties of the MMCS at 650°C compared to room

temperature

 

 

 

 

% %

% Increase Decrease %

Decrease in 0.2% in UTS Increase

MMC Condition in E (GPa) YS (MPa) (MPa) in or (%)

Ultra SCS-6/Ti-24Al-

17Nb-0.66Mo HT 23 n/a 5 19

Ultra SCS-6/Ti-24A1-

17Nb-2.3Mo HT 31 20 n/a 32      
 

180



 

  
 

1500 ’”l’ r to . r~---_

T=650°C

A 1000

a

a.

E. 1

8 1 ’
3:, 1

m 5001

HT Ultra SCS—6/Ti—24Al-l 7Nb-0.66Mo

4 HT Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo

0117‘ ., ,l l ,, Ll ,, , l ,, I. _..,

0 0.2 0.4 0.6 0.8 l 1.2

Strain (%)

Figure 4.56 650°C tensile stress versus strain curves of the Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo and Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo MMCs.
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2.4 650°C Tensile Deformation Behavior of the Metal Matrix

Composites

Secondary electron SEM images of the HT Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo

and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC fracture surfaces are shown in Figure 4.57.

Ductile dimpling was evident within the matrix of the Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo MMC suggesting a ductile fracture. The fracture surface of the matrix of the

Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo MMC exhibited intergranular failure similar to that

seen for the Ti-24Al-l7Nb-2.3Mo alloy tested at 650°C. The fiber fracture surface

morphology was smooth, representative of a cleavage failure. Fiber pull-out was more

prevalent in the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo MMC than the Ultra SCS-6/Ti-

24A1-17Nb-2.3Mo MMC, and the fiber-matrix interface tended to exhibit more

deformation in the form of debonding than the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC.
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0» 
Figure 4.57 Secondary electron SEM images of 650°C tensile fracture surfaces for the (a)

HT Ultra SCS-6/Ti-24Al—1 7Nb-0.66Mo and the (b) HT Ultra SCS-6/Ti—24Al-17Nb-

2.3Mo MMCS. Note the fiber/matrix debonding indicated by the arrows.
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E. Out-of-Phase Thermomechanical Fatigue Behavior Results

1. Out-of-Phase Thermomechanical Fatigue Data

The fatigue life data for the Ti-24Al-17Nb-0.66Mo, Ti-24A1-17Nb-1.1Mo, and

Ti-24Al-l7Nb-2.3Mo MMCS are shown in Figure 4.58 - Figure 4.60, respectively, and a

comparison plot of each set of data is given in Figure 4.61. The fatigue life data is also

listed in Table 4.XVI. In each figure the maximum cyclic stress is plotted as a function

of cycles-to-failure (N1). Run-out tests, where the specimen did not fail, were considered

to occur at 8000 cycles and are indicated on the plots by an arrow next to the data point.

From 300 MPa to 450 MPa, the Ultra SCS-6/Ti—24A1-l7Nb-0.66Mo MMC exhibited

more cycles-to-failure than that of the Ultra SCS-6/Ti-24Al-17Nb—1.1Mo and Ultra SCS-

6/Ti-24Al-17Nb-2.3Mo MMCS. The N for the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC

was 1017 at 600 MPa. This value is greater than the 736 and 529 Nf observed for the

Ultra SCS—6/Ti-24Al-l 7Nb-0.66Mo and Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMCS,

respectively. Run-out was observed for the Ti-24Al-17Nb-0.66Mo MMC at 200 MPa

and also for the Ti-24Al-17Nb-2.3Mo MMC at 200 MPa and 250 MPa. The Ultra SCS-

6/Ti-24Al-l7Nb-l.1Mo MMC displayed the lowest number of Nf for all the conditions

examined.
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Figure 4.58 OOP TMF data for the Ti-24Al-17Nb-0.66Mo MMC tested with temperature

cycling from 150°C to 450°C. Note that the arrow indicates run-out.
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Figure 4.59 OOP TMF data for the Ti-24Al-‘l 7Nb-1.1Mo MMC tested with temperature

cycling from 150°C to 450°C.
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Figure 4.60 OOP TMF data for the Ti-24Al-l7Nb-2.3Mo MMC tested with temperature

cycling from 150°C to 450°C. Note that the arrows indicate run-out.
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Figure 4.61 OOP TMF behavior of each MMC composition. Note the arrows indicate

run-out.
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Table 4.XVI OOP TMF test data
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  

. Maximum .

Material Stress (MPa) Cycles-to-Fallure

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo 600 736

450 2443

400 2076

350 5207

300 6742

250 6659

200 Run-out

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo 600 529

450 788

400 936

350 817

300 2334

250 5724

200 4642

Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo 600 1017

450 1007

400 1075

350 2138

300 2457

250 Run-out

200 Run-out  
 

The history of the strains at the maximum and minimum loading points

throughout a fatigue test provide useful information about the damage mechanisms

during a test. Figure 4.62, Figure 4.63, and Figure 4.64 show the typical strain versus

time behavior for the Ultra SCS—6/Ti—24Al-17Nb-0.66Mo, Ultra SCS-6/Ti-24Al-17Nb-

1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-23Mo MMCS, respectively. Each of these plots

were constructed for tests performed at a maximum stress of 400 MPa, and each were

representative of the behavior observed at all stress conditions. The difference between

the two curves represents an indication of the stiffiress of the material, where materials
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with higher stiffness value have a smaller difference between curves than materials with

lower stiffness values [Nicholas and Russ (1993), Russ et al. (1994)]. Observed in each

figure, the strains at maximum and minimum loading tend to initially increase together

and then converge near failure. The convergence is the result of a dramatic increase in

the strain at maximum load. In the case of the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo

MMC, see Figure 5.62, the strain at maximum load overcomes that at minimum load.

The shapes of stress versus strain curves during fatigue provide insight into the

deformation response of materials. Such plots of the Ultra SCS-6/Ti-24Al-17Nb-

0.66Mo, Ultra SCS-6/Ti-24Al-17Nb-l.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo

MMCS tested at 400 MPa are presented in Figure 4.65 - Figure 4.67, respectively. On

each plot, a cycle is completed when the sample is cooled from 450°C to 150°C while

increasing to the maximum stress then reheated to 450°C and unloaded to the minimum

stress. A hysteresis is observed as the cyclic stress-strain loops change with increasing

number of cycles. At the beginning of the test (i.e. at lower cycle counts) greater strains

were observed at higher temperatures. This is shown on the plots by the cyclic loops that

are slanted to the left of vertical. As the test progressed, the ratio of the strain at the

maximum stress to the strain at the minimum stress increased, as indicated by the cyclic

loops slanted more to the right. This behavior agrees with the strain versus time plots

shown in Figure 4.62 — Figure 4.64. In fact, Figure 4.65 Cycle 2059, which is just 17

cycles prior to failure, displayed a much greater strain at maximum load compared to that

at minimum load. This agrees with Figure 4.62, where a crossover in strain at maximum

stress and strain at minimum stress was observed.
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Figure 4.62 The total strain versus time plot for the peak and valley load data of a Ti-

24Al-17Nb-0.66Mo MMC tested at a maximum stress of 400 MPa. Note that the

symbols on the lines are provided to assist in identification of the cycle line.
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Figure 4.63 The total strain versus time plot for the peak and valley load data of a Ti-

24Al-17Nb-1.1Mo MMC tested at a maximum stress of 400 MPa. Note that the symbols

on the lines are provided to assist in identification of the cycle line.
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Figure 4.64 The total strain versus time plot for the peak and valley load data of a Ti-

24Al'17Nb-23Mo MMC tested at a maximum stress of 400 MPa. Note that the symbols

on the lines are provided to assist in identification of the cycle line.
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Figure 4.65 A hysteresis plot for the Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo MMC OOP

TMF tested at a maximum stress of 400 MPa. Note that the symbols on the lines are

provided to assist in identification of the cycle line.
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Figure 4.66 A hysteresis plot for the Ultra SCS-6fTi-24Al-17Nb- l.1Mo MMC OOP TMF

tested at a maximum stress of 400 MPa. Note that the symbols on the lines are provided

to assist in identification of the cycle line.
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Figure 4.67 A hysteresis plot for the Ultra SCS-6/Ti-24Al-l 7Nb-2.3Mo MMC OOP TMF

tested at a maximum stress of 400 MPa. Note that the symbols on the lines are provided
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2. Fracture Analysis of Thermomechanical Fatigue Samples

Fractography was conducted to provide insight into the deformation mechanisms

and to highlight any differences for samples tested under different loading conditions.

Secondary electron SEM images of samples tested at a maximum stress of 300 MPa are

presented in Figure 4.68 - Figure 4.70 for the Ultra SCS-6/Ti-24Al-l7Nb-O.66Mo, Ultra

SCS-6/Ti-24Al-17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS,

respectively. For comparison, secondary electron SEM images of samples tested at a

maximum stress of 600 MPa are presented in Figure 4.71- Figure 4.73 for the Ultra SCS-

6fl‘i-24Al-17Nb-O.66Mo, Ultra SCS-6/Ti-24Al-17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-

17Nb-2.3Mo MMCS, respectively.

The fracture surfaces for each MMC composition did not vary greatly with stress.

However, the Ultra SCS-6/Ti-24Al-17Nb-O.66Mo MMC fracture surfaces (Figure 4.68

and Figure 4.71) exhibited a greater amount of fiber pull-out than those of the Ultra SCS-

6/Ti-24A1-17Nb-1.1Mo and Ultra SCS-6/Ti-24Al-1 7Nb-2.3Mo MMCS. Furthermore, the

fracture plane of the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS (Figure 4.70 and Figure

4.73) was more planar than that observed for the Ultra SCS-6/Ti-24Al-l 7Nb-0.66Mo and

Ti-24Al-l7Nb-1.1Mo MMCS. The matrix fracture appeared similar to that observed for

the RT tensile tested specimens, which exhibited intergranular and cleavage failure. No

clamshell markings were found on any of the fracture surfaces.
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Figure 4.68 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti-24Al-17Nb—0.66Mo MMC OOP TMF tested at a maximum stress of 300

MP3.
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Figure 4.69 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti-24Al-l7Nb—1.1Mo MMC OOP TMF tested at a maximum stress of 300

MPa.
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200

MPa.

Figure 4.70 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti—24Al-17Nb-2.3Mo MMC OOP TMF tested at a maximum stress of 300

 



 
Figure 4.71 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo MMC OOP TMF tested at a maximum stress of 600

MPa.

20]



 

 

 



 
Figure 4.72 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo MMC OOP TMF tested at a maximum stress of 600

MPa.
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Figure 4.73 SE SEM images as (a) low magnification and (b) high magnification of the

Ultra SCS-6/Ti-24A1-17Nb-2.3Mo MMC OOP TMF tested at a maximum stress of 600

MPa.
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3. Microstructural Deformation Behavior

To help identify the microstructural deformation behavior of the MMCS a section

adjacent to the fracture surface was metallographically prepared for imaging in the SEM.

BSE SEM images of the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo, Ultra SCS-6/Ti-24Al-

17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-23Mo MMC samples tested in OOP TMF

where the maximum stress was 250 MPa, 450 MPa, and 600 MPa are presented in Figure

4.74 — Figure 4.82.

At a maximum stress of 250 MPa, only small cracks near the fracture surface

were observed for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-24Al-

17Nb-1.]Mo MMCS, see Figure 4.72 and Figure 4.75. No cracking was observed in the

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC, which did not fail and was stopped after the

run-out condition of 8,000 cycles was achieved. A significantly greater amount of

cracking was observed for each of the MMC compositions tested at maximum stresses of

450 MPa and 600 MPa. Cracks tended to emanate from the edge of the specimen and

propagate perpendicular to the loading direction. However, crack initiation from within

the bulk was also evident, see Figure 4.77, Figure 4.80, and Figure 4.82, as such cracks

never reached the edges of the specimens. Higher magnification SEM images indicated

that cracks primarily propagated transgranularly, passing through both the 02 phase and

the O+BCC colonies. However, some intergranular cracking was also observed.
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Figure 4.74 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-l7Nb-O.66Mo MMC OOP TMF tested at a maximum stress of 250

MPa The loading direction is vertical.
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Figure 4.75 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-l7Nb-1JMO MMC OOP TMF tested at a maximum stress of 250

MPa. The loading direction is vertical.
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Figure 4.76 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-l7Nb-23Mo MMC OOP TMF tested at a maximum stress of 250

MPa. The loading direction is vertical.
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Figure 4.78 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-l7Nb-1.1Mo MMC OOP TMF tested at a maximum stress of 450

MPa. The loading direction is vertical.
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Figure 4.79 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-l7Nb-2.3Mo MMC OOP TMF tested at a maximum stress of 450

MPa. The loading direction is vertical.
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Figure 4.80 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-17Nb-O.66Mo MMC OOP TMF tested at a maximum stress of 600

MPa. The loading direction is vertical.

211



_..-’5 -1.. ._l‘ _, g "2.. "--»,.a:“"“ .:-:;‘,-~q

 
Figure 4.81 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC OOP TMF tested at a maximum stress of 600

MPa. The loading direction is vertical.
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Figure 4.82 (a) Low-magnification and (b) high-magnification BSE SEM images of an

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC OOP TMF tested at a maximum stress of 600

MPa. The loading direction is vertical.
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CHAPTER 5

DISCUSSION

This chapter provides a detailed analysis of the results presented in Chapter 4, and

it is organized to follow the specific aims given at the end of Chapter 1. Discussed first is

the phase evolution of the Ti-Al-Nb alloy system, including the phase transformation

behavior. The effect of heat treatments and varying Mo additions on the microstructure

of the alloys and MMCS is discussed, and a further investigation of the fiber/matrix

interface is provided. Creep deformation mechanisms are suggested from the stress

exponents, activation energies, and microstructural deformation observations. The

fiber/matrix interface debond behavior was characterized and bond strengths were

determined. A model predicting the creep behavior of the MMCS based on the matrix

alloy creep rates and the fiber-matrix interfacial bond strengths was applied. This model

incorporated finite element analysis (FEA), which was used to determine the residual

stresses at the fiber/matrix interface. The microstructure-tensile property relationships

are discussed for the alloys and MMCS. This chapter ends with an analysis of the

microstructure-out-of-phase thermomechanical fatigue results.

A. Microstructure Discussion

1. Apparent Phases

One motive for choosing the alloy compositions in this study was the improved

creep resistance observed in a Ti-24Al-l7Nb-l .OMo alloy compared to that for a ternary

Ti-24Al-17Nb alloy [Majumdar et al. (1995)]. While no phase diagram has been
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developed for Ti-24Al-l7Nb-xMo, a phase map of the Ti-25Al-be composition has

been constructed, see Figure 5.1, and is applicable to the alloys in this study [Sagar et al.

(1996)]. Based on the B-phase stabilizing ability of Mo, one atomic percent addition of

Mo corresponds to the replacement of 4.25 atomic percent Nb [Ankem and Seagle

(1983)]. Therefore, the Ti-24Al-17Nb-0.66Mo, Ti-24Al-17Nb-1.1Mo, and Ti-24Al-

l7Nb-2.3Mo alloys were expected to have phase equilibria similar to that of Ti-24Al-

19.8Nb, Ti-24Al-21.7Nb, and Ti-24Al-26.8Nb, respectively.

The phase map was constructed through microstructural evaluations of Ti-25Al—

be alloys heat-treated at various temperatures. While the apparent phases are indicated

on the map, it is noted that this phase diagram violates the Gibbs phase rule, which states

that the number of phases plus the degrees of freedom for a system is equal to the number

of components plus two [Porter and Easterling (1992)]. A degree of freedom corresponds

to a variable such as temperature, pressure, and component composition. When

considering a system where pressure is held constant and the number of components is

three, this rule simplifies to the number of phases plus degrees of freedom is equal to

four. This means that for Ti-25Al-be containing one phase has three degrees of

freedom. On this phase map, violations occur where a phase change transition is not

separated by a change in the number of phases. For example, at high temperatures the

phase map indicates there is a transition from the B phase to the BZ phase. To be in

accordance with Gibbs phase rule, this should be transitioned by a B+B2 phase region.

Similar occurrences can be found in other locations on the phase map. Despite these

violations, the map provides an adequate look at the expected phases present within the

microstructures of the alloys and matrices.
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The microstructure of each alloy consisted of equiaxed (12 grains and O-phase

laths in a BCC-phase matrix. In accordance with the phase map, equilibrium cooling

from the BCC-phase field of a Ti-25Al-be (x2 17) alloy passes through the (12+BCC

two-phase field, then to the 013+BCC+O three-phase field, and lastly into the O or

O+BCC field. The transformation from BCC to az+BCC is relatively slow and depends

on the alloy composition and cooling rate [Banerjee et al. (1993), Muraleedharan et al.

(1992a)]. The formation of the a; phase was entirely suppressed for a Ti-25Al-17Nb-

lMo alloy at a cooling rate of 12°C/min [Zhang et al. (1998)]. Also, increasing the

content of BCC-phase stabilizer can reduce the temperature range of the a2+BCC and the

012+BCC+O phase fields [Zhang et a1. (1998)]. Similar to the (lg-phase formation, the

cooling rate has been shown to have a significant effect on the O-phase formation, where

increased cooling rates resulted in less 0 phase and more BCC phase [Rowe (1993)]. In

fact, a cooling rate of 30°C/min almost entirely suppressed the BCC -) BCC+O transition

for a Ti-23Al-27Nb-O.25Mo alloy, and it effectively shifted the transition to a

temperature which was 100°C lower [Rowe (1993)]. Moderate cooling rates

(approximately 2°C/min) were used in this study, thereby allowing for the 012-phase and

O-phase formation to occur.

The addition of Mo was expected to decrease the BCC -) az+BCC transition

temperature and also narrow the temperature range of the 012+BCC and the 012+BCC+O

phase fields. Differential thermal analysis was conducted to determine the BCC phase

transition temperature. The disappearing phase technique was used to verify the results.

The results indicated that the BCC transus temperature lied between 1115°C — 1130°C for

the Ti-24Al-l7Nb-0.66Mo alloy and between 1130°C - 1145°C for the Ti-24Al-17Nb-
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2.3Mo alloy. Although the Ti-24Al-l7Nb-2.3Mo alloy was expected to exhibit a lower

BCC-phase transformation temperature than the Ti-24Al-l7Nb-0.66Mo alloy due to the

increase in M0 (a beta phase-stabilizing element), the higher oxygen content in the Ti-

24Al-17Nb-2.3Mo alloy may have negated the effect of the Mo content. According to

the phase map the transitions for corresponding ternary alloy compositions of Ti-24Al-

17Nb-0.66Mo (i.e. Ti-24Al-l9.8Nb) and Ti-24Al-17Nb-2.3Mo (i.e. Ti-24Al-26.8Nb) are

approximately 1080°C and 1050°C. Therefore, the predicted transition temperatures are

significantly lower than those obtained experimentally. This increase in BCC transus

temperature is believed to be due to the relatively high oxygen content (1830 ppm for the

Ti-24Al-17Nb-0.66Mo alloy and 1670 ppm for the Ti-24Al-l7Nb-2.3Mo alloy) along

with the sluggish diffusion kinetics of Mo. Previous work on a Ti-24.5Al-l7Nb-1Mo

alloy observed a drop on the BCC transus temperature by approximate 20°C

[Krishnamurthy et al. (1995)].
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Figure 5.1 A phase map of the Ti-25Al-be system [Sagar et al. (1996)].
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2. 0 Phase Formation

The 0 phase precipitated out of the BCC phase into a Widmanstatten lath

morphology during the post-processing heat treatment. The 0 phase laths have a specific

orientation relationship with the parent BCC phase: [1 10]o//[l T llaz and (001)o//(011)32

[Muraleedharan et al. (1992), Boehlert et al. (1997)]. While microstructural texturing of

the (12 and O+BCC phases was not observed (i.e. the microstructures appeared similar in

all sectioned orientations), many of the 0 phase laths within a single BCC grain appeared

to be oriented similarly. This tendency has been previously noted and was suggested to

occur due to larger laths consuming the smaller laths of different orientation and also

suggested to occur due to slow cooling resulting in grain boundary nucleation and

growth-dominated behavior of one orientation relative to the others [Boehlert et al.

( 1997)]. The 0 phase was also sometimes observed surrounding the edges of the 012

grains. Such previous observations have been termed rim 0 phase where the orientation

relationship between the two phases, [100]o//[2 T T0]112 and (001)0//(0001)a2, is exhibited

[Banerjee et al. (1988) and Muraleedharan et al. (1995)]. The volume fraction of rim 0

phase was small compared with the 0 phase in the BCC regions.

3. Alloy Microstructure

The Ti-24Al-l7Nb-2.3Mo alloy contained a greater O+BCC phase volume

percent compared to that of the Ti-24Al-l7Nb-0.66Mo alloy. This was attributed to the

increase in Mo, a strong BCC phase stabilizing element. For both alloys the heat

treatment resulted in lower 012-phase volume percents and corresponding increases in

O+BCC phase volume percents. With the reduction in 012-phase volume percent there
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was a corresponding decrease in the equiaxed grain size of the 012 phase and an increase

in the O+BCC colony size. The heat treatment process involved a solutionizing step at

1050°C, which according to the DTA and disappearing-phase results was expected to fall

within the az+BCC two-phase field. The aging temperature (850°C) for both alloy

compositions fell within the expected O+BCC two-phase field, thereby rationalizing the

increase in the O+BCC phase volume percent observed for the heat-treated alloys.

There was a semi-continuous network of org-phase observed throughout the Ti-

24Al-l7Nb-O.66Mo alloy even in the HT condition. The (lg-phase network in the Ti-

24Al-l7Nb—2.3Mo alloy was more dispersed, containing fewer 112/a2 grain boundaries.

The Ti-24Al-17Nb—2.3Mo microstructure exhibited a finer O+BCC structure than the Ti-

24Al-l7Nb-0.66Mo microstructure. This was most likely the result of sluggish kinetics

due to M0 being a slow-diffusing element [Smith et al. (1999)]. Previous microprobe

work along with the work conducted in this dissertation has shown that the O+BCC

phase regions are rich in Nb and lean in Al compared to the (12 phase [Boehlert et al.

(1997), Smith et al. (1999)]. This was also observed for Ti-24Al-l7Nb-O.66Mo and Ti-

24Al-17Nb-2.3Mo alloys, as shown in Figure 5.2. The M0 was also shown to preferably

segregate to the O+BZ region, which is in agreement with previous work [Smith et al.

(1999)]. Furthermore, the Mo tended to be dispersed among the Nb, which is evident in

Figure 5.2 ((1). Areas with solely Mo would appear red whereas areas with solely Nb

would appear green. The areas colored yellow arise due to a mixture of red (Mo) and

green (Nb).

A modest amount of porosity, less than 1%, was observed in each alloy. This

porosity was most likely due to incomplete consolidation during the HIP cycle and was
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expected to have had a detrimental effect on all mechanical properties, especially er, due

to the associated stress concentration at the pores.
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Figure 5.2 (a) A BSE SEM image of the HT Ti-24Al-l7Nb—0.66Mo alloy. Color-coded

micrographs, formed using EDS, show the distribution of A1, Nb, and Mo. (b) displays

A1 (red) and Nb (green), (c) displays Al (red) and Mo (green), and (d) displays Al (blue)

and the combination of Nb and Mo (yellow -— formed from the combination of red and

green).
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4. Elemental Analysis and BCC Phase Ordering

The chemical compositions of each phase were determined using a microprobe

analysis. The average chemical composition of the a; phase was 61.8Ti-26.5Al-11.6Nb-

0.1Mo and 60.9Ti-26.7Al-1l.9Nb-0.5Mo for the Ti-24Al-l7Nb-0.66Mo and Ti-24Al-

l7Nb-2.3Mo alloys, respectively. As stated in Chapter 2, the chemical make-up of a2 is

Ti3Al. The Nb and Mo exist in a solid-state solution within the (12 phase. For a Ti-26Al-

l7Nb alloy, the composition of the (12 phase was measured to be Ti-27Al-lONb, which is

comparable to that observed in this alloy system [Banerjee (1995)]. A previous study has

shown Nb contents as high as 19.7 at.% within the 02 phase [Cowen (2006)]. The a;

phase has now been shown to hold up to 0.5 at.% M0 in solid solution for a Ti-24Al-

l7Nb-2.3Mo alloy. To the author’s knowledge this is the highest Mo content observed in

titanium aluminides to date.

The average chemical composition of the 0 phase was 58.7Ti-24.5Al-16.3Nb-

0.6Mo and 54.9Ti—25.5Al-l7.3Nb-2.3Mo for the Ti-24Al-l7Nb-0.66Mo and Ti-24Al-

l7Nb-2.3Mo alloys, respectively. The O-phase stoichiometry is TizAle. With a 2:1:1

ratio of TizAlsz, Nb was the limiting element in the formation of the 0 phase.

Therefore, the amount of 0 phase that can be formed within these alloys is strongly

dependent on the Nb content. An increase in the nominal Nb content would therefore be

expected to increase the O-phase volume fraction of the alloys. The 0 phase of the Ti-

24Al-l7Nb-2.3Mo alloy was shown to hold up to 2.3 at.% Mo. Given the similarity in

atomic radii of Nb (2.080 A) and Mo (2.010 A), it is likely that the Mo substitutes at Nb

atom sites within the crystal structure.
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The chemical compositions of the BCC phase were 56.6Ti-17.6Al-24.2Nb-1.5Mo

and 53.8Ti-18.3Al-25.3Nb-2.6Mo for the Ti-24Al-17Nb-0.66Mo and Ti-24Al-17Nb-

2.3Mo alloys, respectively. The BCC phase is based on the CsCl structure with Ti atoms

occupying the V2 l/2 '/2 position and either Al or Nb atoms at the 0 0 0 position. In this

alloy system, the BCC phase is typically enriched in Nb, due mainly to the diffusion of

Nb away from the (12 phase (Ti3Al). Therefore, the low Al contents observed in the BCC

phase of these alloys were expected. The BCC-phase Mo content was always higher than

the bulk alloy Mo content, while the 012-phase Mo content was always lower than the bulk

alloy content. The M0 content within the BCC phase was as high as 2.6 at.% for the Ti-

24Al-17Nb-2.3Mo alloy.

A comparison of the microprobe data to those found for bulk chemical analysis

was performed using a rule-of-mixtures calculation. The calculated bulk chemical

composition was determined using:

Bulk Composition = V11Xu + V1o+3cc)X(o+3cc) (5.1)

where Va and V0.13“: are the phase volume percentages of the a; phase and O+BCC

colonies, respectively, and X1, and Xotgcc are the element (Ti, Al, Nb, or Mo) contents in

the (12 phase and the O+BCC colonies, respectively. Xo+3cc was taken to be a weighted

average of the elemental contents found within the O and BCC phase. The calculated

results are presented in Table 5.1 along with those determined from the bulk chemical

analysis. The calculated phase compositions compare favorably to those found using

bulk chemical analysis. The difference between the two sets of values is attributed to the

missing phase volume percents of the individual 0 and BCC phases. The average
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element content was used for the O+BCC colonies. This suggested that the alloys

contained equal volume fractions of the O and BCC phases, which was unlikely.

Table 5.1 A comparison of the rule-of-mixture calculations to bulk chemical analysis
 

 

 

Method Material Ti Al Nb M0

(at.%) (at.%) (at.%) (at.%)

Rule-of-Mixtures HT Ti-24Al-l 7Nb-0.66Mo 59.2 23.1 16.9 0.69

Rule-of-Mixtures HT Ti-24Al- l 7Nb-2.3Mo 55.9 23.1 19.0 1.98
 

Bulk Chemical Analysis HT Ti-24Al-l7Nb-0.66Mo 60.8 22.2 16.3 0.66
 

      Bulk Chemical Analysis HT Ti-24Al-l7Nb-2.3Mo 56.1 24.4 17.2 2.3
 

Previous studies have shown that the Al content within the BCC phase affects

ordering, where higher Al contents favor the formation of the ordered BCC phase (BZ)

and lower Al contents favor the formation of the disordered BCC phase (B) [Bendersky

(1991), Boehlert et al. (1991), Cowen (2006)]. It was shown that the BCC phase within a

Ti-21Al-29Nb alloy with at least 18 at.% Nb tended to be ordered, while a Ti-15Al-33Nb

alloy with at most 15 at.% Nb favored the formation of the disordered BCC phase

[Cowen (2006)]. The BCC phase of the each alloy in this study contained approximately

18 at.% Nb, therefore suggesting the formation of the ordered BCC phase.

Verification of the ordered BCC phase was accomplished using XRD to look for

superlattice reflections. These reflections only occur if lattice sites are occupied by

specific atoms apparent in the ordered 82 phase. The disordered phase lacks superlattice

reflections because the BCC structure factor is followed, which only allows a given

reflection to appear (shown by a peak in the XRD scan) when the Miller indices (hkl)

sum to an even number (i.e. h+k+l = even). However, for the ordered BZ phase the

simple cubic structure factor is followed, allowing for a greater number of diffracting

planes to appear in the scan, although at a weaker intensity. An XRD scan of the Ti-
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24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo alloys both showed the (210) supperlattice

reflection to be present (see Figure 4.16 on p. 119). Therefore, it is likely that the BCC

phase within these alloys is ordered 82. However, the degree of order was not

determined, and the microstructure likely consisted of both the ordered B2 phase and the

disordered [3 phase, where only the ordered 32 phase would contribute to the superlattice

reflection peak.

5. Metal Matrix Composite Microstructure

For the MMC panels, the fiber distribution was relatively uniform and in general

the fiber-matrix interface was well consolidated. The microstructures within the matrices

of the MMCS were similar to those within the alloys. However, the (12 phase volume

percent in the Ti-24Al-17Nb-0.66Mo matrix was greater than that in the alloy. The phase

volume percents of the Ti-24Al-17Nb-2.3Mo alloy and MMC were similar. For the Ti¢

24Al-17Nb-1.1Mo matrix the phase volume percents of a2 and O+BCC fell between the

values obtained for the Ti-24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo matrices. The

a; grain size of the Ti-24Al-17Nb-1.1Mo matrix was significantly greater than the a;

grain size within the Ti-24Al-l7Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo matrices. This

observation was justified by the variance in processing conditions, as discussed in

Chapter 3.

6. Interface Microstructure

The matrix region near the fiber-matrix interface was depleted of the O+BCC

phases and enriched in the a; phase. This is a result of the reaction between the fiber and
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matrix during consolidation and subsequent heat treatment as when carbon diffuses

across the interface it stabilizes a greater volume fraction of the (12 phase [Krishnamurthy

and Miracle (1997)]. The reaction zone between the matrix and the outer coating was

between 1 — 2.5 pm thick.

For the MMCS, the diffusion of carbon from the fiber coating into the matrix,

stabilizing the (12 phase, poses a problem when selecting a heat treatment [Krishnamurthy

and Miracle (1995)]. These reaction zones have also been observed in SCS-6/Ti-24Al-

lle and SCS-6/Ti-24.5Al-17Nb MMCS [Smith et al. (1992), Krishnamurthy et al.

(1994)]. Such reaction zones contain numerous 012/(12 grain boundaries that serve as

potential sites for matrix cracks, which can significantly reduce elongation-to-failure.

These reaction zones are affected by interstitial carbon, an a-phase stabilizer, which

diffuses fi'om the fiber coating during the consolidation of the MMC and the subsequent

heat treatment. Interstitial carbon has been observed as far as 60 um away from the

interface for a SCS-6/Ti-6Al-4V (wt.%) MMC [Pickard and Miracle (1995)]. However,

the amount of carbon diffusion within the alloys in this study was expected to be

decreased due to the presence of Mo, as the addition of Mo has been shown to reduce

diffusion controlled reactions [Porter et a1. (1995)].

Carbides and silicides are reaction products that have been observed in a SCS-

6/Ti—6Al-4V MMC [Martineau et al. (1985), Gundel and Miracle (1997)]. However, the

addition of Nb and Al can produce more complicated reaction products, where Nb and Al

can diffuse and react with TiC forming a complex carbide of (Ti, Al, Nb)C [Konitzer and

Loretto (1989)]. The reaction zone of the MMCS in this study was expected to be

composed of these complex carbides and silicides, similar to those seen in a SCS-6/Ti-
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24Al-11Nb MMC [Yang and Jeng (1989)]. No experimental work was performed to

determine the reaction products present between the fiber and matrix in this work.

B. Creep Discussion

1. Microstructure-Creep Relationships

The Ti-24Al-17Nb-2.3Mo and Ti-24Al-17Nb-1Mo alloys exhibited the lowest

primary creep strains and minimum creep rates, while the baseline ternary alloy exhibited

the worst primary and secondary creep resistance. The Ti-24Al-17Nb-2.3Mo alloy

exhibited superior creep resistance compared with the Ti-24Al-17Nb-0.66Mo alloy. In

fact, approximately one order of magnitude difference in minimum creep rate was

observed at all stresses evaluated at 650°C. Thus, small increases in M0 content

significantly increase the creep resistance of Ti-Al-Nb alloys. This was one of the major

findings of this work. The reasons for the increased creep resistance of the Ti-24Al-

17Nb-2.3Mo alloy compared to the Ti-24Al-17Nb-0.66Mo alloy are believed to be due to

three microstructural differences: decreased number of 0.2/0.2 grain boundaries, increased

O+BCC colony size, and the solid solution strengthening effects of the Mo. However,

the Ti-24Al-17Nb-1Mo alloy exhibited similar creep strain/time behavior as that for Ti-

24Al-l7Nb-2.3Mo. Consequently, Mo additions greater than 1 at.% may not be

necessary to further enhance the creep resistance. The Ti-24Al-17Nb-0.66Mo alloy

exhibited an average of 6.9% creep strain at failure, while the Ti-24Al—l7Nb-2.3Mo alloy

had an average creep strain of 1.7% at failure. Therefore, while increases in M0 contents

resulted in greater creep resistance, such increases also led to lower creep failure strains.
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Thus, the Mo content needs to be considered when both Elf and time-to-rupture are

important parameters.

Each of the microstructures contained a mixture of equiaxed a2 and lath O+BCC

regions. It is noted that the baseline ternary alloy underwent an identical subtransus heat

treatment schedule as the alloys in the current study, while the Ti-24Al-17Nb—1Mo alloy

also underwent a similar subtransus heat treatment. The baseline ternary alloy exhibited

the greatest org-phase volume fraction (0.52), while the Ti-24Al-l 7Nb-1M0 and Ti-24Al-

l7Nb-2.3Mo alloys exhibited the lowest 012-phase volume fractions; 0.21 and 0.24,

respectively. Thus, the creep resistance increased with lower 012-phase volume fractions

and greater 0 phase volume fractions.

The size of the O+BCC colonies was expected to affect the creep resistance of

each alloy. The average prior BCC grain diameter was measured to be 11.5i2.3 urn for

the Ti-24Al-17Nb-0.66Mo alloy and 15.6i3.2 pm for the Ti-24Al-17Nb-2.3Mo alloy.

The finer grain size of the Ti-24Al-17Nb-0.66Mo alloy may have contributed to its

poorer creep resistance. The O-phase size and spacing has been shown to have a

significant effect on creep rates. However, this observation is contrary to that observed

for a Ti-25A1-17Nb-1Mo alloy, where a finer-lath microstructure possessed lower creep

resistance than a coarse-lath microstructure [Zhang et al. (1998)]. Thus, the fine O+BCC

phase regions may have also contributed to the greater creep resistance of the Ti-24Al-

l7Nb-2.3Mo alloy compared to the Ti-24Al-17Nb-0.66Mo alloy. A decrease in spacing

between O-phase laths would be expected to increase the creep resistance of the alloys.

The decreases in spacing would result in a lower mean fiee path slip plane within the

BCC grains and would most likely result in the pileup of dislocations at the O-phase
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grain boundaries. Observations of dislocation pileup at O-phase grain boundaries have

been noted in other Ti-Al-Nb alloys [Boehlert and Miracle (1999), Boehlert (1999)].

Dislocation motion is important when the dominant secondary creep deformation mode is

dislocation-controlled climb, where a steady-state creep rate is achieved when strain

hardening is balanced by recovery. This was the suggested secondary-creep deformation

mode for stresses above 170 MPa at 650°C. The piling up of dislocations at O-phase

grain boundaries would increase the amount and rate of strain hardening, which would

result in a lower minimum creep rate. The O-phase spacing for the heat treated Ti—24Al-

l7Nb-0.66Mo and Ti-24Al-l7Nb-2.3Mo alloys were both submicron in size. However,

the as-processed Ti-24Al-17Nb-0.66Mo and Ti-24A1-17Nb-2.3Mo alloys both had larger

O-phase lath spacings suggesting that creep results of the as-processed alloys would

exhibit poorer creep resistance than that of the heat-treated alloys. Furthermore, the BCC

phase in the as processed alloys would have been transforming into the 0 phase during

creep deformation at 650°C causing additional creep strain due to microstructural

instability.

The addition of Mo may also have had a beneficial affect by solid-solution

strengthening of the BCC phase and decreasing the creep diffusion rates. In this study

identical microstructures of each alloy were not obtained through heat treatment. Thus,

the sole effect of Mo content on the creep behavior was not determined. Therefore the

above statements must be combined to summarize the creep data as there existed both a

microstructural difference caused by Mo affecting the phase volume fractions and lath

spacings as well as a solid-solution strengthening effect.
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2. In-Situ Creep Observations

The in-situ creep experiments indicated that grain boundaries were the locus of

deformation and cracking in each of the alloys investigated. Deformation in the form of

cracking was observed within the a; phase and at the a; grain boundaries, which agrees

with previous observations of a Ti-22Al-23Nb alloy creep tested at 650°C and 172 MPa

[Smith et al. (1995), Smith and Porter (1997)]. With increased displacement, the on grain

boundary cracks grew in length and width. There is little evidence of crack initiation at

the interface between the 0 phase and BCC phase. Therefore, it is expected that a

decrease in the a; phase volume percent and correspondingly, an increase in the O+BCC

phase volume percent would increase the creep resistance of the alloy. Previous studies

on Ti-25Al-17Nb and Ti-22Al-23Nb alloys demonstrated that increased volume fractions

of high aspect ratio 0 phase and corresponding decreases in equiaxed (12 result in

improved creep performance [Boehlert et al. (1995), Krishnamurthy et al. (1995), Smith

et al. (1995), Smith and Porter (1997)]. These results have been attributed to the inherent

improvement in creep resistance of lath structures over that of equiaxed structures and

also to the lower creep strain rates obtained for the 0 phase over that of the (12 phase

[Albert and Thompson (1992), Cho et al. (1990), Hayes (1991), Banerjee et al. (1993)].

Thus, reducing the continuity and size of the (12 phase through the addition of small

amounts ofMo can have a significant effect on the creep behavior.

The amount of grain boundary cracking observed on the sample surface was

greater than that observed within the bulk of the samples tested in air. This was due to a

lack of constraint on the sample surface and the presence of higher stress states at the

edges (due to sample geometry) than in the bulk of the sample, which resulted in a
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greater extent of cracking and grain boundary sliding occurring on the surface. For the

samples tested in-situ in a vacuum, environmentally-assisted cracking did not occur as

readily as that for samples tested in air. Therefore, the effect of the environment on the

stability of the alloys at high temperatures is of great concern. Thermal barrier coatings

are being developed for Ti alloys and Ni-based superalloys to help prevent

environmentally-assisted cracking and thereby improve creep resistance.

A BSE SEM image of the Ti-24Al-17Nb-O.66Mo alloy in-situ creep tested at 180

MPa and 650°C (previously presented in Chapter 4) is shown in higher magnification in

Figure 5.3. This applied stress was chosen because it sits at the upper end of the stress

range where grain boundary sliding is suggested to be the dominant creep deformation

mechanism for the Ti-24A1-17Nb-0.66Mo alloy. Within Figure 5.3 (b) grain boundary

cracking is apparent, and it is observed that the grain boundary displacement between

individual grains varies. The grain boundary sliding was expected to be accommodated

by grain boundary cracking. The amount of displacement between the grain boundaries

was dependent on the amount of grain boundary sliding and grain boundary migration.

Grain boundary migration is the process in which atoms diffuse across a grain boundary

in an attempt to bring it back to a lower energy configuration [Garafalo (1965)]. When

observed in polycrystalline structures, grain boundary migration has been associated with

a recovery process involving subgrain formation and strain-induced migration [Garafalo

(1965)]. Since not all portions of the grain boundaries behave similarly, grain boundary

migration can lead to the development of serrations or corrugations at the boundaries of

polycrystalline metals [Garafalo (1965)]. Serrations are evident along the O+BCC

colonies that have slid away from (12 grains in Figure 5.3 (b). Low-angle (1 .5° or less) tilt
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boundaries and high-angle (greater than 15°) boundaries tend to migrate faster than those

with intermediate misorientation angles [Garafalo (1965)]. Therefore, the difference in

grain boundary displacement may be attributed to the orientation of each grain with

respect to its neighboring grains.
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Figure 5.3 BSE SEM photomicrographs of the Ti-24Al-l7Nb-0.66Mo alloy in-situ creep

tested at 180 MPa and 650°C (a) prior to loading and (b) at a total displacement of 0.63

mm. The loading direction is horizontal.
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During creep testing multiple deformation mechanisms can be present. The total

creep strain observed is made up of intragranular deformation and grain boundary sliding.

Therefore, the dominance of grain boundary sliding is dependent on the proportion of

creep strain achieved due to sliding. However, if grain boundary sliding is dependent

upon prior intragranular deformation then it is only an accommodating process and not a

controlling process [Garafalo (1965)]. In comparing Figure 4.30 (a) — (f) (pp. 140-142)

and Figure 5.3 (a) and (b), it is clear that little or no deformation was observed within the

(12 grains or O+BCC colonies, where the individual grains appeared the same prior to

deformation and post deformation suggesting that grain boundary deformation was not

accommodating intragranular deformation. Therefore, grain boundary cracking and

sliding were considered to be the rate controlling creep deformation process for these test

conditions.

3. Suggested Dominant Creep Deformation Mechanisms of the Alloys

Pure metal theory has been extensively used to suggest the dominant secondary

creep deformation mechanisms of the O-phase alloys cited in this dissertation. Therefore,

to compare results, pure metal theory was used to explain the dominant creep

mechanisms in this dissertation. These mechanisms are based upon the creep exponent

(n) and apparent activation energies (Qapp) calculated from the power-law equation for

the creep strain rate. It is noted that the alloys in this study were not pure metals, but

were composed of disordered solid solution phases and interrnetallic phases.

The Ti-Al-Nb-Mo alloys investigated in this study contained the (12, B/BZ, and 0

phases. To the author’s knowledge no self-diffusion data is available in the literature for
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the O or B/BZ phases. The self diffusion data for (12 was presented in Table 2.11. The

activation energies for Ti, Al, and Nb in Ti3Al ((12 phase) are 288, 374, and 312 kJ/mol,

respectively [Rusing and Herzig (1996)]. The activation energies of other (12 alloys creep

tested in a high stress regime (11 greater than 4) range from 206 — 285 kJ/mol [Mendiratta

and Lipsitt (1980), Malakondaiah and Rao (1981), Mishra and Banerjee (1990)]. These

values are in close agreement with those found for lattice self diffusion of Ti, Al, and Nb

in Ti3A1. For alloys and pure metals activation energies approximately half that of lattice

self diffusion typically correspond to grain boundary diffusion [Evans and Wilshire

(1985)].

Using the creep exponents and apparent activation energies measured in this

work, dominant deformation mechanisms of the Ti-24Al-l7Nb-0.66Mo and Ti-24Al-

l7Nb-2.3Mo alloys were proposed. Each alloy displayed a transition in creep exponents,

where a constant n value could be fit to each regime. The Ti-24Al-17Nb-0.66Mo alloy

had an n value of 1.8 from 29 MPa to 172 MPa and an n value of 4.6 from 172 MPa to

225 MPa. The n values suggest grain-boundary sliding was the main deformation

mechanism in the lower stress regime with a transition to dislocation climb at stresses

greater than 172 MPa. A change in apparent activation energy was also observed in each

stress regime. At 29 MPa, an apparent activation energy of 129 kJ/mol was calculated at

temperatures ranging from 650°C to 710°C, while an apparent activation energy of 249

kJ/mol was calculated at 150 MPa over the same temperature range. The lower

activation energy value (129 kJ/mol) was suggested to be representative of grain

boundary diffusion, while the higher activation energy value (249 kJ/mol) was suggested

to be representative of lattice self diffusion. The Ti-24Al-17Nb-2.3Mo alloy displayed a
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similar shift in n value at 650°C, going from 2.0 in a stress regime ranging from 50 MPa

to 225 MPa to 4.8 in a stress regime ranging from 225 MPa to 275 MPa. These 11 values

suggested grain-boundary sliding and dislocation climb to be the dominant deformation

mechanisms in the lower and higher stress ranges, respectively. An activation energy of

293 kJ/mol at 150 MPa obtained over a temperature range of 650°C — 670°C was

suggested to be representative of lattice self diffusion. This value is within the range of

those measured for Ti3Al alloys mentioned on the previous page. In-situ testing verified

that the majority of creep deformation that occurred in the lower stress regime occurred

through grain boundary cracking and sliding.

4. Metal Matrix Composite Creep

MMC creep testing was conducted with specimens containing fibers oriented

perpendicular to the loading direction. The greatest creep resistance was exhibited by the

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC, while the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo

MMC exhibited the poorest creep resistance. This result was expected based on the

poorer creep resistance of the Ti-24Al-17Nb-0.66Mo alloy compared with the Ti-24Al-

l7Nb-2.3Mo alloy and the fact that the 90°-oriented MMC creep response is strongly

dependent on the matrix alloy’s creep behavior. The alloys exhibited significantly lower

secondary creep rates and greater creep resistance than their respective MMCS. The

modified Crossman model suggests that such a condition arises when the applied creep

stress is greater than the fiber/matrix interfacial strength [Majumdar (1997)]. In this case

the MMC is expected to behave similarly to the matrix alloy tested with holes where the

fibers lie. This will be further analyzed with respect to the interface strength
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measurements later in this chapter. In comparing all the alloys and MMCS tested in this

study, the Ti-24Al-l7Nb-2.3Mo alloy exhibited the lowest secondary creep rates and

greatest creep resistance. The secondary creep rates for the Ultra SCS-6/Ti-24Al-17Nb-

1.1Mo MMC and Ultra SCS-6/Ti—24Al—17Nb-2.3Mo MMC were similar to those for the

Ti-24Al-17Nb-0.66Mo alloy. However, each of these remained approximately one order

of magnitude greater than those for the Ti-24Al-l7Nb-2.3Mo alloy. The Ultra SCS-6/Ti-

24Al-17Nb-1.1Mo MMC experienced similar creep rates to those for the Ultra SCS-6/Ti-

24Al-17Nb-2.3Mo MMC, as was similarly observed for their respective alloys. The

average creep failure strains for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo, Ultra SCS-6/Ti-

24Al-17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo were 2.6%, 1.5%, and 1.1%,

respectively. These values are lower than those obtained for the corresponding alloy

compositions (6.9% for the Ti-24Al-1 7Nb-0.66Mo alloy and 1.7% for the Ti-24Al-17Nb-

2.3Mo alloy). The difference in values between the MMCs and alloys is likely due to the

variance in creep failure modes observed.

SEM images revealed that transgranular cracking was apparent for each MMC

creep tested (Figure 4.40 on p.157). These cracks tended to initiate at the fiber/matrix

interfaces and at multiple sites along the specimen surface. Flaws resulting from a cut

fiber, embrittled matrix, exposed fiber edge, and surface defects have been attributed to

assist in surface crack initiation [Das et a1. (1992)]. Cracks initiating at fiber/matrix

interfaces could link with other fiber/matrix interface cracks or a surface crack forming a

dominant crack. Propagation of the dominant crack eventually resulted in failure of the

MMC. As the cracks propagated, stress-assisted environmental degradation occurred. A

previous study of a SiC/Ti-24Al-11Nb MMC found that dislocations tended to pile up
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against the reaction zone during creep, but because no dislocations were observed in the

reaction zone is was suggested that this zone served as a barrier to dislocation motion

[Das et al. (1992)]. The reaction zone of the Ti-24Al-17Nb-0.66Mo, Ti-24Al-17Nb-

1.1Mo and Ti—24Al-17Nb-2.3Mo MMCS was likely to behave in a similar manner. It

was therefore expected that the pileup of dislocations resulted in a stress concentration,

which accounted for the cracking observed at the fiber/matrix interface of each MMC.

A constant n value was associated with each MMC composition. The Ultra SCS-

6/Ti-24Al-17Nb-0.66Mo, Ultra SCS-6/Ti-24Al-17Nb-1.1Mo, and Ultra SCS-6/Ti-24Al-

l7Nb-2.3Mo MMCs exhibited creep exponent values of 1.5, 1.4, and 1.5, respectively.

The applied stress ranged from 10 MPa —— 75 MPa, depending on the MMC composition.

These n values were lower than those obtained for the respective alloy compositions (n =

1.8 for the Ti-24Al-l7Nb-0.66Mo alloy and n = 2.0 for the Ti-24Al-17Nb-2.3Mo alloy).

An apparent activation energy of 80 kJ/mol was calculated for the Ultra SCS-6/Ti-24Al-

17Nb-0.66Mo MMC over a temperature range of 670C — 710°C and at a stress of 10

MPa. The apparent activation energy of the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC

over a temperature range of 650°C — 710°C and at an applied stress of 30 MPa was 126

kJ/mol. The matrix of the MMCS was expected to deform in a manner similar to that

observed for the respective alloy compositions, where in the lower stress regime grain

boundary sliding was suggested to be dominant. However, SEM observations suggest

that transgranular cracking was evident, which accounts for the higher creep strain rates

observed for the MMCs over that of the alloys and hence, the poorer creep resistance.

Therefore, by reducing the number of stress risers, which result in the formation of

transgranular cracks, improvements in creep resistance can be expected.
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5. Creep Modeling

5.1 The Modified Crossman Model

Analytical modeling provides a means to estimate the transverse MMC creep

response from the creep behavior of the matrix alloy. In a finite element model, the stress

that the matrix is subjected to in the 90°—oriented MMC can be represented by:

“modified = (Supplied. CXPHI ' V) (52)

where V is the fiber volume fraction, cappucd is the applied stress on the MMC, and n is a

bonding factor ranging from -2.0 (no bond strength or in the debonded condition) to 1.4

(infinite bond strength or in the bonded condition) [Crossman et al. (1974)]. Given that

secondary creep can be represented by the power-law relationship between strain rate and

5116382

618 ,,

——=A0 6»
dt

Majumdar has shown that substitution of the modified stress in equation (5.2) into

equation (5.3) results in a representation of the MMC secondary creep rate:

8 MMC = 8 Matrix ° exp (— 77 ° V ' I?) (5.4)

where 8 MMC and 8 Matrix are the MMC and matrix alloy secondary creep strain

rates, respectively [Majumdar (1997)]. This MMC creep model suggests that the MMC

secondary creep rate is based on the matrix creep rate, fiber volume fraction, and bonding

factor. An example of this model is provided in Figure 5.4, where n = 3 and V = 0.35.

When n = 1.4, the MMC secondary creep strain rate is lower than that of the alloy. For

n = -2.0, higher secondary creep strain rates are expected in the MMC compared to that

240

 

 



of the alloy. It is suggested that the transition between the infinite bond strength (1] = 1.4)

and zero bond strength (n = -2.0) conditions occurs at a finite bond strength. In Figure

5.4, this bond strength value is arbitrarily designated as 150 MPa, as shown with a solid

line transition at o = 100 MPa (assuming a stress concentration factor of 1.5). This model

has been used to represent the transverse creep resistance of a SCS-6/Ti-6Al-4V (wt.%)

MMC where for applied stresses below the fiber-matrix bond strength the MMC

exhibited lower secondary creep rates than the matrix alloy, and for applied stresses

greater than the bond strength the MMC exhibited greater secondary creep rates than the

matrix alloy [Miracle and Majumdar (1999)].

Application of this modified Crossman model to the data in this study is given in

Figures 5.5 (a) and 5.5 (b). Using the debonded condition, the model predicted the

secondary creep rates of the MMC quite well. As discussed by Miracle and Majumdar

[Miracle and Majumdar ( 1999)], the stress singularity at the free surface needs to be

avoided in order to achieve MMC secondary creep rates lower than those for the matrix

alloy. Previous studies have shown that when fibers intersect a free surface a tensile

stress singularity arises at the fiber/matrix interface due to thermal loading (i.e. residual

stresses) [Kurtz and Pagano (1991), Warrier et al. (l996a)].
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Figure 5.4 A depiction of the model designed by Majumdar [Majumdar (1997)] to

describe the creep response of a MMC based upon the creep response of the matrix and

the fiber/matrix bond strength.
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Figure 5.5 Creep Rate versus applied stress plot for the 90° MMCs and their alloys: (a)

Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo and (b) Ti-24Al-17Nb-

2.3Mo and Ultra SCS-6/Ti-24Al-l 7Nb-2.3Mo. The MMC data was in reasonable

agreement with that predicted by the modified Crossman model [Majumdar ( 1997)] using

the debonded assumptions.
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The local interface stresses at the sample edges, due to residual stresses, are large

enough to result in premature fiber/matrix separation. However, the radial residual stress

at the interface changes from tensile at the edges to compressive away from the edge, and

therefore damage to the interface integrity is not likely to extend much further than about

one fiber radius into the sample [Miracle and Majumdar (1999)]. Upon loading though, a

tensile stress concentration is also produced at exposed fiber ends. This creates a greater

tensile singularity at the free edges, which in turn provides a driving force for crack

propagation. Upon reaching stresses large enough to overcome the radial residual stress

the singularity becomes unstable, extending the crack into the composite [Miracle and

Majumdar (1999)]. It has been shown that debonding initiates at this stress singularity

[Tandon et al. (1997)].

In the work performed by Miracle and Majumdar they avoided this stress

singularity by embedding the fiber edges within the matrix, and this resulted in obtaining

one data point where the secondary creep rate of the MMC was lower than that of the

matrix alloy [Miracle and Majumdar (1999)]. No embedded fiber specimens were

manufactured in the current work, and the MMC samples always exhibited secondary

creep rates greater than the matrix alloys even at applied stresses as low as 10 MPa.

5.2 Bond Strength Determination

The fiber/matrix interfacial bond strength measurements were obtained through

RT tensile testing of cruciform-geometry samples oriented with the fibers perpendicular

to the loading direction. Previous work has shown that debonding events are correlated

to the onset of nonlinearity in the stress-strain curves [Boehlert et al. (2001), Gundel et
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al. (1995), Gundel and Miracle (1998), Gundel et al. (1997)]. This deviation in slope was

shown in Figure 4.43 (p.161), where one experiment for each MMC composition is

depicted. Through the use of an incremental slope method, which used the Pearson

product moment correlation, the error in determining where a debond event occurs is

minimized [Boehlert et a1. (2001), Pearson (1896)]. The average local applied stress

values at the onset of nonlinearity were 98.5 :1: 12.0 MPa, 158.3 i 32.3 MPa, and 105.8 i

22.2 MPa for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo, Ultra SCS-6/Ti-24Al-17Nb-

1.1Mo, and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS, respectively. The higher local

applied stress values for Ultra SCS-6/Ti-24Al-17Nb-l.1Mo may be partially attributed to

the slightly different temperature and pressure used during the HIP procedure as

mentioned in the experimental procedures section.

Finite element modeling was performed in ABAQUS to gain an understanding of

the stress state in the cruciform geometry samples. The portion of the specimen modeled

is shown in Figure 5.6. The modeled specimen was designed to have an applied stress of

one. The resulting contour plots showing the von Mises stress distribution are given in

Figure 5.7 for the horizontal axis (loading direction) and Figure 5.8 for the vertical axis

(perpendicular to the loading direction). These plots show that the wings of the

cruciform do not sustain significant stresses in either the horizontal axis or vertical axis.

Therefore, the stress concentration at the edges of the samples due to fiber exposure was

avoided. The highest stress concentration was observed along the gage of the specimen

near the curve of the wings, which agreed well with the failure location observed during

testing. The stress state within the cruciform in the loading direction is fairly uniform

around the center of the cruciform. The maximum stress in this region is approximately
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0.8 times that of the far-field stress. A previous study using a similar model found the

maximum stress around the center of the cruciform to be 0.95 times that of the far-field

stress [Boehlert et al. (2001)]. The difference in values between the two models was

attributed to the different materials properties and to the use of a smaller radius of

curvature for the model used in this work.
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 Figure 5.6 A photo of the cruciform specimen showing the section used (outlined in solid

black lines) to develop the finite element model. Note that the fibers in this sample are

horizontal.
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Figure 5.7 A contour plot of the cruciform sample showing the von Misses stress in the

direction normal to the fiber alignment. The stress applied in the model (shown by the

arrows) was equal to 1, and the corresponding concentration factors are listed based on

color.
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Figure 5.8 A contour plot of the cruciform sample showing the von Misses stress in the

direction parallel to the fiber alignment. The stress applied in the model (shown by the

arrows) was equal to 1, and the corresponding concentration factors are listed based on

color.
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The bond strength calculations were based on the following equation:

 

O-bOIId : KO-Iocal + Uresidual (55)

where Obond, 010cm, and oresiduar are the bond, local, and residual stresses, respectively and

K is the stress concentration factor. The residual stresses can be determined through

neutron diffraction or etching experiments, and the also can be estimated using modeling.

Using the concentric cylinder analysis described elsewhere, the residual stress was

calculated using the following equation:

 

a _ (1— VhEmAaAT

'“""”"’ ' (1 — V )(1— 2v)— 2an + (1+ V)” (5'6)

 

where n = Ep/Em and Er and Em are the fiber and matrix Young’s modulus, respectively,

An = (am-of) where am and (If are the coefficients of thermals expansion for the matrix

and fiber, respectively, AT is the stress fiee temperature minus the composite

temperature, V is the fiber volume fraction, and v is the Poisson’s ratio (assumed to be

identical for the fiber and matrix) [Boehlert et al. (2001), Hecker et al. (1970), Majumdar

et al. (1998)]. The largest error in this calculation was expected to be the stress-free

temperature [Boehlert et al. (2001 )].

Equations (5.5) and (5.6) were applied to the data using a fiber volume fraction of

0.35, Ef of 390 GPa, and E“1 of 110 GPa. Estimates for the remaining variables were:
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v = 0.25, or = 4.65 x 10‘6 /°C and am = 10.0 x 10'6 /°C, respectively, and AT = 800°C. The

resulting residual stress was -231.2 MPa.

The stress concentration factor (K) in Equation (5.5) was approximated using a

finite element model developed in ABAQUS. A survey of the stress contour field at the

fiber/matrix interface was developed. A BSE SEM image taken from a transverse cross-

section of a MMC showing the area modeled is given in Figure 5.9. The stress contour

plot resulting from cooling from 850°C (the aging temperature) to RT is shown in Figure

5.10. A fine mesh was used, particularly at the fiber/matrix interface. It was assumed

that the fiber/matrix interface remained intact throughout the cooling process. The fiber

axis (i.e. the bottom left comer) was constrained, providing a fixed origin. The x-axis

(horizontal) was therefore constrained so that no displacement could occur in the y-

direction, and similarly, the y-axis (vertical) was constrained so that no displacement

could occur in the x-direction. The largest stress concentrations were observed near the

fiber/matrix interface along the x and y axes. This was a result of the variance in

coefficients of thermal expansion between the fiber and the matrix and also due to the

boundary conditions established. The stress along the fiber matrix interface was

integrated to determine an average stress. The radial and tangential stresses were then

normalized with respect to that average stress along the interface and are presented in

Figure 5.11. These stresses were determined from individual nodes at set points along

the fiber matrix interface. The maximum stress concentration factor was found to be 1.23

*‘times that of the average stress, which was comparable to that observed for other similar

models [Boehlert et al. (2001), Gundel et al. (1999)].
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Figure 5.9 A BSE SEM photomicrograph of the MMC cross section. The square

(outlined by solid black lines) depicts a typical area which the model was applied to.
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Figure 5 . 10 A contour stress plot showing the stress distribution resulting from heating a

sample to 850°C. The largest stress concentration occurred at the fiber-matrix interface.

This suggests that debonding would preferentially occur within these regions when an

applied tensile stress was imposed.
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Figure 5.11 A plot of the tangential and normal stresses at the fiber/matrix interface

occurring at various angles of the fiber. The largest normal stress was at 45° while the

largest tangential stress was at approximately 83°.
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The bond strengths were calculated and are provided in Table 5.11. Each of the

MMCS exhibited a negative bond stress value. Although a negative bond strength does

not have a physical meaning, the results suggest that each of the MMCS examined

exhibited weak interfacial strengths. Thus, very low applied stresses would be expected

to result in interfacial debonding. As shown, the bond strength for the Ultra SCS-6/Ti-

24Al-17Nb-1.1Mo MMC was close to zero. This MMC exhibited the greatest stress at

the onset of non-linearity for the cruciform tested samples. The greater bond strength of

this MMC may have been partially related to the slightly different HIP pressure and

temperature used as described in the experimental procedures section.

Table 5.11 Interfacial bond strengths of the MMCS
 

 

 

 

 

MMC Composition Interface bond Strengths (MPa)

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo -1 10.0

Ultra SCS-6/Ti-24Al-17Nb-1.1Mo -36.5

Ultra SCS-6/Ti-24Al-17Nb-23Mo -101.1   

Debonding occurred within the multilayer carbon coating, which was common for

each MMC. This was similar to that observed for a Sigma 1240/Ti-6A1-ZSn-4Zr-2Mo

(wt.%) MMC [Boehlert et al. (2001)]. The carbon layer cracks propagated through the

reaction layer and O+BCC depleted layer but were blunted by the BCC phase. The

fracture always occurred in the uniform width section of the cruciform close to the fillet,

due to the stress singularity, as similarly observed in the Sigma 1240/Ti-6Al-ZSn-42r-

2M0 (wt.%) MMC, where the bond strength was also estimated to be low (22 MPa)

[Boehlert et al. (2001)]. The low bond strength value also agrees well with that measured

for the Sigma-1240/7040 glass ceramic matrix composite, obond ~ 5 MPa [Chatterjee et al.
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(1997)], which also debonded in the carbon-coating layers. In another ceramic matrix

composite, SCS-6/Si3N4, the interfacial strength was between 5 — 18 MPa, and the 100

nm-thick pure turbostratic carbon layer between the two outermost carbon layers was the

preferred failure site [Morscher et al. (1990)]. In addition, the interface strength of a

Trimarc l/Ti-6Al-4V (wt.%) MMC was estimated to be 40 MPa [Warrier et al. ( 1997)].

Failure within the carbon layers has also been observed for a transversely loaded SCS-

6/Ti-6Al-4Zr-2Mo (wt.%) MMC containing 32 volume percent fibers and Sigma-

1140/Ti—6Al-4V (wt.%) MMCS containing fiber volume percents of 8 percent and 21

percent [Hall and Ritter (1993), Wu et at. (2001), Wu et al. (2001a)]. Thus, the carbon-

coating multi-layers appear to be the weakest link in the fiber-matrix interface for SiC

fibers, and the low interfacial bond strengths estimated for the MMCS in this study are in

good agreement with those for other SiC fiber-based MMCS. Due to the low fiber-matrix

interface strength of this MMC system, a transition in the secondary creep rates of the

MMC to values below those of the matrix alloy would not be expected even for any

practical loading applications.
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C. Tensile Behavior Discussion

1. Alloy Tensile Behavior

Previous studies have indicated that low 8f values of the a; phase were due to the

anisotropy of slip associated with DO .9 crystal structure [Koss et al. (1990)]. While <a>

slip occurs relatively easy on the prism plane, <c+a/2> slip is very difficult, and therefore

large incompatibility stresses build up at 012/a; interfaces [Smith et al. (1995)]. On the

other hand, the O phase has displayed significantly more <c+a/2> slip than the a; phase

[Koss et al. (1990)]. In this work, low 8f values were exhibited for the alloys and MMCS.

The Young’s moduli of the Ti-24Al-17Nb-0.66Mo AP and HT microstructures

were 108 and 101 GPa, respectively. The moduli for the AP and HT Ti-24Al-17Nb-

2.3Mo microstructures were 125 and 128 GPa, respectively. Thus, small Mo additions

increase the Young’s modulus. The RT 8f values for the AP and HT alloys were less than

1.2%, as shown in Figure 4.48 (p.168). The Young’s moduli for the HT Ti-24Al-17Nb-

0.66Mo and Ti-24Al-17Nb-2.3Mo samples tested at 650°C were 80 GPa and 92 GPa,

respectively. At 650°C, the 8f values for Ti-24Al-17Nb-0.66Mo exceed 3.5%, while the

8f value for the Ti-24Al-17Nb-2.3Mo remained less than 1%, as shown in Figure 4.48.

Thus, the addition of 2.3Mo appears to embrittle the Ti-24A1-17Nb alloy. This is

expected to be a large reason why the Ti-24Al-l7Nb-0.66Mo alloy reached slightly

greater tensile strengths than the Ti-24Al-17Nb-2.3Mo material. Thus, even though the

Ti-24Al-17Nb-2.3Mo alloy exhibited lower org-phase volume fractions, the additional M0

in solid solution appears to embrittle the material, resulting in lower 8f values than the Ti-

24Al-17Nb-0.66Mo microstructures containing more 012-phase volume fractions.
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Deformation of the 0 phase has been observed to involve slip along both <a>

(<110> and <100> type) and <c+a> (<114> type) directions [Banerjee et al. (1991)].

The existence of the <c+a> slip system along with the presence of ductile BCC phase

adjacent to the O phase laths serve to help prevent cracking of the 0 phase. The

dominant slip vector of the BCC phase, <111>, is parallel to one of the dominant slip

vectors in the O-phase, <110> [Majumdar et al. (1995)]. This relationship alleviates the

stress concentration effects allowing the transmission of planar slip in the 0 phase into

the BCC phase where slip at the boundary interfaces can occur much more easily.

Therefore, a microstructure consisting of lath 0 phase within a BCC matrix is capable of

obtaining attractive RT fracture toughness and ductility.

At RT, there were no discemable differences among the fracture surfaces of the

AP and HT Ti-24Al-17Nb-0.66Mo and AP and HT Ti-24Al-l7Nb-2.3Mo alloys. Each

of the fracture surfaces were flat and intergranular suggesting brittle failure, which

corresponded well with the low 8f values. At 650°C, some ductile dimpling was apparent

in the HT Ti-24Al-17Nb-0.66Mo alloy fracture surface. The HT Ti-24Al-17Nb-2.3Mo

alloy fracture surface appeared similar to those tested at RT. Therefore, this suggests that

higher contents ofMo resulted in solid-solution strengthening and embrittled the alloy.

2. Metal Matrix Composite Tensile Behavior

Tensile testing of the Ti-24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo alloys

showed that the 8f at room temperature was quite low (less than 1.2%). Due to the

coefficient of thermal expansion mismatch between the fiber and matrix, the matrix

should have an (if value of 2.5% or higher in order to overcome the compressive residual
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stress in the fiber and to effectively load the fiber [Amato and Pank (1992)]. Therefore,

since the 8f of the alloys is below this minimum value it was expected that incomplete

loading of the fibers was observed prior to fracture of the MMC. Using the rule of

mixtures, the expected Young’s moduli and ultimate tensile strengths were calculated and

compared to the experimentally obtained values in Table 5.III and Table 5.1V,

respectively.

The Young’s modulus was calculated using:

EC = Em(1-Vf) + VfEf (5.7)

where Ec is the calculated composite Young’s modulus, Em and E are the Young’s

moduli of the matrix and fiber, respectively, and Vf is the fiber volume fraction. The

composite UTS was calculated using:

CC = Cm(l'Vf) + 0'fo (5.8)

where (3c is the calculated UTS and om and Cf are the UTS values of the matrix and the

fiber. The values for Em and cm were taken from the tensile data of the alloys tested, and

the fiber volume fraction was considered to be 0.35, the fiber modulus was estimated to

be 415 GPa, and the fiber strength was estimated to be 6,380 MPa at RT and 5,550 MPa

at 650°C [Specialty Materials, Chaerjee et al. (1997)]. Temperature effects on the fiber

modulus were not accounted for as the author was not able to find such effects in the

literature. However, decreases in modulus and UTS were expected at higher

temperatures.
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Table 5.III Rule-of-mixtures comparison to experimental Young’s modulus values
 

 

 

 

 

 

 

 

      
 

 

 

 

 

 

 

 

. . . Test R.O.M. Ex erimental

LMatenal C°°°m°° Condition E (GPa) E (%Pa)

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo AP RT 216 211

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo HT RT 211 205

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo HT 650°C 197 157

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo AP RT 227 205

Ultra SCS-6/Ti-24A1-17Nb-2.3Mo HT RT 229 214

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo HT 650°C 205 147

Table 5.IV Rule-of-mixtures comparison to experimental UTS values

M . l C d' . Test 5%M Experimental

ate“ °° “m“ Condition (MPa) UTS (MPa)

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo AP RT 2971 1332

Ultra SCS-6/Ti-24Al-17Nb-0.66Mo HT RT 2975 1483

Ultra SCS-6/Ti-24Al-17Nb—O.66Mo HT 650°C 2529 1403

Ultra SCS-6/Ti-24A1-17Nb-2.3Mo AP RT 2855 775

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo HT RT 2714 949

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo HT 650°C 2492 1214     
 

The comparison of values indicates that the rule-of-mixture Young’s modulus and

UTS values were not met. The largest discrepancy of Young’s modulus was observed for

the samples tested at 650°C, where the difference between the rule-of-mixtures estimation

and the achieved values were 40 GPa and 58 GPa for the HT Ti-24Al-17Nb-0.66Mo and

HT Ti-24Al-17Nb-2.3Mo MMCS, respectively. All of the UTS values calculated using

the rule-of-mixtures were significantly higher than those found experimentally. The

experimental UTS values for the Ti-24Al-17Nb-0.66Mo alloy were approximately half

that of the rule-of-mixture values, while an even greater disagreement was evident for the

Ti-24A1-17Nb-2.3Mo alloy, where the experimentally determined UTS for the AP alloy

tested at RT was less than three times that of the rule-of-mixtures approximation. The

failure of the composites to reach the rule-of-mixture estimations was attributed to the
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incomplete loading of the fibers, likely resulting from poor load sharing due to weak

interfacial bond strengths, as discussed in the previous section of this chapter.

The fracture surfaces of the MMCS tested at RT were mostly planar. The matrix

fracture surface appeared similar to that observed for the respective alloy tensile tests.

The fiber fractures were localized near the fracture plane. This observation does not

agree well with what is expected for load-sharing behavior, where fiber pull-out would be

prevalent. Debonding of the fiber/matrix interface was apparent, but it was not certain

whether the debonding occurred due to opening (i.e. mode I fracture) or due to sliding

(i.e. mode 11 fracture). The fracture surfaces of the HT Ti-24Al-l7Nb-2.3Mo MMCS

tested at 650°C appeared similar to those tested at RT. However, the HT Ti-24Al-17Nb-

0.66Mo MMC fracture surface was less planar, exhibiting greater amounts of fiber pull-

out, which suggested that local load-sharing occurred. This observation is shown in

Figure 5.12, comparing the HT Ti-24Al-17Nb-O.66Mo MMC fracture surface tested at

650°C to that of the Ti-24Al-17Nb-2.3Mo MMC. Furthermore, the matrix of the HT Ti-

24Al-17Nb-0.66Mo MMC exhibited a greater amount of ductile dimpling that the

fracture surface of the Ti-24Al-17Nb-0.66Mo alloy tested at 650°C.
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Figure 5.12 Fracture surface secondary electron SEM images of the (a) Ti-24Al-17Nb-

2.3Mo MMCS.-l 7Nb-24A]0.66Mo and (b) Ti-
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D. Out-of-Phase Thermomechanical Fatigue Discussion

The OOP TMF behavior of each MMC was analyzed. Overall, the Ultra SCS-

6/1‘i-24Al-l7Nb-0.66Mo MMC exhibited longer fatigue lives than that of the Ultra SCS-

6/1‘i-24Al-17Nb-l.1Mo and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCS at most of the

stress conditions examined. The total strain versus time plots (Figure 4.62 — Figure 4.64

on pp.191-l93) from these OOP TMF experiments provided useful information about the

MMC response and damage mechanisms. Similar to creep, these curves could be

separated into three regimes. The primary regime consisted of the strain placed on the

material during the first few cycles and is noted by a decreasing strain rate. The second

regime was distinguished by a constant increase in strain over time. During this stage the

strain at maximum stress (minimum temperature) increased at the same rate as the strain

at minimum stress (maximum temperature), which has been suggested to imply inelastic

deformation [Russ et al. (1994)]. This appeared to indicate accumulated creep strain in

the matrix (assuming the fibers do not creep at these temperatures) [Russ et al. (1994)].

The start third regime is noted by an increase in the strain over time of the maximum

load, minimum temperature curve, where this curve begins to converge upon the strain

curve of minimum load, maximum temperature. At this point, the damage mechanism is

suggested to transition from creep-dominated to fatigue-dominated. Therefore, the

remaining cycles-to-failure are dependent on the fatigue resistance of the matrix.

For the MMCS in this work, it was expected that the Ultra SCS-6/Ti-24Al-17Nb-

2.3Mo MMC would be able to sustain a greater number of cycles in the first and second

regimes compared to that of the Ultra SCS-6/Ti-24Al-17Nb-O.66Mo and Ultra SCS-6/Ti-

24Al-17Nb-1.1Mo MMCs based on the greater primary and secondary stage creep
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resistance of the Ti-24Al-17Nb-2.3Mo alloy over that of the Ti-24Al-17Nb-0.66 and Ti-

24Al-17Nb-1.1Mo alloys. However, based on the greater 8“ values of the Ti-24Al-17Nb-

0.66Mo alloy compared to that of the Ti-24Al-17Nb-2.3Mo alloy, the resistance to crack

propagation in the third regime was expected to be greater for the Ultra SCS-6/Ti-24Al-

17Nb-0.66Mo MMC compared to that of the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo and

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMCs. This is believed to be the reason for the

increased number of cycles-to-failure for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo MMC

within the intermediate applied stress range. This also can explain why the Ultra SCS-

6/1"i-24Al-1 7Nb-2.3Mo MMC exhibited the greatest number of cycles in the lowest

applied stress regime. These competing processes therefore justify the higher number of

cycles-to-failure observed for the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-

6/Ti-24Al-17Nb-2.3Mo MMCs over that of the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo

MMC. While no tensile testing was performed on the Ti-24Al-17Nb-1.1Mo alloy, the

increase in average equiaxed grain size of this microstructure may suggest poorer 8f than

that observed for the Ti-24Al-17Nb-0.66Mo and Ti-24Al-17Nb-2.3Mo alloys.

Each of the fractured matrices within the failed MMCS exhibited a

faceted/granular type fracture. Similar fracture surfaces were observed for a SCS-6/Ti-

24Al-l 1Nb MMC OOP TMF tested at temperature ranging between 150°C — 650°C

[Russ et al. (1991)]. These surface failures suggest that failure occurred at lower

temperatures and higher loads, where the matrix was less ductile. Failure at low

temperatures was more likely due to the higher tensile load on the matrix at low

temperatures, as was described in Chapter 2. OOP TMF failures of Ti-Al-Nb-based

MMCS have primarily involved extensive cracking initiating at the surface and edges of
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specimens [Russ et a1. (1991)]. Fracture surfaces of the matrix overload region tended to

be smooth and granular, lacking ductile dimpling [Russ et al. (1991), Russ et al. (1995)].

In these studies, the lack of fiber pull-out observed in OOP TMF failures of Ti-Al-Nb-

based MMCS indicated that fiber bridging did not occur and that the fibers broke in the

crack plane as the crack tip progressed through the composite [Russ et al. (1991)].

The microstructures revealed that cracks initiated both along the edges of the

sample and from within the cross-section of the sample. Both intergranular and

transgranular crack propagation was observed, however the majority of cracks were

transgranular. During creep deformation transgranular cracking was only apparent along

the surface, where oxidation-assisted cracking was likely to affect the deformation.

Therefore the crack formation during OOP TMF testing was likely affected by

environmentally-assisted cracking occurring due to localized creep deformation. The

evidence also suggested that the cracks were formed and propagated due to the thermal

and mechanical loadings placed on the materials. Oxygen-related matrix embrittlement

along with solid-solution embrittlement have been previously shown to have a

detrimental effect on the fatigue lives of the alloys [Brindley et al. (1995), Brindley et al.

(1995a), Cerchiara et al. (1995)].
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CHAPTER 6

SUMMARY AND CONCLUSIONS

A. Summary

This dissertation comprised of a systematic study dealing with several aspects of

the physical and mechanical metallurgy of Ti-Al-Nb-Mo alloys and MMCS intended for

use in high temperature structural applications. Varying the Mo content, two different

alloy compositions and three different MMC compositions were evaluated. The alloys

and matrices in this study had a composition of Ti-24Al-17Nb-xMo (x = 0.66, 1.1, or

2.3). While previous studies have looked at Ti-Al-Nb-Mo alloys, no work had been done

to determine the sole effect Mo has on the microstructure/mechanical property

relationships. Of these studies, only two have evaluated at Ti-24Al-17Nb-xMo alloys,

where Rowe investigated the tensile properties of Ti-24Al-l7Nb-0.5Mo and Ti-24Al-

17Nb-1Mo alloys [Rowe (1992)] and Kristnamurthy and coworkers evaluated the tensile

and creep properties of a Ti-24.5Al-17Nb-1Mo alloy [Krishnamurthy et al. (1995)].

Through peer-edited scientific publications the work performed in this dissertation has

been made available in the literature, presenting data that had been previously non-

existent. The main focus of this work was on the microstructural characterization and the

microstructure-creep property relationship of the alloys and MMCS, where an effort was

made to establish a model used to predict the MMC creep response based on the alloy

creep behavior and the bond strength between the fiber and the matrix. An evaluation of

the tensile and OOP TMF behavior and the microstructural affect on these properties was

also determined.
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Ti-Al-Nb-Mo powders were tape cast and H[Fed to produce the alloys and MMCS

evaluated in this work. A subtransus heat treatment was used to produce microstructures

consisting of the (12 phase, O phase, and BCC phase. The heat treatment resulted in

microstructures containing lower (lg-phase volume percents than that of the AP condition.

Similarly, increasing amounts of M0 were shown to decrease the 012-phase volume

percents and correspondingly increase the O+BCC-phase volume percents for the alloys

and MMCS. The varying Mo contents also affected the average equiaxed grain size of

the (12 phase and the O+BCC colony size, where larger Mo additions increased the

O+BCC colony (prior BCC phase) size and resulted in a decrease in the org-phase grain

size.

Microprobe data revealed that the highest Mo contents were present within the

BCC phase, whereas the a; phase contained the smallest Mo contents, though increasing

the bulk alloy Mo content resulted in increasing levels of M0 in the (12 and BCC phases.

An intermediate amount of Mo was observed in O phase. The BCC transus temperatures

were found to be larger than that predicted from the phase diagram, which was attributed

to the high amounts of oxygen present within the alloys.

Based on the creep exponents and apparent activation energies two dominant

creep deformations were suggested for the alloys. At lower applied stress levels, n values

ranged from 1.8 to 2.0, and Qapp ranged from 129 — 229 kJ/mol. At 650°C, grain

boundary sliding was suggested to be the dominant deformation mechanism. In-situ

tensile-creep testing conducted in this regime revealed that the equiaxed a; grain

boundaries were the locus of deformation in the alloys. The interior of the grains showed

little deformation, suggesting that the creep strain accumulation was caused by the sliding
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of grains and crack opening. Observations of the sample interior revealed significantly

less deformation than that on the sample surface. Comparison of creep data from tests

conducted in air versus those tested in a vacuum revealed that environmental assisted

cracking was present and attributed to increased creep rates. At higher stress levels, n

values ranged from 4.6 to 4.8, suggesting dislocation climb to be the dominant

deformation mechanism at 650°C.

Creep testing of the alloys revealed that the Ti-24Al-l7Nb-2.3Mo alloy exhibited

superior creep resistance compared with the Ti-24Al-17Nb-0.66Mo alloy.

Approximately one order of magnitude difference in minimum creep rate was observed at

all stresses evaluated at 650°C. Thus, small increases in M0 content significantly

increased the creep behavior of Ti-Al-Nb alloys. However, a Ti-24Al-17Nb-1Mo alloy

exhibited similar creep strain/time behavior as that for Ti-24Al-17Nb-2.3Mo. Thus, Mo

additions greater than 1 at.% may not be necessary to further enhance the creep

resistance.

The MMCS were creep tested with fibers perpendicular to the loading direction.

In this orientation the failure mechanism was matrix dominated. Testing revealed the

Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC to posses greater creep resistance than the Ultra

SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-24A1-17Nb-1.1Mo MMCS. This

result was attributed to the greater creep resistance of the Ti-24Al-17Nb-2.3Mo alloy

compared to that of the Ti-24Al-17Nb-O.66Mo and Ti-24Al-17Nb-1.1Mo alloys.

Deformation in the form of transgranular cracking was shown to dominate the failure

mechanism. Cracks appeared to originate at surfaces or at fiber/matrix interfaces. These

cracks propagated and were linked at fibers until one main crack overloaded and resulted
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in failure. This variance in crack propagation compared to that observed for alloy creep

testing resulted in lower creep lifetimes and higher creep strain rates observed for the

MMCS compared with the respective alloy compositions.

A model was developed to predict the MMC creep behavior based on the alloy

creep response and the bond strength between the fiber and the matrix. The model

predicted the secondary creep rates of the MMCS well for a condition assuming no bond

strength between the fiber and matrix. While the model was suggested to show a

transition in secondary creep rates for the MMC from a higher strain rate than the alloy to

a lower strain rate than the alloy, no such transition was observed in the experimental

data. This transition was predicted to occur at an applied creep stress equal to the bond

strength between the fiber and the matrix. Experimental bond strength determinations

were made through the use of cruciform-shaped specimens tensile tested at RT to

determine the localized bond strength along with a model developed in ABAQUS to

predict the residual stresses at the fiber/matrix interface. The residual stresses developed

during the cool down from high temperature processing due to the coefficient of thermal

expansion mismatch between the fiber and the matrix. The calculations of the bond

strength suggested that the fiber/matrix interfaces were weak. The weak interfaces were

responsible for the lack of crossover in secondary creep rates to a condition in which the

creep rate of the MMC is less than that of the alloy for practical loading conditions (i.e.

greater than 10 MPa). The failure point at the fiber/matrix interface was found to be

within the outermost carbon-containing layers of the fibers, suggesting these were the

weakest link in the interface. This has been commonly observed elsewhere in the

literature for MMCS.
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RT tensile testing of the alloys revealed low 8f values for both alloy compositions

(less than 1.5%). At 650°C, the 8f of the Ti-24Al-l 7Nb-0.66Mo alloy increased to greater

than 3.5%, however this trend was not observed for the Ti-24Al-17Nb-2.3Mo alloy,

which did not show any significantly increase in the 8f. Ideally, the RT 8f values would

be greater than 2.5% so the matrix could overcome the residual stresses to effectively

load the fibers. Since such 8f values were not achieved, the rule-of-mixture calculations

for the UTS and Young’s moduli values of the MMCS predicted higher values than those

obtained experimentally. The fracture surfaces of the alloys were granular, suggestive of

a brittle failure. The tensile curves showed that addition of 2.3Mo to the Ti-Al-Nb alloys

resulted in less plastic deformation, which indicates that the Mo addition served as an

effective solid solution strengthener but also as an embrittling agent. The fracture

surfaces of the MMCS were mostly planar, which signifies global load-sharing within the

fibers was not fully achieved.

The OOP TMF results of the MMCS indicated that the Ultra SCS-6/Ti-24Al-

17Nb-1.1Mo MMC exhibited the fewest cycles-to-failure at all stress conditions tested.

The deformation within the microstructures was comprised of a creep-dominated

mechanism followed by a fatigue-dominated mechanism. For the creep-dominated

mechanism, the most cycles-to-failure were expected for the Ultra SCS-6/Ti-24Al-17Nb-

2.3Mo MMC due to the exceptional creep resistance exhibited by this matrix alloy. For

the fatigue dominated mechanism, the most cycles-to-failure were expected with the

Ultra SCS-6/Ti-24Al-17Nb—0.66Mo MMC due to the matrix alloy exhibiting the greatest

elongation-to-failure. The results showed that the Ultra SCS-6/Ti-24Al-l7Nb-0.66Mo

MMC achieved the greatest fatigue lives at the intermediate applied stress levels (fatigue
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dominated) and Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC achieved the greatest fatigue

lives at the lowest applied stress levels (creep dominated).

B. Conclusions

1. Microstructure

1. The subtransus heat treatment produced microstructures containing the (12, O, and BCC

phases. The (12 phase was equiaxed, while the 0 phase precipitated out in a lath

morphology from prior equiaxed BCC grains. The differences in M0 contents resulted in

variances in average equiaxed grain size of the (12 phase and O+BCC colonies.

2. The addition of 2.3Mo to the Ti-Al-Nb alloys resulted in smaller O phase lath

thicknesses compared to that observed with 0.66Mo additions, which was due to the slow

diffusion kinetics of Mo.

3. The highest Mo content was found in the BCC phase, which was 1.5 at.% in the Ti-

24Al-17Nb-0.66Mo alloy and 2.6 at.% in the Ti-24Al-17Nb-2.3Mo alloy. The lowest

Mo content was found in the a; phase, having only 0.1 at.% in the Ti-24Al-17Nb-0.66Mo

alloy and 0.5 at.% in the Ti-24Al-17Nb-2.3Mo alloy.

4. The bulk of the matrix microstructure in the MMCs appeared similar to the respective

alloy microstructures. Near the fiber/matrix interface the microstructure was depleted of

the O+BCC phases and enriched in a; phase due to carbon diffusion from the fiber during

fabrication. The carbon diffusion also resulted in the formation of complex carbides in a

reaction zone between the fiber and matrix.
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2. Creep Behavior

1. The Ti-24Al-17Nb-2.3Mo alloy exhibited greater creep resistance than the Ti-24Al-

l7Nb-0.66Mo alloy. This was attributed to the decrease in the number of (12/(12 grain

boundaries, increased O+BCC colony size, and Mo solid solution strengthening effects.

However, the sole affect of Mo on the creep behavior was not determined as there existed

both a microstructural difference caused by Mo affecting the phase volume fractions and

grain sizes as well as a solid-solution strengthening effect.

2. Each alloy creep tested exhibit a transition in creep exponent, where grain-boundary

sliding and dislocation climb were suggested to be the dominant deformation

mechanisms for the lower stress and higher stress regimes, respectively.

3. In-situ tensile-creep testing revealed that grain boundaries were the locus of

deformation accumulation, where the majority of cracking occurred at 0.2/(12 grain

boundaries and 0.2/O+BCC colonies.

4. Creep experiments conducted on the MMCS with the fibers oriented perpendicular to

the loading direction revealed that the Ultra SCS-6/Ti-24Al-17Nb-2.3Mo MMC exhibited

greater creep resistance than the Ultra SCS-6/Ti-24Al-17Nb-0.66Mo and Ultra SCS-6/Ti-

24Al-17Nb-1.1Mo MMCS. However, the creep resistance of the MMCs was poorer than

that of each respective alloy.

5. An attempt to model the creep behavior of the MMCs based on the creep response of

the alloys and the bond strength between the fiber and the matrix was made. The model

predicted the secondary creep rates of the MMCS well for a condition assuming no bond

strength between the fiber and matrix.
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6. Bond strength calculations revealed a low interfacial bond strength between the matrix

and the fiber, suggesting that the MMC creep resistance would not be greater than the

matrix alloy under practical loading applications. Failure at the fiber/matrix interface

took place within the outer carbon-containing layers of the fiber.

3. Tensile Behavior

1. The Ti-24Al-17Nb-0.66Mo alloy exhibited higher RT 8f values than the Ti-24Al -

l7Nb-2.3Mo alloy, but neither had an 8f greater than 1.2%. Little plastic deformation

was observed for the Ti-24Al-17Nb-2.3Mo alloy, suggesting the solid solution

strengthening effects of M0 in this alloy limit dislocation motion.

2. The low 8f values of the matrices limited the ability of the MMCS to effectively load

the fiber. As a result, experimental UTS and Young’s moduli values fell below that

predicted by the rule-of-mixtures.

3. At 650°C,the Ti-24Al-17Nb-0.66Mo alloy exhibited er values greater than 3.5%,

whereas the Ti-24Al-17Nb-2.3Mo alloy were less than 1%, similar to that observed for

tests conducted at RT.

4. Out-of-Phase Thermomechanical Fatigue Behavior

1. In general, each of the MMCs exhibited similar fatigue responses at all the stress

conditions examined. It was apparent that the Ultra SCS-6/Ti-24Al-17Nb-1.1Mo MMC

displayed the poorest fatigue behavior. This was attributed to the combination of poorer

creep resistance of the Ti-24A1-17Nb-1.1Mo alloy versus that that of the Ti-24Al-17Nb-
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2.3Mo alloy and the likely lower ductility of the Ti-24Al-l7Nb-1.1Mo alloy versus that

of the Ti-24Al-l 7Nb-0.66Mo alloy.

2. The deformation consisted of a creep-dominated mechanism followed by a fatigue-

dominated mechanism. The Ultra SCS-6/Ti-24Al-17Nb-0.66Mo MMC exhibited the

greatest resistance to deformation within the fatigue-dominated regime, while the Ultra

SCS-6/Ti-24Al-17Nb-2.3Mo MMC exhibited the greatest resistance to deformation

within the creep-dominated regime.

3. Ultra SCS-6/Ti-Al-Nb MMCS containing matrices with greater Mo contents exhibited

greater OOP TMF lives at the lowest applied stress levels, while the MMCS containing

matrices with the lowest Mo content exhibited the greatest OOP TMF lives at the

intermediate stress levels.

C. Recommendations for Future Work

1. No attempts to optimize the mechanical properties (tensile, creep, and fatigue) through

microstructural modifications of the alloys and matrices were made. A heat treatment

devised to further reduce the (12 phase volume fraction may result in higher 8f values and

increase creep resistance.

2. The atomic coordinates of the Mo within the 0 phase and BCC phases of the alloys

was not determined. Using neutron diffraction such information can be found.

3. Creep experiments on the alloys within the higher stress regime suggested dislocation

climb to be the dominate deformation mechanism. The arrangement and interactions of

dislocations within each phase would provide evidence and possibly verify the suggested

deformation mechanisms.
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4. Further analysis of the residual stresses at the fiber/matrix interface is warranted. In

this study, the residual stress was estimated using a simple concentric cylinder model

[Hecker et al. (1970), Majumdar et al. (1998)]. Experimental determination of the

residual stresses would lead to a more accurate determination of the bond strength

between the fiber and matrix. Ideally, a diffraction technique, such as x-ray or neutron

diffraction, could be used to determine the amount of strain on a set of planes (noted by a

shift in angle of a diffracted peak). Using elastic theory, the strain could be converted to

a residual stress measurement.

5. To determine the factors causing the low interfacial bond strength, a deeper assessment

of the cracking mechanisms is necessary. A special emphasis on the debond cracks

within carbon layers of the fiber could provide insight on possible ways to improve the

bond strength.
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