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ABSTRACT

HIGH RESOLUTION ELECTRON MICROSCOPY

EXAMINATION OF DISLOCATION CORE

STRUCTURES IN BZ Ni-Al ALLOYS

By

Scott Christopher Tonn

[101] oriented single crystals with atomic percent compositions of Ni-48Al,

Ni-SOAI, Ni—51Al and Ni-52Al were deformed in compression at 400° C.

Deformation properties have been characterised by optical slip trace and diffraction

contrast analyses. Stoichiometn'c Ni-SOAI exhibited a predominance of <001> {100}

slip with some <001> {110} slip. The off-stoichiometric compositions displayed

mostly <001> {100} slip with limited <001> {110} slip. High resolution electron

microscopy was used to directly examine the <001> {100} edge dislocation cores to

reveal the differences in core structure between the diffuent compositions. The

differences in mechanical properties between these compositions have been

rationalized from these observations. The experimental core images have been

compared to theoretical core images based on the embedded atom method. The

theoretieal models have bwn found to accurately predict the core structure in the

stoichiometric alloy but only partially predicts the off—stoichiometric core structure

properties.
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1. Introduction

The B2 intermetallic alumirrides have gained increased attention for their

possible application in corrosive high temperature aircraft engine environments [I].

They are high melting point temperature materials that exhibit good oxidation

resistatance due to their large fiaction of aluminum. In addition to their oxidation

resistance and high melting points, they have relatively lower densities than traditionally

employed superalloys. However, these 82 compounds lack appreciable ambient

temperature ductility and toughness. The room temperature properties of these alloys

makes mechanical forming difficult and cost ineffective, as well as limit the possible

applications of these materials. The inability of this class of alloys to withstand low

temperatm'e damage, coupled with the expense of mechanical forming, discourages the

commercial development of the B2 aluminides. Inherently low cleavage stresses [2] or

the inability to intiate significant plastic flow through the activation of dislocation slip

[3—5] may explain the inability of these materials to demonstrate adequate room

temperature toughness. A better understanding of the mechanisms which govern the

intiation of plastic deformation and the slip of dislocations in these compounds could

better explain the observed properties. Increased knowledge of the core structure of

dislocations found in these materials, specifically Ni-Al, may provide a basis for the

promotion of the development of the intermetallic aluminides. These attractive qualities

of this class of materials have intiated several research investigations to gain a better

understanding of their properties [6,7]. Increased knowledge of the dislocation core

structure through experimental observation may provide a better basic understanding of

these materials in general as well as promote their commercial development.

The motivation for interest in the ordered interrnetallics stems from the potential

weight savings gained in employment of these materials as a replacement to the

exsisting superalloys in use. A typical Ni-based super alloy has a density of 6 to 7 g/cc,

whereas Ni-Al has density of 5.85 glcc . This net weight savings would be on the order

1



of 5-10%. However, the effective overall weight savings could be as high as 40-50%

when the rotational motion of these components in turbine engine applications is taken

into consideration. The reduction in weight of these engine components would decrease

the centrifigul force and thus reduce the weight needed to house the internal engine,

effectively reducing the entire aircraft weight and inveitably increasing the aircraft

efficiency.

In addition to the attractive weight savings, Ni-Al has a higher thermal

conductivity than most Ni-based super alloys. Figure 1 shows the variation of thermal

conductivity for Ni-Al in comparison to a Nr-based superalloy for a range of

temperatures [1]. At any given temperature, the thermal conductivity of Ni-Al is

substantially higher than that of the Ni-based super alloy. The significance of higher

thermally conducting engine components is reflected in the need for the "hot spot”

section of the turbine engine blade to be exposed to relatively high temperatures. A

material that dissapates the heat away from the engine blade would allow the engine to

operate at significantly higher temperatures, thus increasing the aircraft’s efficiency.

This increased thermal conductivity of Ni-Al also adds to the attractive properties for

use in higher temperature aircraft environments.

The potential weight savings and thermal benefits of using Nr-Al as a high

temperature corrosive environment material are evident. However, before commercial

development of Ni—Al as a contender in the aircraft engine market can begin, more is

needed to be be known about this material and ofordered interrnetallics in general.

1.1 Background

Typically an intermetallic compound is one that occurs over a narrow range of

the phase diagram of a metal-metal system. Although these intermetallic compounds are

usually restricted to definite stoichiometries, there are some compounds that exsist over

a range of compositions and are not strictly bound by a single composition (fig. 2) [8].

The intermetallic phases are found in single phase fields such as v' and B.The



 

NiAl

.J-I'"—¢--l-—II_.;—5—-l——'\a

l I l l I L

I fl I I I I

200 400 600 800 1000 1200 1400

.3
is

.3
G

6
G

1
I

1

T
h
e
r
m
a
l
C
o
n
d
u
c
t
i
v
i
t
y
(
W
/
c
m
K
)

3 G

L

  
 

Temperature (K)

Figure 1 : Plot of thermal conductivity for Ni-50Al in comparison

to a typical Ni-based superalloy as a function of temperature.

Adapted from [ 1].



0

T
e
m
p
e
r
a
t
u
r
e

C

i

1800

r. 3
.

 

1638
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temperature for the Ni-Al alloy system. Adapted from [8].



intermetallic type of bonding can be desribed as bonding that is primarily metallic, but

posseses some of the properties and characteristics inherent of ionic or covalently

bonded systems [7]. Although intermetallics posses many of the typical metallically

bonded systems qualities like high values of thermal and electrical conductivity, they

exhibit covalent or ionic like properties such as high strength and stiffness. The

hardness and yield strength is considerably higher than that of the binary constituents,

as revealed in earlier investigations [6, 7].

Thermodynamic consideration of the nature of bonding in typical AB, A32, and

AB3 (fig. 3) compounds reveals that based on bond energies, it is energetically more

stable for the A-B type bonds to form than A-A or B-B. This A-B bonding, or unlike

nearest neighbor bonding, results in ordering. Ordering is common in intermetallic

alloys and is found to be a function of temperature in most systems ( i.e. order

decreases with increasing temperature) as in the case of beta brass which loses it order

well below it's melting point [9]. However, some intermetallic alloy systems remain

ordered up to their melting point, such as Ni-Al, Fe-Al and Co—Al systems [8].

Ni-Al, Fe-Al and Co—Al share similar qualities in many respects. The densities

of these materials differ by a couple percent (5.85, 6.08, and 5.56 g/cc, respectively).

All three alloys at the stoichiometric composition (50 at.% A1) have the BZ ordered

stucture with Ni-Al and Co-Al having similiar congruent melting point temperatures

(1913K and 1921K respectively). All three alloy systems exhibit the BZ order with

solubilities ranges around the stoichiometric composition. The melting point

temperatures of these alloy systems are all relatively high (1300°C< Tm <16800C) [10]

and are comparable to one another. Yet, there are basic significant differences in the

observed properties of these materials that are not explained by argument of structure

and composition.
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Figure 3: Several of the various AB and A38 structures

found in ordered intermetallic alloys.



1.2 Mechanical Properties

Almost all of the ordered intermetallics display a large degree of elastic

anisotropy. The modulus values for Ni-50Al are 94.46 GPa, 184.51 GPa and 270.43

GPa for the <100>, <110> and <111> compression axes respectively [11]. These

moduli and yield strengths are also sensitive to temperature. The plastic strain at the

point of failure also exhibits a strong orientation depence in single crystals. Figure 4

shows the plastic strain to failure of <100> and <110> Ni-50Al single crystals at

various temperatures [1]. The <110> orientation consistently yields more plastic strain

before fracture than does the <100> orientation. Figure 4 also illustrates the ductile to

brittle transformation temperature (DBTT) for both the Ni-50Al <100> and <110>

single crystal orientations. Similar orientation trends exsist for most of the

interrrretallics, with many having DBT'I‘s greater than .35Tm, as does the <1(X)> Ni-

50A1. Deformations performed just above the DBTT (350—400 C) [12] exhibit a

substantial amount more plastic strain, as shown in figure 4. Thermally assisted

process are suspected to be activated at these temperatures. These processes could

include dislocation climb, freeing of dislocations from impurities and possible

deviations in the degree of order in the system [13]. It is not entirely clear what

mechanisms are involved in the increase in ductility in this temperature range.

Previous studies of the various ordered intermetallic systems have demonstrated

limited usefulness. However, it is important to recognize that the various phases of the

intermetallic aluminides have long been utilized as renforcing second phases in

superalloys, such as V—Ni3Al in most Ni-based superalloys. Although intermetallics in

general have recieved considerable attention, the ordered intermetallic aluminides (i.e.

Ni, Co, Fe) have recieved a large fiaction of this attention recently [14, 15], particularly

the Ni-Al system. Figure 5 shows .2% yield stress for several orientations of single

crystal Ni-SOAl in comparison with a traditional commercial super alloy as a function
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of temperature [1]. For most orientations of intermetallic Ni-50Al, the .2% yield stress

of a standard superalloy is more reasonable than various orientations of Ni-50Al. This

is further indication that Ni-Al is not as mechanically attractive. Further comparison of

Ni—50Al to other ordered intermetallics displays differences between the similiar

intermetallics as well. Figure 6 displays Ni-Al, Co-Al, and Fe-Al single crystal

hardness as a function of stoichiometry at a given temperature [16]. All three alloys

depicted in figure 6 have very similar qualities with respect to structure, density, etc.

However, the hardness of the Co-Al is consistly higher than Ni-Al or Fe-Al. Moreover,

Ni—Al and Co-Al display increasing hardesses away from the stoichiometric

composition whereas Fe-Al does not. This increasing hardness phenomena in Co—Al

and Ni—Al, and lack there of in Fe-Al, suggests that the possibility of different active

dislocations in the various alunrinides.

The creep properties of Ni-Al and Co-Al differ greatly at high temperatures

(>10000C) and stress levels (fig. 7 and 9) [14, 15]. However, the mechanisms by

which they creep are the same. Both Co—Al and Ni-Al creep through dislocation creep

[14]. The self diffusion rates for Ni and Co in Ni-Al and Co-Al are not much different

than in the respective substituant metals [17]. The Nr-Al creeps at 1 to 2 orders of

magnitude faster than does Co-Al at similar temperatures [14]. This suggests that there

may be some difference in dislocation creep behavoir, which may be influenced by the

dislocation core structure. Thus, the dislocation core structure in Ni-Al may allow the

nraterial to creep at a higher rate. Again, neither Ni-Al or Co-Al have creep strengths

that compare to commercial alloy that is currently utilized in high temperature

environments. Figure 9 shows the various intermetallic aluminides creep strength at a

given temperature in comparison to a commercial supaalloy [15]. It can be seen that the

intermetallic aluminides creep performance is substantially less than that of a

commercial superalloy.
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1.3 Dislocation Core Structures in bcc

It has long been known that b=1/2<111> screw dislocations control the

mechanical behavoir of bcc type materials. The core structure of these screw

dislocations dictates the motion of these dislocations, and thus the observed mechanical

properties [18]. Computer models have demonstrated that these screw dislocation have

a three fold symmetry when relaxed. This three fold symmetry results in a non-planar

core geometry [19-22]. Figure 10 (a and b) shows two possiblities of a l/2[l l 1] three

fold symmetry screw dislocations with respect to crysllographic plane perspective (c)

[19]. The atomic displacement map is superimposed on the supercell containing the

dislocation core simulation. The displacement map uses the convention of vectors or

arrows to represent the [111] component of the displacement between two atoms

projected on to the (111) plane centered on the midpoint of the two atoms. Figure 10 (c)

exhibits the respective planes on which these possible displacements occur. The non-

planar core must be reduwd to a planar configuration for the dislocations to move on

any given slip plane, enabling the material to be deformed plastically. The critical

resolved shear stress (CRSS), which is the controlling factor in plastic deformation, is

directly related to this stress needed to reduce these cores to a planar form.

1.4 DislocationICore Structrue in 132

The theoretical strucuture of the dislocations found in B2 materials have been

investigated using pair potential models [23—27]. The core structure of the 112<111>

super partial screw dislocation in the B2 structure was found to be similar to the three

fold relaxation found in bcc type materials. To preserve the long range order, the

overall dislocation structure is made up of two ll2<111> dislocations separated by an

antiphase boundary (APB) [23-25]. Figure 11 is an illustration of possible dislocation-

APB configurations including two super partial dislocation separated by a nearest

neighbor-APB and an ordinary dislocation with an attached nearest neighbor APB. The

slip planes that these dislocations move is the subject of some dissagreemerrt. Higher
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Figure 10: (a) and (b) Computer model of two possible <111> screw

dislocations in bcc. Atomic positions and displacement differences for a

screw dislocation with b=1/2[111]. (c) Orientation showing relaxation

planes for the model core structures. Adapted from [19].
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APB energy <111> dislocations have been calculated to slip on {110} planes whereas

lower APB energy <111> dislocations have been theorized to slip on {112} planes

[23]. However, {112} or {110} slip planes have been observed experimentally

regardless of the APB energy [26]. As it appears, the complex interactions between the

dislocation core and the APB energy are not completely understood. Figure 12 shows

a computer model of one of these [111] screw dislocations comprised of two

superpartials on the (110) plane with the cores of the superpartials relaxing on the

{112} planes [28].

Studies on <100> and <110> type dislocations in B2 materials are also found

in the literature [24, 27]. Computer modelers have demonstrated that these screw

dislocations relax in planar and non-planar fashion on {011}. Figure 13 shows one of

these non-planar 1/2[1-10] screw dislocations with an APB on the (001) [29]. Figure

14 (a) and (b), exhibits a relaxed [110] dislocation in both screw (non-planar) and edge

(planar) configurations respectively. Hence, it is expected that slip of these planar

dislocations should be more easily activated than slip of the <111> or <110> screw -

dislocations.

Many of these dislocation models do not take into account specific differences

in bond energy and APB energy for the various specific BZ systems, such as Ni-Al vs.

Fe—Al. These models are based on empirecal pair potentials of a generic B2 system that

are simply a difference in unlike nearest neighbor bonds being energetically lower than

like nearest neighbor bonds [27]. These models however, may not predict actual alloy

behavoir. The reported mechanical properties of B2 alloys display significant

differences between one another. Examples of this are Fe-Al, which exhibits slip with

<111> dislocations at ambient temperatures [30, 31], whereas other systems such as

Au-Zn display <100> slip at room temperature [31]. Individual system properties that

are included in the model may make better predictions as to the core structure of the

dislocations. For example Pasianot, et. a1. [29] have used volume dependent pair
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potentials to determine the structure of <111>, <110> and <111> dislocations in Ni-Al

with a variety of different slip planes and line directions. It is believed that these models

more accurately predict the various specific system's dislocation core structures.

1.5 Dislocations observed in Ni-Al .

Many studies may be found in the literature that have examined the slip systems

activated in Ni-Al using slip trace analysis and electron microscopy [18, 32-35]. The

majority of these findings have stated that the preferred slip system is <001>

dislocations moving on {100} or {110} planes. These <001> dislocations on {110}

and {100} planes have been found to exhibit both edge and screw character. <1 1 l>

slip has also been reported in the literature [17, 36, 37]. Similiar to bee alloys, the

<111> dislocations are observed as long straight screw screw dislocations with only

limited edge components [36]. These <111> dislocations are not believed to be a

major component of the plastic deformation properties of Ni-Al due to the inability to

readily observe these dislocations with varying deformation schedules. <001> oriented

single crystals deformed at relatively low temperatures have shown a greater number of

these <111> screw dislocations. It is important to note that Von Mise's criterion of 5

independent slip systems is not met for slip in <100> Ni-Al. If sufficient slip were to

be attained via <111> dislocations the criterion would be met and likely the ductile

response would be observed. However, presently the dominant slip vectors observed

in Ni-Al are <001>.

Several studies have observed <110> dislocations in deformed Ni-Al [35, 38].

It is believed by some that these <110> dislocations slip independently [35, 38].

However, others [39] suggest that these <110> dislocations are formed through the

interaction of <100> type dislocations(<100>+<010>-><110>) and do not contribute

to the overall plastic deformation characteristics of Ni-Al. Recently, Miracle [40] has

observed <110> dislocations in Ni-Al bi-crystals. Although Miracle states that the
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overall mode of deformation is governed by <100> dislocations, he has observed the

nucleation of <110> dislocation loops out of the bi-crystal interface.

1.6 Objective

Ni-Al and Co-Al are similar in many regards with respect to density and

crystallographic structure. However, their respective mechanical behavoirs vary

considerably. This suggests that there may be differences in the dislocation motion, and

possibly in the dislocation core structure between these two materials. Investigations of

the dislocation core structure of these two materials may provide insight into the

difference in mehanical properties of Ni-Al and Co-Al. There are many of studies

evaluating the mechanical properties of the intermetallic aluminides found in the

literature. However, there are very few detailed studies on the experimental observation

of dislocation core structures in the various ordered aluminides [41, 42]. It is the

objective of this study to directly examine the core structure of dislocations in Ni-Al via

high resolution electron microscopy (HREM). Correlations to the differences in

observed mechanical properties can then be made.



2. ExperimentalProcedure

2.1 Compression Sample Preparation

Various compositions of Ni-Al single crystals were obtained from General

Electric Aircraft Ergine division, Cincinnati OH, and by the Naval Air Development

Center,Warminster PA. Table 1 lists the nominal stoichiometries and source of the

single crystals used in this investigation. Not all of the compositions listed in table 1

appear in this investigation's results section. However, references to the composition

accompany all reported results. The source of the material may be deduced by

comparison to this table.

The bulk single crystals were oriented to a <011> by the Laue back reflection

Xray technique. The quality of the diffiaction pattern was an indication of the low

amount of defects within the crystals (fig. 15). Gage length compression specimens

were cut with a specific (101) orientation (figure 16 (a)) with the orthogonal faces of

the rectangular specimen denoted as East, West, North and South for identification

purposes (figure 16(b)). The specimens were sectioned such that there was an

approximate 3:1 face width-to-length ratio to promote homogenous deformation

thoughout the specimen (figure 17). The <011> orientation was chosen to promote the

activation of the {001} slip planes. A notch was ground into one of the corners of the

rectangular specimen to preserve the rotational orientation during sectioning. An

Accutom 2 wafering saw with a Buehler Isocut diamond blade was used to section the

material. The brittle nature of the material made handeling of the material difficult.

Caution was exercised in the sectioning operations, especially for the off-stoichiometry

compositions.

The gage length specimens were ground with 600 grit SiC paper on all four

faces. Once the faces of the specimen were sufficiently ground to an overall smooth

appearance they were then hand polished with diamond paste. The polishing interations

started at 9 micron diamond slurry and dropped successively down to 3 micron, l

24
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airframe
Ni-52 Al

NADC

Ni-51Al
GE

Ni-50Al NADC and GE

Ni-48.84Al
GE

Ni-48Al
NADC

Ni-45.87Al*
GE

 

Table 1: List of nominal compositions of single crystals used in this

investigation with respective source. GE and NADC are abbreviations for

General Electric and Naval Air Development Center respectively. *This

composition does not appear in the results of this investigation.
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Figure 15: Example Laue back reflection pattern from a Ni-50Al single

crystal with a high index orientation. The high definition diffracted spots

give a qualitative indication of the low amount of defects within the

crystal.
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Figure 16(a): Stereographic projection of the (101) oriented

compression specimens.
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Figure 16(b): Schematic of the top surface of a compression

specimen with respect to the crystalographic orientation.
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North-East face corner is to preserve the rotational symmetry.
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micron, 0.5 micron, 0.1 micron. The polished specimens were then inspected visually

to insure that no scratchs or blemishs appeared on the faces of the specimen. The polish

was performed on the specimen to make optical slip trace microscopy possible.

2.2 Compression Testing .

The samples were deformed in compression on a MTS 810 axial loading test

appartus equipped with a Centorr vacuum furnace. The test temperature was set at 400°

C. The temperature was chosen to insure a more dutile response of the material and that

no other deformation processes such as creep occured simultaneously. Furthermore,

the 400° C temperature was chosen in an effort to duplicate a previous investigation's

results [11] and to encourage <100> {001} slip. The compression was carried out at a

strain rate of 10‘4 s‘1 to approximately ep=5%. The low value of plastic deformation

allowed for significant plastic deformation without creating complex interactions of

dislocations. The avoidence of these complex interactions was an attempt to make

analysis of the dislocation substructure less difficult. The deformation was performed

under a vacuum pressure of about 105 torr to inhibit oxidation of the material.

2.3 Optical Slip Trace

The slip trace analysis was performed using optical light microscopy. The slip

lines were observed on the various faces of the specimen and the angles were measured

with respect to the axial <011> direction. The measured angles were then transfered to

the <011> stereographic projection which indicated the activated slip planes within the

single crystal during compression. A more detailed description of the standard two face

single crystal slip trace analysis may be found in the literature [43].

The deformed crystals were sectioned parallel to the slip plane with the diamond

blade wafering saw. 3 mm discs were cut from the diamond blade sections using

electro discharge maching (EDM). The cuttings were ground by hand to a thickness of

no more than 0.15 mm using 6(1) grit SiC paper. The ground specimens were then

electropolished/thinned in a Struers Tenupole twin jet polisher at -30 C under 12Volts



30

in a solution of 1 part nitric acid to 2 parts distilled methanol. The thin foils were

prepared to perform the g°b=0 analysis to characterize the burgers vector and line

direction of the dislocations present in the deformed specimen.

2.4 TEM observation .

The g- b=0 analysis was performed on a Hitachi H—800 200kV transmission

electron microscope under diffraction contrast conditions. The analyses were performed

using the bright field imaging technique. The thin foils of the material were tilted to

diffracting conditions of g- b=0 and g- bxu=0 for the invisibilty and near-invisibility

criterion. Trace analysis of the bright field images with respect to the diffraction patta'n

revealed the line direction of the dislocations present in the crystal.

Once the line direction and characta of the dislocations were determined,

another set of similarly prepared <011> deformed single crystals were sectioned

perpendicular to the line direction of the edge dislocation with a burger's vector of

<100> on the {010}. The choice of <100>{001} dislocations was made due to the

resolution limits of the 400kV microscope and the need to image via a low index zone.

The projected interatomic spacing of the atoms on the cube plane is approximately

0.20nm, whereas the resolution limit of the microscope is approximately 0.17am. The

cube slip edge dislocations inhabit a low index zone ({010}) and have a low index line

direction ({100})which is also needed for phase contrast imaging.

The sections made perpendicular to the line direction of the edge dislocations

were ground and electorpolished/thinned in the same manner as the slip plane sections

used for the g.b=0 analysis. The thin foils were then examined under phase contrast

conditions in a JEOL 40(1) EX 400kV T'EM (opperated at 350kV) equipped with Gatan

video imaging system to directly image the atomic lattice. The HREM was performed at

the University ofMichigan Electron Microbeam Analysis Laboratory (EMAL).

The off-stoichiometric specimens were prepared similarly to the Ni-50Al. Due

to the increased hardness of the Ni-52Al, and rum, the cutting feed speeds of the
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material were reduced The slower feed speeds reduced the risk of fracture during the

sectioning operation. The sample preparation techniques for the off-stoichiometric

specimens, other than sectioning, were identical .

2.5 Computer Simulation _

Computer simulation of HREM images were performed on a theoretical <100>

{001}model of the dislocation core structure using the EMS software package [44].

The EMS software accurately simulates the phase contrast imaging conditions on the

computer model used in this investigation. The computer model supercells used in this

invesigation were supplied by Pasianot et. a1. [29] and were made using the Embedded

Atom Method (EAM). Comparison of the experimentally obtained phase contrast

HREM images were made to the simulated HREM images of the core structure model.

This computer simulation of the core structure model is nessecary to effectively evaluate

the computer models accuracy in predicting the core structure of the <100> {001} edge

dislocations.



3. Experimental Results

3.1 Slip Trace Analysis

Optical slip trace analysis of the (101) oriented deformed (T=400°C, ep=5%)

stoichiometric Ni-50at%Al (here after denoted as Ni-50A1) revealed the activation of

duplex {100} slip planes along with duplex {110} slip planes (fig. 18 (a) and (b))

(duplex slip is defined as the activation of both or all of a given {th} having the same

slip plane normal angle with the compression axis). The samples were uniformily

deformed displaying two distinctly different sets of slip lines corresponding to two of

the {101} and the two {100}. The Schmid factors for the four {101} <010> and the

two {100} <001> are .354 and .50 respectively. It was determined that there were four

possible {110}, ((110 ), (1-10 ), (0-11 ), (011)) and two possible {100}, ((100),

(001)) planes that would display the slip traces present on the various faces of the

crystal (fig. 18 (a) and (b)). The observation of these activated duplex {100} and

{110} slip planes is in good agreement with previous investigations found in the

literature [11, 16]. Once the activated slip planes were determined, (001) parallel

specimen sections were taken for TEM specimen preparation for the g- b=0 analysis.

After examining the optical slip line micrographs for the various compositions

of Ni-Al (Ni-52A1, Ni-51Al, Ni-50Al, Ni-48Al), it became apparent flat the Ni—50A1

exhibited the activation of both duplex {110} and {100} with {110} being the

dominant planes of slip. However, the off-stoichiometric compositions were

dominanted by the activation of {100} slip planes. Both the Ni-52A1 and Ni-48Al

compositions displayed {110} slip plane activation, but to lesser degrees than did the

stoichiometric compostion. This demonstrates that there is a shift in prefferred

dominant slip plane for compositions away from stoichiometry.

3.2 Dislocation Substructure

Ni-50Al TEM specimens sectioned parallel to (001) exhibited basically two

general line directions of dislocations. The dislocations lying within the plane of the foil

32
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Figure 18 (a): Optical micrograph showing the north face of a

deformed (5p =5%) single crystal of Ni-50AI.

 

 
Figure 18 (b): Optical micrograph showing the slip traces on the east

face of a deformed Ni-50Al single crystal.
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were found to have line directions of [100] and [010] (fig. 19). In addition to the long

straight dislocation segments, there were large concentrations of inclined dislocations

lying in dense bands with an overall band direction of [100]. Since the long straight

dislocations were lying within the plane of the foil, they were assigned to the (100) slip

plane. The dense bands of inclined dislocations were presumably one of the possible

{110} slip planes. Figure 19 shows the general line directions for dislocations lying

within and inclined to the plane of the (010) foil.

3.3 g- b=0 Analysis

Figure 20 (a) shows an area with two different sets of dislocations with

different burgers vectors both in contrast. Figure 20 (b) shows a schematic of figure

20 (a) with dislocations labeled a and b accordingly. Figure 20 (c) and (d) shows

dislocation type a out of contrast with diffracting vectors g=(020) and g=(011)

respectively. By taking the cross product of these two diffracting vectors for which the

invisibility criterion is met, dislocation type a is determined to have a burger's vector

of [100]. Similarly, figure 20 (e) displays dislocation type b out of contrast for a

diffracting vector of g=(200). However, it was not possible to find a diffracting vector

such that all of the dislocations of type b were made to go out of contrast. This

suggests that there may be more than one possible burger's vector for the dislocations

inclined to the foil. Hence, the dislocations labeled b could not be diffitively assigned

due to the difficulty to observe all of them out of contrast. However, the focus of this

study was to study the <100> {001} dislocations.Figure 20 (1) shows some of the type

b dislocations out of contrast for a diffiacting vector of g=(101). Taking the cross

product of these two diffiacting vectors for the type b dislocation yields a possible

burger's vector of [010]. However, close examination of the type b dislocations for the

various diffracting vectors reveals that the invisiblity critaion is not met for all of these

dislocations. Hence, these type b dislocations can not conclusively be assigned as

b=[010].
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Figure 19: Diffraction contrast image with a foil normal of [001] and a

diffracting vector of (-110). This micrograph shows the basic dislocation

substructure of Ni-50Al with appropriate line directions.
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Figure 20 (a): Diffraction contrast image showing an area with several

different dislocations in contrast labeled a and b. The diffracting vector is

(-110).
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Figure 20 (b): Schematic showing a simplified version of figure 20 (a).

The various dislocations are labeled a and b to make the difference

distinguishable.
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Figure 20 (c): Diffraction contrast image showing an area with dislocations

labeled b in contrast and dislocations a out of contrast. The diffiacting vector is

(020) near a {001} zone.

 

Figure 20 (d): Diffraction contrast image showing dislocations a out of contrast

while dislocations b are in contrast. The diffracting vector is (011) near a {110}

zone.
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Figure 20 (e): Diffraction contrast image showing an area with dislocations

labeled a in contrast and dislocations b out of contrast. The diffracting vector is

(200) near a {001} zone.

 

Figure 20 (t): Diffraction contrast image showing dislocations b out of contrast while

dislocations a are in contrast. The diffiacting vector is (101) near a {110} zone.
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The standard g- b=0 analysis and trace analysis revealed the type a dislocations

with a line direction of [010] to be pure edge on the (001) plane. The type a

dislocations with a line direction of [100] were found to be pure screw with a burger's

vectors of [100]. In addition to these edge and screw dislocations, there were. a

substantial number of mixed dislocations with the [001] burger's vector inhabiting the

(001) plane. Figure 21 is a schematic displaying the findings of the g-b=0 analysis

with respect to the slip trace analysis results showing the various activated slip planes

and the dislocations observed on the (001) plane of the crystal.

In addition to the cube slip (dislocations type a ), there were many dislocations

lying in bands inclined to the foil with an overall band direction of [100] ( type b

dislocations). Mixed dislocations lying in bands on the (101) appear to have [100] line

direction due to the intersection angle between the (010) and (101) planes. Therefore,

foil sections parallel to the (010) plane reveal these bands of dislocations on the (101)

plane with an apparent band direction of [100]. These dislocations are believed to have

<100> and/or <110> burger's vectors. Due to the inability to observe these dislocations

out of contrast, it was not possible to unambigouosly determine the burger's vectors of

these inclined dislocations. Therefore, these type b dislocations do not appear on

figure 21.

A standard TEM foil for a g- b=0 analysis of the off-stoichiometric Ni-48Al

and Ni-52Al was prepared, although the procedure was not performed for these

compositions. Both the Ni-48Al and Ni-52Al displayed similar dislocation substrucures

to that of the Ni-50Al. However, as mentioned in the slip trace analysis, the off

stoichiometry compositions showed lesser amounts of the {110} slip plane

dislocations. {100} TEM specimens of the off-stoichiometry compositions revealed

similar cube slip dislocations with an abscence of the large concentrations of inclined

dislocations found in the Ni-50Al TEM specimens. The burger's vectors and line

directions found in the off-stoichiometry compositions were the same as the Nl-SOAI.



 

 

_ 101

( 0) [1 1

(oil)

‘ °’ '1'"

(on)

b.=uool (0011. /

(100)

—/

h,=[lool (001)..

~ b,=[001] (100)

__(001)

(Plane ofTEM foil)

b£10011 (100).

 

(010)

(Plane ofHREM foil)

  e (Toll    
[010]

Figure 21: Schematic showing the slip systems activated during

compression. The appropriate dislocations are labeled accordingly.
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3.4 HREM Observation

Ni-Ai sample sections perpendicular to [100] revealed the pure edge

dislocations inhabiting the (001) and (010) planes in an 'end on' view. The 'end on'

view of these dislocations is necessary for resolution of the core. Dislocations veiwed

in non-'end on' directions do not reveal the detail of the core and do not provide any

information about the core structure. Figure 22 is a diffraction contrast TEM image

revealing the 'end on' view point of the cube slip edge dislocations in Ni-50Al at a

relatively low magnification. These {100} foil sections were imaged in phase contrast

to evaluate the fine detail of these <100> {001} edge dislocation core structures for the

various compositions of Ni-Al. Phase contrast imaging utilizes the crystallographic

nature of the material to provide an image based on constructive and destructive

interference of the of the electron beam with the sample. Figure 23 (a) displays a typical

(100) zone with no objective aperature at a nominal camera length of 1.5m. Figure 23

(b) shows the same (100) zone used to form the image with an objective aperature

utilizing only a few of the total number of diffracted beams. Figure 24 shows the

resolution capability of the JEOL 4000 EX operated at 350kV at a nominal

magnification of 600,000X. Figure 24 displays the atomic lattice of Ni-48Al showing

the body center and corner atom positions with a point to point resolution of

approximately 19 nm. The atomic lattice image pictured in figure 24 (a) has an image

normal of [010].

Figure 25 shows a phase contrast image an edge dislocation found in Ni-50Al

with a [100] burger's vector on the (001) plane. The line direction (and micrograph

normal) of the edge dislocation is [010]. The burger's circuit is detailed around the

core to illustrate the [100] displacement of the two extra half planes of atoms. It is

Suggested that the viewer tilt the micrograph so as to view it nearly parallel to the plane

of the page to notice the displacements of the regular lattice. The micrograph should be

viewed at both right angles to observe the displacements in both directions. By closely
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Figure 22: Diffraction contrast micrograph with foil normal of [010]. The dark

spots represent dislocations with an end on configuration for imaging in phase

contrast conditions. The diffracting vector is (101).



 

Figure 23 : (a) Diffraction spot pattern of a single crystal thin foil of

Ni-50Al, showing a {100} zone for the 82 crystal structure with no

objective aperature. The additional diffraction spots are created from the

superlattice.

 

Figure 23 : (b) The same {100} zone with an objective aperature

to limit the number of diffracted beams for phase contrast

imaging.



 

Figure 24 (a): Phase contrast image showing point to point resolution

of the regular lattice in Ni-48Al at 350kV accelerating voltage.

.28 nm

 

Figure 24 (b): Schematic showing the 82 structure and point to point

displacements. The light circles represent Ni-atoms and the dark

represent Al.
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examining the atomic layers running parallel to the extra two half planes of atoms, it

can be seen that there is a considerable amount of disregistry near the core. Examining

the atomic layers parallel to the half planes further away from the core one can see that

the regiment of the regular lattice is restored. Similarly for the atomic layerings running

parallel to the slip plane, or normal to the two extra half planes of atoms, one can

observe that again there is considerable displacement out of the slip plane near the

dislocation core. As with the dislpacements parallel to the two extra half planes of

atoms, the regiment of the regular lattice is returned in as many as 3 to 4 atomic

layerings. This suggests that the displacements of the dislocation core found in Ni-

50Al are somewhat localized near the core.

Figure 26 shows a phase contrast image of an edge dislocation found in Ni-

48Al with a [100] burger’s vector on the (001) plane. The micrograph is taken looking

down the [010] zone. The burger's circuit is illustrated around the core of the

dislocation to highlight the displacement of extra two half planes of atoms and is again

[100]. By closely examining the atomic layers parallel to the extra two half planes of

atoms, it can be seen that the Ni-48Al core structure is similarly displawd as is the Ni-

50Al core. However, the atomic layerings further away fiom the core still show a

significant amount of disregistry whereas the Ni-50Al core was returned to the regular

lattice. As many as three or four atomic layers away from the core it can be seen that the

Ni-50Al regular lattice is restored whereas in the Ni-48Al the disregistry is still present

after as many as six or seven atomic layerings. Hence, the core structure of the edge

dislocation found in Ni-48Al is significantly more spread within the slip plane than the

core found in Ni-50Al. Similarly, the atomic layings running parallel to the slip planes

show a considerable amount more displacement out of the slip plane as well. Again, the

Ni~48Al layerings running parallel to the slip plane still display a significant amount of

displacement as many as six or seven rows away from the core whereas the Ni-50A1

layerings are more uniform after three or four rows away from the core. It is evident
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Figure 26: Phase contrast image of a Ni-48Al [100] (001) edge dislocation.

The foil normal is [010]. The image was taken at 350kV accelerating voltage
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that the core of the cube slip edge dislocation found in Ni—48Al is significantly more

spread both in and out of the slip plane than the Ni-50Al core.

Figure 27 shows a phase contrast image of an edge dislocation found in Ni-

52Al with a [100] burger's vector on the (001) plane. The direction of micrograph .

normal is perdicular to the (010) plane. Again, the burger's circuit is sketched

around the core of the dislocation to illustrate the displacement of the two extra half

planes of atoms. Although the resolution for this micrograph is not as good as the

the other compositions, it can be seen that by closely examining the atomic layers

running parallel to the two extra half planes of atoms, there is a significant amount

of displacement in the slip plane found in the Ni-52Al, similarly to that of the Ni-

50Al and Ni-48Al. By examining the atomic layerings running parallel to the slip

plane it can be seen that thee is a substantial amount of displacement out of the slip

plane as in the Ni—48Al core structure. Atomic layerings as far away from the core

as six or seven layers still show a significant amount of disregistry, whereas in the

Ni-50Al core structure the displaced layers wee closer to the core (three or four

layers). Similarly to the Ni-48Al, the Ni-52Al core structure is significantly more

relaxed both within the slip plane and out of the slip plane. In comparing the core

structures of the cube slip (<100>{001}) edge dislocations found in Ni—48Al, Ni-

50Al and Ni52A1, it is apparent that the off stoichiometric compositions display a

more significant spreading of the core than the stoichiometric composition, with the

”out of slip plane” distortions being the most prominent.

As was stated in the slip trace analysis section of this investigation, there

were significant traces for planes other than {100}. Although the off stoichiometric

compositions displayed a predominance of {100} slip plane activation, there was

noticeable {110} slip plane activation as well. It is not entirely clear what burger's

Vectors were presert in the off stoichiometry compositions because no g- b=0

analysis was performed. However, it has been previously reported that both <100>



49

t f t. n hi

 
Figure 27: Phase contrast image of a Ni-52Al [100] (001) edge

dislocation. The foil normal is [010]. The image was taken at 350kV

accelerating voltage.
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and <110> burger's vetors have been observed in the various compositions of Ni-

Al [11]. Therefore, the possibility of observing non-<100> burger's vectors is not

high, but not impossible. Figure 28 shows a phase contrast image of a [110] (001)

edge dislocation found in Ni-S 1A1. The burger's circuit is drawn around the core to .

illustrate the [110] displacement of the two extra half planes. By examining the

core’s two extra half planes, it can be seen that the two half plane's termination

points are separated by one plane of atoms, normal to the two half planes. There is

a minor climb dissociation between the termination points of the two half planes of

atoms. Portions of the micrograph do not exhibit good resolution, however, the

image quality near the core is good enough to examine the structure. Unfortunately,

this investigation yielded no other HREM micrographs from the other compositions

displaying this <110> dislocation. A comparison of the relaxation of the core

similar to that of the <100>{001} dislocation could have further illustrated this core

spreading effect with changes in stoichiometry.



51

 
Ni-51Al. The burger‘s circuit is diagramed around the core to illustrate

the displacement. The dislocation is slightly climb-dissociated. The

termination points of the two extra half planes are labeled a and b.

Figure 28: Phase contrast image of a [110] edge dislocation found in



4. Disscussion

4.1 Mechanical Properties

Figure 6 displays the hardness-composition trends of Ni-Al, Co-Al and Fe-Al

alloys tested at a 200°C [16]. Ni—Al and Co-Al single crystals with compositions away

from the perfect stoichiometry have significantly higher hardnesses than the

stoichiometric composition. Additional investigations [6, 7, ll, 45] have reinforced

these findings, as well as showing higher yield strengths and lowe strain to failure for

these Ni and Al-rich compositions. It has been suggested that the increasing hardness

and strength with deviations from perfect stoichiometry can be attributed to an

increase in the number of point defects in the lattice [34]. This increased number of

vacancies is the result of ordeing constraints corresponding to changes in

stoichiomeu'y. The substitution of a vacancy onto a lattice site is energetically more

favorable than a voilation of the order [34]. Howeve, while these increases in vacancy

concentration may provide argumelt for Ni—Al and Co-Al systems, they do not explain

why this hardness phenomela does not occur in Fe-Al. Both Ni-Al and Co-Al exhibit

substantial increases in hardness for off-stoichiometric compositions in either A1 or

C0, or Ni-rich compositions, whereas Fe—Al actually displays a decrease in hardness

for Fe-rich compositions (fig. 6) [16]. The shift in prefferred slip plane in the (101)

deformed Ni-Al observed in this investigation may help explain this pheromena. The

shift from {110} prefferred slip for Ni-50Al to {100} for off-stoichiometric

compositions coincides with the increasing hardness with composition deviations.

The results of the present study suggest another mechanism for this observed

change in hardness and strength with stoichiometry variations. By examining the

steographic projection (fig. 16 (a)) it can be seer that for the Ni-50Al there were six

possible planes for which <001> slip could occur, four {110} and two {100}, whereas

the off stoichiometric compositions basically only had two {100} planes being

activated. However, a reduction in the number of active slip planes would not

52
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effectively change the mechanical response of the material, whereas a change in the

critical resolved shear stress (CRSS) would This observation suggests there is a

change in the CRSS for the various slip systems as a function of stoichiometry. A

change in the CRSS values for the various slip systems may also explain this shiftin

active slip planes. Thus the CRSS for {110} slip maybe increasing relative to the

CRSS for {100} slip as the composition is shifted from Ni-50Al to either a Ni or Al-

rich composition. This poses another question as to why the CRSS values are different

with changes in stoichiometry. One possibility could be that there is a change in defects

that gove‘n the initiation of plastic flow, specifically dislocations. The observed shift

prefferred slip plane, and consequertly hardness, may be described by the nature of the

dislocation core structure as a function of stoichiometry. The results of this

investigation show that thee is a considerable change in the nature of the core of the

<100> {001} edge dislocation found in Ni-Al as a function of stoichiomeu'y. This may

help explain the increasing hardness with stoichiometry changes.

4.2 Dislocation Core Spread

The observed spread of the <100>{001} edge dislocation core as a function of

stoichiometry may help explain the increasing hardness phenomena in Ni-Al alloys.

The core of the Ni-50Al, which exhibits the lowest hardness, is somewhat more

compressed near the core than the off sotichiometry compositions. The off-

stoichiometry Ni-48Al and Ni-52Al display a more relaxed core for these dislocations.

This relaxation of the core as a flmction of stoichiometry should affect the CRSS for

these dislocations.

This width, W, of a dislocation is a measure of the lattice distortion associated

with the introduction of a dislocation into a pe'fect lattice [46]. The term W is defined

as the distance across the core of the dislocation such that the displacemelt of the

regular lattice is greater than or equal to one fourth of the burger's vector. The Peierls—
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Nabarro stress (rpm) dependence on the dislocation width and the burger's vector b is

given as [47]:

Where G is the shear modulus. The observed increased width of the off stoichiometry

composition's relaxed dislocation core would effectively lower the CRSS. Figure 29

displays a hypothetical edge dislocation core with an effectively small core width, the

subsequent plots below the illustration detail the disregistry, Au, and burger's vector

distribution f respectively. Figure 30 is a similar figure 29 with the same burgers

vector except that the atomic positions are for a wider core structure.

Based on this argument, the dislocation core observed in Ni-50Al should be

more difficult to move than the core observed in Ni-48Al and Ni-52Al. This is

contradictory to the mechanical properties reported in the literature [6, 7, ll, 12, 16].

However, the displacements normal to the slip plane may affect the CRSS even more.

It is important to note that the above model does not consider displacements normal to

the slip plane. The distortion out of the slip plane should make these dislocations harder

to move. Such as the case with the <111> screw type dislocations found in bcc type

materials. The three fold symmetry must first be be compressed into a planar core

before the dislocation can be set in motion. Hence, more stress should be required.

Figure 31 is a digitized image of the Ni-50Al edge dislocation pictured in figure 25.

The digitized image has been elongated in the vertical direction and compressed in the

horizontal to better examine the spread of the core out of the slip plane. This type of

image illustrates the effect of examining the 'tilted' image to look down the planes in the

compressed direction. Figure 32 is similar to figure 31 but for the off stoichiometric

Ni-48Al composition showing the distortions out of the slip plane are greater for this

alloy. These two figures help illustrate this increased spreading out of the slip plane
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Figure 29: Schematic of an edge dislocation core showing

atomic positions for relatively locally compressed

configuration. The subsequent plots below the illustration

detail the disregistry, Au. of the regualr lattice and the

burger’s vector distribution function,fid(Au)/dx.
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Figure 30: Schematic of an edge dislocation core showing atomic

positions for a spread configuration. The subsequent plots below the

illustration detail the disregistry, Au of the re ular lattice and the

burgers vector distribution function,f=d(Au) dx.
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Figure 31: Digitized image of the Ni—50Al core structure originally

pictured in figure 25. The core image has been elongated to better

illustrate the displacement out of the slip plane.
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Figure 32: Digitizedimage of the Ni-48Al core structure originally

picturedln figure 26. The core image has been elongated to better

illustrate the displacement out of the slip plane.
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with a 2 at.% Ni-rich shift in composition away from stoichiometric Ni-50Al. Hence,

this relaxation of the core out of the slip plane in these <100>{001} edge dislocations

in Ni-48Al and Ni-52Al would require greater stress to move them. This increased

stress needed for the off stoichiometric compositions would effectively result in~ a

higher Cass and a higher overall material strength. Conversly, Ni-SOAl's dislocation

core that is less displaced out of the slip plane would require a lower stress to move

[20, 46, 47]. These core differences help explain the observed mechanical responses of

the material as a function of stoichiometry.

Even though these edge dislocations are harder to move in Ni-48Al and Ni-

52Al, these compositions exhibit more of these <100>{001} dislocations than the Ni-

SOAl, indicating that these dislocations become the the dominant dislocation with

changes in stoichiometry. This implies that while these dislocations are becoming more

difficult to move, relative to the other dislocation types (namely <001> {110}), they are

becoming easier to move. Thus it is possible that the core spreading processes which

governs the dislocations on the {100} planes is more pronounced on the {110} slip

systems. It would be of great interest to examine these dislocations on the {110} slip

planes using HREM in a similar manner as the {100} analysis performed in this

investigation. However, as mentioned earlier in the procedure section, this analysis

does not have a good potential for success due to the resolution limits of the

microscope. The problem imposed by using HREM for the <01 1> {110} dislocations

is that the line direction of these dislocations is <101>, therefore the interatomic

spacings on the {101} are below the resolution capability of the microscope. However,

it can be deduced that likely there are probable dramatic changes in the cores of the

dislocations on the {110} planes which are affecting their mobility and consequently

increasing the hardness of the material by making these <011> {110} dislocations

more diffith to move.



4.3 Computer Simulation of HREM images

To facilitate a comparison with theoretical work, computer models of the

<100>{001} edge dislocation were supplied by Pasianot et. a1. [29]. These theoretical

core models were generated using the Embedded Atom Method (EAM). The EAM

model uses what is known as a supercell of several thousand atoms and calculates the

most energetically favorable configuration of a defect (dislocation) within this supercell

based on interatomic potentials. In order to compare experimental observations of the

actual dislocations found in the material to the theoretical model's images of the

theoretical cores, the model cores had to be simulated under HREM conditions. The

HREM simulation of these core models was performed using the EMS HREM

simulation software package [44]. The EMS software simulates what the model

dislocation core will look like under phase contrast conditions given the various

parameters; aperature size, accelarating voltage, sphereical abberation, specimen drift,

astigmatism, deviation off the zone, voltage fluctuations or spread, defocus and foil

thickness. Deviations in the last two of this group have dramatic effects on the

appearence of the simulated core structure. Figure 33 shows how differences in foil

thickness change the nature of the HREM simulation. Notice how the positions that

were once white spots that represented atoms for a thickness of 2.871nm , appear as

dark spots for a thickness of 11.484 nm. Note in particular, thicker areas only exhibit

super lattice resolution." Only by close comparison of the computer model to the

simulated HREM image of the model can these assignments of white spot and dark spot

for atomic positions be made. This illustrates the need for HREM image simulation

when analyzing the experimental images. Figure 34 displays the dislocation core

structure simulation for a variety of different defocus conditions. It can be seen that

minor deviations in the defocus dramatically change the appearance of the simulated

image similarly to that of the foil thickness variation. Both of the simulation series are
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5:.“

 
Figure 33: HREM simulations showing the effect of thickness changes.

The defocus is 60 nm. The thickness values are (a) 2.871nm, (b) 5.741 nm,

(c) 8.613 nm, and (d) 11.484 nm.
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Figure 34: HREM simulations showing the effect of defocus. The foil

thickness is 7.17 nm. The defocus values are (a) 40nm, (b) 45 mm, (c) 55

nm, and (d) 60 nm.
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near the Scherzer condition. This observed change in image appearance is crucial in

comparing the experimental images to the EAM model.

4.4 Dislocation Core Structure

It is interest to know the basic structure of the <100>{001} dislocation core'as

well as other dislocations. Figure 35 (a) and (b) shows projected potentials for two

possible core configurations for the <100>{001} edge dislocations found in Ni-50Al

produced by the EAM[29]. The projected potential represents the charge densities of the

supercell and shows the actual atom positions used in the simulations. The difference

between the two core structures is that the extra two half planes of atoms associated

with the <100> edge dislocation, can either terminate on a Ni or Al site. The core

structure with the two half planes terminating on the aluminum atom site appears to

have a more 'asymettric' shape than does the core structure of the two half planes

terminating on the Ni site. Figure 36 is an illustration to gain a better understanding of

what the two different cores look like (note: this is merely an illustration to better show

the difference between the two structures). It is important to mention that according to

the EAM model, both of the theoretical dislocation core structures in figure 35 (a) and

(b) are possible. However, the only core configurations observed experimentally were

that of figure 35 (a), or the 'symmetric core'. None of the disloeations observed in this

investigation had the 'asymmetric' configuration (fig. 35 (b)).

The experimental image for the Ni-48Al dislocation core also matchs the

'symmetric' structure projected potential near the core, although the simulation does

not account for this increased spreading both in and out of the slip plane. All of the

experimental HREM images observed in this investigation display the basic

"symmetric" configuration.

In an attempt to model deviations in stoichiometry, loeal deviations in core

chemistry were calculated and projected for comparison to the experimental images.

The model and corresponding projected potentials were adjusted to simulate the off-
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Adapted from [28].
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Figure 36: Illustration of the EAM disloeation core models, (a) details the

efi?ects of the'symmetric' core structure and (b) represents the'asymmetric'

core structure. The difference between the two cores is the termination

atom of the two extra half plane. The light circles represent Al atoms and the

dark circles represent Ni atoms.

 





stoichiometry effect by making substitutions near the core in the supercell. Once the

substitution was made, the equilibrium configuration was calculated and projected.

Figure 37 is a series of HREM computer simulations and projected potentials of this

disloeation with local changes in stoichiometry. These local deviations in core

chemistry do significantly change the projected potential of the model. It is difficult to

properly compare such minor fluctuations in the model to that of the experimental

images due to the resolution capability of nricroscopeWhile the general experimentally

observed structure of the core does not change from that of the Ni-SOAI, these local

variations do not simulate the spreading of the core either within, or normal to the slip

plane. Hence, these local changes in the computer modeled core structures do not

predict the core structure for the off stoichiometric compositions.

Recently Mills [42] has imaged the <100>{001} edge dislocation core in single

crystal Ni-50Al. Comparison Mill's core image to the observed in this investigation

reveals similar core structures. Both Ni-50Al core structures appear to have the extra

two half planes ofatoms terminating on a Ni-atom. The computer simulation [29] used

in this investigation compares well to that of Mill's investigation also. Figure 38 shows

a <100> {001} edge disloeation from this investigation with somewhat poorer

resolution at a slightly lower maginifieation. By examining this dislocation core

approximately45degreesineither direction ofthetwoextra lulfplanesiteanbe seen

that there are two apparent single half planes residing on the {110} planes. This

observation is in good agreement with Mill's findings and the computer model used to

project the theoretical core structure of this dislocation.

The observed [110] edge dislocation in this investigation differs significantly to

that of Mill's investigation [42]. Figure 28 displays a phase contrast image of a slightly

climb dissociated <110> burger's vector edge disloeation found in Ni-SlAl in this

investigation. The disloeation in figure 28 is actually two climb—dissociated 1l2[110]

partial dislocations separated by an climb antiphase boundary. Figure 39 is a schematic
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Atomic Positions HREM Simulation

 

Stoichiometric Stoichiometric

(a) (b)

 

Al Vacancy

(C) (d)

 

Figure 37: Atomic position maps based on EAM calculations for Ni-50Al ,

(a), and for local subsitution of an Al vacancy (c). (b) and (d) HREM

simulations for (a) and (c) respectively.
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Atomic l’ositions HREM Simulation

 
Extra Al Atom Extra Al Atom

(g) (11)

Figure 37 cont. : Atomic position maps based on EAM calculations for a Ni

vacancy (e), and for local subsitution of an extra Al atom (g). (t) and (h) are

HREM simulations of (a) and (g) respectively.
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Atomic Positions HREM Simulation

  
Extra Ni Atom Extra Ni Atom

(0 (i)

  Ni and Al switched

(k) (1)

Figure 37 com. : Atomic position maps based on EAM calculations for

an extra Ni atom (i) , and for local switch of an A1 with Ni atom (k).

(j) and (l) are HREM simulation of (i) and (k) respectively.
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The foil normal is [010]. The image was taken at 350kV accelrating voltage.

Figure 38: Phase contrast image of a Ni-50Al [100] (001) edge dislocation.

The arrows indicate the apparent extra two half planes along the {110} planes.
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Extra Half Planes

b=[110] *
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Figure 39: Schematic representation of the dislocation pictured in

figure 28. The half plane termination planes are labeled as 'a' and 'b'

and the termination atoms are represented as black circles.
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representation of figure 28 showing the dissociated pair of dislocations. Close

examination of the experimental image reveals the two 1/2[110] dislocations actually

terminate at two different slip planes separated by a single plane of atoms. Mills [42]

observed a similar dislocation in Ni-50Al that was significantly more dissociated than

the one observed in this investigation. Intuitively, the more dissociated <110>

disloeation observed by Mills may be easier to move than the one obse'ved in this

investigation. Comparison between the two cores clearly shows the dissociation effect.

Mill's also noted that under high resolution conditions these dissociated <110>

disloeations decomposed under the energy of the beam into <100> dislocations.

However, the slightly climb dissociated core in figure 28 did not decompose into

<100> dislocations.

There were several observations of <110> dislocations with varying strictures

found in the Ni-5 1A1 results. Unfortunately, not all of the images proved useful due to

the inability to get the maximum regular lattice resolution. Several single 1/2<110>

dislocations were observed without the accompanying 1/2<110> partial and antiphase

boundary. It has long been known that these single 1/2<110> dislocations eannot exsist

alone for they are a disordering dislocation and need a second dislocation with the same

burger’s vector plus an APB to to preserve the order of the bulk. In contradiction,

Figure 40 displays one of these single ll2<110> dislocations in Ni-SlAl. There are a

couple possible explanations for this single disloeation. One line of conjecture could be

that this disloeation is an edge component of a <111> mixed dislocation. However, this

is not posibble beeause the resolved edge component of a <111> mixed dislocation has

a b direction of <110> when observed down a <001> zone. The line direction of this

image is <100>. Another viable possibility is that this single ll2<110> dislocation was

part of a pair of partial disloeations separated by an APB. Quite possibly one of the

super partial dislocations moved out of the foil while the one observed was left behind

as a sessile remenant, but this not easily rationalized because of the high APB energy in



voltage of 350 kV.

 

 

Figure 40: Phase contrast image of an apparent b=l/2[l 10] edge

dislocation in Ni-51Al. This image was taken at an accelerating
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Ni-Al. Intially this image was thought to be a superlattice resolution image of a <100>

or <110> dislocation. Recall that the superlattice is visable in thicker regions of the

sample, thus a <100> in the regular lattice would appear as a 1/2<llO> in the

superlattice. However, close calibration of the 'white dot' spacings and careful

examination of the negative from which this image was obtained from, proved this

image to be an actual regular lattice resolution image. The diffaction intensity

differences between the apparent Ni and Al atoms further supports the hypothesis that

this is a regular lattice image. Hence, the argument of poor resolution does not apply.

Therefore, this image cannot be all inclusively defined.



5. Conclusions

Stoichiometric Ni-50Al displayed predominantly {011} slip planes with limited

{001} slip plane activation for the <lOl> oriented single crystals deformed in

compression at 400°C. The off stoichiometric Ni-52Al and Ni—48Al displayed mostly

{001} slip with limited {011} slip plane activation when deformed under similar

conditions. This illustrates that there is a change, as a function of stoichiometry, in the

preferred slip plane for the <101> orientation. A change in the critical resolved shear

stress for the disloeations on these slip planes is influncing the disloeation slip

properties of the material.

The <100> {001} edge dislocation core structure of the Ni-50Al is somewhat

compressed with respect to relaxations within the slip plane. There are substantial

displacements out of the slip plane also, which help explain the hard nature of Ni—Al in

general. The Ni-48Al and Ni-52Al have a more relaxed core structure within the slip

plane than the stoichiometric Ni-50Al. This is contradictory to the observed mechanical

properties based on the relationship between core relaxations and critical resolved shear

stress. However, the greater displacemerts out of the slip in the core of these

disloeations in the off stoichiometric compositions would influence the dependence of

the CRSS even more. It is likely that the dislocations on the {110} planes are being

affected by these displacements out of the slip plane to a greater degree, which in turn

causes the {100} slip planes to become the dominant plane of slip for the off

stoichiometric compositions.

The theoretieal model used in this investigation predicts the basic core structure

of the <100> {001} edge dislocation for the stoichiometric Ni-SOAl. However, the

projected potential does not take into account the displacements out of the slip plane for

the Ni-50Al or the off stoichiometric Ni-48Al and Ni-52Al. Furthermore, the deviation

75
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of local core chemistry does not accurately predict the spreading of the core within the

slip plane as a function of stoichiometry either.
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