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ABSTRACT

PHASE TRANSITIONS IN HIGH TEMPERATURE ORDERED

INTERMETALLIC TITANIUM ALUMINUM ALIOYS
by
Subhasish Sircar

This study is aimed at understanding the Ti-rich end of the Ti-
Al phase diagram and also to determine the nature of the order disorder
transformation in this system. Investigations on the Ti-Al binary phase

diagram are full of controversy, specifically about the a/a + a, phase
boundary and the existence of the a, phase. These discrepancies may be

caused by the difference in the oxygen content and/or by the difficulty

in the confirmation of the existence of a small amount of a, phase.

Calorimetric experiments were performed at different heating rates, on
Ti-Al Alloys containing various percentages of aluminum. A modified Ti-
Al phase diagram (Ti-rich end) is proposed. X-ray diffraction and
electron microscopy have also been performed on some alloys to
investigate the nature of the phase transitions in these alloys and more

specifically the order-disorder transition: a (disordered h.c.p) - a,
(ordered h.c.p., DO;g). A theoretical approach, using the Bragg William

mean field theory has also been attempted in order to understand the

nature of this order-disorder transformation.

(iv)
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INTRODUCTION

The nature of the phase diagram of the titanium rich Ti-Al
system has long been a subject of considerable controversy. 1In Ti-Al
alloys, which exhibit an increase in solid solubility with increasing
temperature, it is possible to produce a super-saturated solid solution
a. This a will subsequently undergo decomposition during aging.
Several eutectoid alloys exhibit extensive solid solubility and remain
as metastable a from which an intermetallic compound precipitates on
aging below the eutectoid temperature. There is a general agreement

that in the Ti-Al system, a phase exists at or near the TigAl
composition range with an ordered DO,; (a,, ordered h.c.p.) crystal

structure.
Questions related to the Ti-Al phase diagram which are yet to be

answered are: Where are the locations of the a/at+a, and the at+a J/a,
phase boundaries? Are there phases other than TizAl (a,) present at the
titanium-rich end of the Ti-Al system and what is the extent of a, phase

field? X-ray diffraction, optical and electron microscopy and
differential thermal analysis have been performed in order to establish
the phase equilibria of the titanium-rich end of the Ti-Al binary system
and also to better understand the order-disorder transformation in this

system. Calorimetric studies conducted on titanium-rich Ti-Al binary
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alloys at various heating rates have helped establish the a =+ B8 (a is
the low temperature disordered h.c.p. phase and f is the b.c.c. high

temperature phase), the a/a+a , and the a+a ,/a , phase boundaries. A

phase diagram for the titanium-rich end of the Ti-Al system has been
proposed and compared with the existing phase diagrams.

It has also been shown that in the composition range of =10 at.%
Al to =25 at.% Al, a metastable disordered a phase can be quenched in.

This metastable phase then transforms to the ordered a, (DO,y) phase

upon heating and/or isothermal aging. The kinetics of this ordering
process is found to be composition-dependent, and is more sluggish for
higher Al content alloys. Some electron microscopic work has been
performed to understand the kinetics of this ordering process in detail.
Ordered domain growth rate as a function of time and temperature is also
being studied to the kinetics of this domain growth. This ordering
transformation and domain growth have a profound effect on the
mechanical properties of the alloys. A theoretical calculation using
the Bragg-William mean field theory for the nearest neighbor atoms has
been attempted so as to understand the nature of this ordering reaction.
The results obtained indicate that the order - disorder transition is of

the first order type.



LITERATURE SURVEY

2.1 Ti-Al PHASE DIAG

The titanium-rich end of the titanium-aluminum (Ti-Al) system
has long been a subject of considerable controversy. The earliest in-
vestigation of the Ti-Al system was by Ogden et. al. [Ref.l] and Bumps
et. al. [Ref.2] in the late 40's. They both reported wide solubility of
the aluminum in the primary solid solution a (hcp). Aluminum was
reported soluble in the low temperature allotroph (a) to the extent of
37 at.% (25 wt.%), and the first intermediate phase was reportedly TiAl.
Somewhat later, Kornilov et. al [Ref. 3] reported a similar diagram
which had the phase boundaries displaced towards lower aluminum contents
and also towards higher temperatures. Beginning about this time (1956)
reports in the literature made it very clear that one or more inter-

mediate phases occured at lower aluminum contents than TiAl [Ref. 4-17].

Not only is there a controversy regarding the presence or ab-
sence of a certain phase, but also the extent of the existence of the
phase (composition and temperature range) in the phase diagram is con-
troversial.

Before 1966, reports and literature included five major inves-
tigations of the titanium-rich end of the Ti-Al diagram [Ref.

4,12,14,16,17]. Three of these diagrams showed two two-phase fields
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below 37 at.% (25 wt.%) Al, while two of them showed a single two-phase

field. The existence of the phase TigAl was firmly established and was

included in each of the diagrams, except those of Sato and Huang and
Bumps, Kessler and Hansen [Ref. 12, 2]. Although, it was generally

agreed that TizAl is an ordered phase, there was a general disagreement
regarding the cell dimension of the TigAl (hereto referred to as the a,

phase). The "a" parameter was supposed to be approximately one [Ref.
4,12,15], two [Ref. 6-10,13,14] or four [Ref. 14] times that for
primary a. Beyond this, however, the diagrams were remarkable for their
lack of agreement. It should be mentioned at this point that, although

TigAl was an established phase, a Ti,Al phase was also reported by some

authors [Ref. 5,6,9,10,14] in the titanium-rich end of the Ti-Al system
within the 25 at.% Al range.

Crossley [Ref. 18] has reviewed the phase diagrams that have
been advanced for the system and in his turn proposed yet another one.
There seems to be a general agreement that a phase exists at a composi-

tion at or near TigAl with an ordered DO,y type structure. A DO,y unit

cell with the Ti and Al atom positions is shown in Figure 1.

As mentioned earlier, the positions of the proposed phase bound-
aries vary over a considerable compositional and temperature range. To
illustrate this point graphically, Figures 2,3 and 4 are presented.

Figure 2 is the phase diagram of the Ti-rich end of Ti-Al system
as proposed by Bumps, Kessler and Hansen [Ref.2]. 1In this figure there

is no mention of the TigAl or the Ti,Al phase.

Figure 3 is the proposed phase diagram of the Ti-rich end of the

Ti-Al system according to Ence and Margolin [Ref. 14]. It is important
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Figure 1. DO1s crystal structure showing the atom positions.
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to note the vast differences in the two phase diagrams, especially the
existence of the phases missing above.
Figure 4 is the phase diagram proposed by Crossley [Ref. 18].

In his diagram, the TigAl phase exists only as a stoichiometric line

compound instead of a single phase extending over a wide range of com-
position, as suggested by various authors [Ref. 14,19,20,21].

There are various factors which contribute to these dis-
crepancies. At this point it is perhaps important to briefly examine
the techniques used by other workers in the establishment of the phase
diagrams. These basically fall into three categories, namely: (1) X-ray
diffraction, the only limitation of which is the rather low intensity of
the superlattice reflections in this system [Ref. 13,19]. Thus, super-
lattice reflections become increasingly difficult to detect in more
dilute aluminum alloys. (2) A considerable amount of optical microscopy
has been performed [Ref. 14,16,18], and many obscure microstructures
that have been observed have been attributed to hydrogen contamination
[Ref. 19]. (3) The variation of some physical property with aluminum
content is another method utilized by other investigators [Ref.
4,22,23). The methods such as electrical resistivity measurements etc.
are extremely good tools to indicate the existence of a transformation,
but is not sensitive enough to identify the transformation.

Considerable amount of electron microscopy work has been per-
formed in the Ti-rich end of the Ti-Al system by Blackburn [Ref. 19]. A
lot of work has been / is being performed by other authors also [Ref.
21,24,25,26] on on this system, both in the past and now. Blackburn's
results appear to stand out as accurate and in general agreement with

much of the work done later on by other workers [Ref. 21,24,26,27,28].
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Figure 4. Phase diagram of the Ti-rich end of the Ti-Al system as
proposed by Crossley [Ref. 18].
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The diagram proposed by Blackburn is shown in Figure 5. This diagram is
based on the electron microscopic studies conducted by Blackburn on a

series of Ti-Al binary alloys. The boundary between a:a+a, phase fields
has been taken as the limit of resolvable a, particles by the dark-field

techniques. The resolvable thickness of disordered material between or-

dered domains has been taken as the a,:a+a, phase boundaries. However,

Blackburn haé also indicated in the phase diagram proposed by him the
limits of the phase diagram where an ambiguous phase contrast is notice-

able. This reduces the phase stability range of the a, phase.

2.1.1 Differential Thermal Analysis of Titanium Alloys

Crossley [Ref. 18] was among the first few workers who applied
dilatometry to study order-disorder transformation in Ti-Al alloys. He
studied the change in length/original length for a series of Ti-Al al-
loys containing 10, 12, 14, 16 and 18 at.% Al, when the samples were
cooled from 1125°C. The next two figures (Figures 6 and 7), show some
of the results from Crossley’s work. Figure 6 shows the change in
length/original length plotted vs.temperature for various percentages of
aluminum. Data for each of the alloys showed a linear relationship be-
tween room temperature and some temperature between 600 and 800°C and a
linear relationship of a greater slope for the next 150°C or more.
Crossley analysed these two linear segments by the method of averages
and solved the resulting equations simultaneously for the temperature of

transformation. Figure 7 indicates the a -+ a+ TigAl continuous cooling

transformation temperature vs. aluminum content of binary titanium al-

loys from dilatometry data as obtained by Crossley.
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Some differential thermal analysis has also been done on Ti-Al
alloys by Chen and Sparks [Ref. 29]. They used a high temperature dif-
ferential thermal analyzer (DuPont Model 990) with a high temperature
furnace attachment with programmable heating rate control circuitry.
They obtained phase change temperatures in various Ti alloys. But they
did not perform any work on the order-disorder transformation in Ti-Al
alloys.

Very recently Shull et. al. [Ref. 24,30] has performed some
Differential Scanning Calorimetry (DSC)/ Differential Thermal Analysis
(DTA) to study the ordering phenomenon in Ti-6Al-2Nb-1Ta-0.8Mo (Ti-6211)
alloy and Ti-15 at$ Al alloy. A detailed discussion on DTA system and
its operation principles is given in the "experimental techniques" sec-
tion of this thesis.

The results obtained by Shull et. al. are shown in the graphs
plotted in Figure 8. Both the samples were initially equilibriated at
625°C for 378 hrs. and hence the two DSC/DTA profiles indicate two en-
dothermic responses on heating - one centered around 825°C corresponding

to the a,+a reaction and the other centered around 1140°C which cor-

responds to a—*f transition. They have also determined the

transformation enthalpies for these two transformations [Ref. 30)

2.2 OQRDER-DISORDER TRANSFORMATIONS.

In most substitutional solid solutions, the two kinds of atoms A

and B are arranged more or less at random on the atomic sites of the

lattice. In solutions of this kind, the only major effect of a change
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Figure 8. DSC/DTA data obtained on aged Ti-15 at.%Al and as received
Ti-6211 alloy samples. Heating and cooling rates are 30°C/
min., after Shull et. al. [Ref. 30].
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in temperature is to increase or decrease the amplitude of thermal
vibration. But there are some solutions which have a negative enthalpy
of mixing (fi<0, to be discussed in detail later on), prefer unlike
nearest neighbors and therefore show random atomic arrangements only at
elevated temperatures. When these solutions are cooled below a certain

critical temperature ’Tc' the A atoms arrange themselves in an orderly,

periodic manner on one set of atomic sites, and the B atoms do likewise
on another set. The solution is then known as an ordered solid solution
or is said to possess a superlattice. When this periodic arrangement of
A and B atoms persists in the limit of infinite distance (for an in-
finite sample) in the crystal, it is known as long-range order. If the

ordered solution is heated above Tc, the atomic arrangement becomes more

or less random again and the solution is said to be disordered and the
long range order is lost.

The five main types of ordered solutions are shown in the next
Figure 9. They are discussed in detail later in this section.

An example of a phase diagram containing low temperature order-
ing reactions is the Au-Cu diagram shown in the next Figure 10. Another
example is the ordering of b.c.c B-brass below = 460°C to the so called

L2, (or B2) superlattice. The b.c.c (or so called A2) lattice can be

considered as two interpenetrating simple cubic lattices: one containing
the corners of the b.c.c unit cell and the other containing the body
centered sites. If these two sublattices are denoted as I and 1I, the
formation of a perfectly ordered B’ superlattice involves segregation of
all Cu (A) atoms to the I sublattice, say, and Zn (B) to the II sublat-
tice. This perfect segregation is not feasible in practice, however, as

the B’ does not have the ideal CuZn composition. There are two ways of
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Figure 9.

The five common ordered lattices, (a) L2, (b) L12.
(c) Llo, (d) DO5 and (e) D019. (After R. E. Smallman,
Modern Physical Metallurgy, 3rd. Edition, Butterworths,
London, 1970.)



18

°Cc
500r
~
v 400
b
3 300}
200
€
@ 100

—

v

A A A A A A A A il
O 01 02 0304 05 06 07 08 09 10
Cu XAU Au
Figure 10. Part of the Cu-Au phase diagram showing the
region where the Cu3Au and CuAu superlattices
are stable.



19

forming ordered structures in non-stoichiometric phases: either some
sites can be left vacant or some atoms can be located on wrong sites.
In the case of B (CuZn) the excess Cu atoms are located on some of the
Zn sites.

In a disordered solid solution, crystallographically equivalent
planes (as referred to the disordered lattice structure) of atoms are
identical (s;atistically) with one another, but in an ordered superlat-
tice this may not be true. For example, alternate planes of a set may
become A rich and B rich planes respectively, and the distance between
identical planes may be twice the distance between identical planes of
the disordered alloy (or some multiple distance). Hence, the structures
of ordered alloys usually produce diffraction patterns that have addi-
tional Bragg reflections, the superlattice reflections associated with
the new and largest spacings which are not present in patterns of the
disordered alloys. Bain [Ref. 31] in 1923 and Johansson and Linde [Ref.
32] in 1925 were the first to observe these lines with x-ray diffrac-
tion, though the possibility of ordering had been by considered some

years earlier by Tammann [Ref. 33].

2.3 COMMON TYPES OF SUPERIATTICES,

The majority of typical superlattices are related to the three
principal metallic structures, the f.c.c. (Al), the b.c.c (A2) and the
h.c.p. (A3). It is becoming a generally accepted practice to refer to
specific superlattice types by their Strukturbericht designations, al-
though these are in general available only for the more commonly
occuring types. The Strukturbericht-Structure Reports symbols for crys-

tal structure types are given in the following table (Table I).
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TABLE I
STRUKTURBERICHT-STRUCTURE REPORTS CRYSTAL STRUCTURE TYPES SYMBOLS.

A types Elements

B types AB compounds

C types AB2 compounds

D types AmBn compounds

E...K types More complex compounds
L types Alloys

0 types Organic compounds

S types Silicates




21

1100 — — y
1000|

900 a
800 (ﬁ’d)

700- p

:

Temperature,°C
N oo

3 8
1

£

R\

T
(Bfa)

w
0,8

T T

\ =
\

M,

-1m ' 1 A S “ 1

O 10 20 30 40 50
Cu Atomic per cent zinc

Figure 11. Part of the Cu-Zn phase diagram showing the
order disorder transformation (B + B').



22

Thus, for example closely related superlattices based upon the

disordered A2 structures are the B2, DOy and L2; types of which typical
examples are the ordered B-brass (CuZn), the ordered FegAl alloy and the
Heusler alloy (Cu,MnAl), respectively. Superlattices Al and A3 are fre-
quently of the L1l,, DO,,, and L1, types, characterized, for example, by
the ordered structures AuCug, MgsCd and CuAu-I, respectively. Examples

of these structures will be considered in short below.

2.3.1 The Ll,-, or CujAu- e Superlattice

Historically, Cu-Au alloys containing about 25 at.% Au were
among the first investigated. In the disordered state, which exists at

high temperatures, CuzAu-I has nearly a random array of Au and Cu atoms

on a f.c.c. lattice (Figure 12). 1If the alloy is annealed below a
critical temperature, about 390°C (Figure 10), the atoms segregate as

shown in the drawing of the ordered CugzAul structure, the Au atoms going

to the cube corners and Cu atoms to the face centers. The unit cell
shown in Figure 12 can thus be thought of having Au atoms at (0,0,0)
positions and Cu atoms at (1/2,0,1/2), (1/2,1/2,0) and (0,1/2,1/2) posi-
tions, and is a prototype of four interpenetrating simple cubic
sublattices, each occupied by atoms of only one kind. This represents
the condition when ordering is complete, the equilibrium condition at

low temperatures. the L1, structure has been observed in some sixty al-
loy systems. Typical examples are CugAu-I, a"-AugCd, a’-AlCo,, PtgSn,

AlgU, AlZr,, CogV, FeNigy FePdy, MnNig, SiU, TiZng, Tl,U etc.
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Figure 13. The superlattice of B-brass.

Figure 14. The tetragonal superlattice CuAu.
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2.3.2 The B2-, or B-brass Type Superlattices

The superlattice in B-brass is illustrated in Figure 13. It was
first established by Jones and Sykes [Ref. 34], who used x-ray tech-
niques. The unit cell can be represented in terms of two
interpenetrating simple cubic sublattices. The disordered crystal is
b.c.c. (A2) with equal probabilities of having copper and zinc atoms at
each lattice point; the ordered structure has copper atoms and zinc
atoms segregated to cube corners and centers, respectively, in a struc-
ture of the CsCl type. This type of superlattice is very frequently
encountered in alloy systems. B2 structure has been observed in some
seventy systems. Typical examples are B'-CuZn, B-AuCd, B-AlINi, B-NiZn,

LiTl etc.

2.3.3 The ll,-, or CuAu-I Type Superlattice

In Cu-Au system (Figure 10) from 47 to 63 at.%, a superlattice
forms in which alternate (001) planes contain only Cu or Au atoms.
Hence, each atom has eight nearest neighbors of opposite kind in the ad-
jacent (001) planes and four of the same kind in its own (001) plane.
This is illustrated in Figure 14. The resulting structure is tetragonal
with axial ratio approximately c/a =0.93, which is a deviation of about
7% from unity. At the stoichiometric composition, CuAu, this ordered
structure forms below approximately 385°C (Figure 10) and is commonly

known as CuAul. 1Its Strukturbericht designation is L1,.
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2.3.4 The DOs_Superlattice

This superlattice is derived from the b.c.c. structure, but it
is much more complex than the B2 superlattice. This structure has a
cubic unit cell formed from eight conventional b.c.c. unit cells, and

thus containing sixteen atom; the ideal composition being AgB. The

corner positions of the small cubic cells are occupied by equal numbers
of atoms of each kind, each set being arranged on tetrahedral groups of
sites. The body centered positions of the small unit cells are occupied
entirely by A atoms. Each B atom has eight unlike nearest neighbors in
the superlattice, compared to an average of two like and six unlike
nearest neighbors in the substantially disordered solid solution. An

illustration showing the DOg crystal lattice is shown in the next Figure

(Figure 15).

2.3.5 The DO,g-or Mg,Cd Type Superlattice

A superlattice closely related to the L1, type of AuCug is the
DO,, superlattice with the unit cell shown in Figure 1. Here again the

cell can be described in terms of four interpenetrating sublattices,
each having one atom per unit cell, and the arrangement of atoms in the
close packed planes of both structures is identical. However, unlike

the L1, type , each sublattice in the DO,, type is c.p.h. with the "a"

spacing corresponding to twice the spacing of the disordered structure
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and the "c" spacing unchanged. B atoms occupy one of the four sublat-

tices, resulting in the general formula AgB, for example in the case of
MgsCd or MgCdg, which are perhaps the best known examples of DO,g super-

lattices.
Over the last several years a large number of alloy phases have
been discovered which possess the c.p.h structure at high temperatures

and which undergo ordering on cooling. The known DO,y superlattices and
their axial ratios are as follows: Al14Th(0.712), B"-FegSn(0.799),
CdgMg(0.8093), CdMgs(0.8038), B-NigSn(0.8018), TigAl(0.8062) etc. Some

common types of superlattices and their compositions and atom positions

are given in the following table (Table II) [Ref. 35].

2.4 ORDERING TRANSFORMATIONS

Let us begin the discussion of ordering transformations by con-
sidering what happens when a completely ordered single crystal such as

CuZn or CuzAu is heated from low temperatures to above the disordering

temperature. To do this it is useful to quantify the degree of order in
a crystal by defining a long range order parameter W such that W = 1 for
a fully ordered alloy, where all atoms occupy then ‘correct’ sites and W
= 0 for a completely random distribution. A suitable definition of W is

given by,
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where X, and XB are the mole fractions of elements A and B in the alloy

respectively. (Please refer to the opening section on order disorder

transformation in this thesis). P

A1 is the probability of finding A

atom in sublattice I which is the home of A atoms and similarly PB I is

the probability of finding B atoms in sublattice II which is the home of
B atoms.

At aBsolute zero, the crystal will minimize free energy by
choosing the most highly ordered arrangement (W = 1) which corresponds
to the lowest internal energy. The configurational entropy of such an
arrangement, however, is zero and at higher temperatures the minimum
free energy state will contain some disorder, that is, some atoms will
interchange positions by diffusion so that they are located on ‘wrong’
sites. Entropy effects become increasingly important as temperature in-
creases so that W continuously decreases until above some temperature

(Tc)’ W = 0. By choosing a suitable model, such as the quasi-chemical

model ( which will be discussed in detail in a later section), it is
possible to calculate how W varies with temperature with different su-
perlattices. A schematic representation of such a calculation for CuZn

and CugAu is shown in the next Figure (Figure 16). It can be seen that

the way in which W decreases to zero is different for the different su-
perlattices. In the case of equiatomic CuZn, W decreases continuously

with temperature upto Tc’ whereas, in the case of CugAu, W decreases
only slightly upto Tc and then abruptly drops to zero above Tc. This

difference in behavior is a consequence of the different atomic con-

figurations in the two superlattices.



30

It can be seen from Figure 16 that, the loss of long-range order
in the B' -+ B (CuZn) transformation corresponds to a gradual disordering
of the structure over a range of temperatures. There is a change of or-

der at Tc, the long range order parameter decreases to zero continuously
as T ~» Tc from below and remains zero above Tc. Consequently, the in-
ternal energy and enthalpy will be continuous across Tc' The B8'~ B

transformation is therefore a second order transformation. In the case

of CugAu, on the other hand, a substantial change in the order takes
place discontinuously at Tc’ Since the disordered state will have a

higher internal energy ( and enthalpy) than the ordered state, on ac-
count of the greater number of the high energy like atom bonds, there
will be a discontinuous change in internal energy and enthalpy across

Tc, that is the transformation is of the first order type.

Now turning to the reverse transformation, that is, from disor-
der -+ order. There are two possible mechanisms for creating an ordered
superlattice from a disordered solution. (1) There can be a continuous
increase in short-range order by local rearrangements occuring
homogeneously throughout the crystal which finally leads to long-range
order. (2) There could be an energy barrier to the formation of ordered
domains, and in such a situation the transformation process must take
place by a process of nucleation and growth. The first mechanism cor-
responds to spinodal decomposition type of reactions, whereas, the the
second mechanism is similar to precipitation as the mode of formation of
coherent zones in some alloys. The second mechanism is believed to be

more common.
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Figure 16. The variation of long range order parameter with
temperature for (a) CuZn type and (b) Cu3Au type
transformations. (Schematic)
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The nucleation and growth process (which is the second
mechanism mentioned) is illustrated in the next Figure (Figure 17).
The disordered lattice is represented by cross-grid of lines. Within
this lattice, two sublattices are marked by heavy and faint lines.
Atoms are located at each intersection by only atoms within the ordered
regions, or domains, are marked; the unmarked sites are disordered. The
diagram is schematic and could be considered to be the {100) plane of

the CugAu superlattice. Since the two types of lattices, I and II can

grow independently, nucleated domains will often be ‘out of phase’ as
shown in the Figure (Figure 17). When these domains grow together, a
boundary will form, as shown in Figure 17, known as an antiphase domain
boundary (or APB) across which the atoms will have the wrong kind of
neighbors (like). APBs are therefore high energy regions of the lattice
and are asgociated with an APB energy.

At rather low undercoolings below Tc, the activation energy bar-

rier to the nucleation of ordered domains AG* should be rather small
because both the nucleus and matrix have essentially the same crystal
structure and are therefore coherent with a low interfacial energy.

Also it is conceivable that in the case of stoichiometric compositions,
since, the composition of the matrix and the nucleus are the same, there

should not be large strain energies to be overcome.

2.4.1 Qrdered Domains

In a superlattice in which the long-range order is not perfect,
many different atomic configurations are possible. One possibility is a

single long range order scheme that has occasional atoms out of place on
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the atom sites of the crystal. Another possibility is that of many
domains each of which has a long-range scheme of perfect or partial or-
der but an arrangement of atoms that is out of phase with the
arrangements in each adjacent domain (Figure 17). Also, there may or
may not be a two-phase arrangement, in which a partially ordered phase
coexists with a disordered phase (or with a partially ordered phase of a
different superlattice structure).

If the domains come in contact, the region of contact between
them is a surface or domain wall. A certain amount of disorder exists
there, since atoms in the vicinity of the wall will have some neighbors
out of step with their other neighbors. Such atoms will find it easier
to disorder than those inside the domains, causing the disordered band
to widen as the temperature increases. A number of calculations of the
surface energy of domain walls, and their dependence upon orientation
and composition, have been made for a variety of structures. [Ref. 36,
37, 38].

X-ray investigations have not always been adequate to distin-
guish between various possible models of the scheme of ordering. Some
x-ray results have been interpreted solely in terms of one scheme ar-
bitrarily chosen. An important feature of incompletely ordered samples
is the tendency for domain boundaries to lie along certain planes so as
to minimize domain-boundary energies. The preference for one type of
boundary over another influences the short-range-order parameters;
likewise, the effective mean size of the domains and the effective
thickness of the domain walls influence the parameters. Thus, although
much can be deduced from x-ray data alone [Ref. 39], a full specifica-
tion of the state of order in a partially ordered superlattice is a

complex matter than cannot be readily deduced from x-ray studies alone.
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A marked advance in the knowledge of partially ordered structures oc-
curred when it was found that the boundaries could be seen in electron
micrographs, and the crystallographic nature of each boundary could be
interpreted by studying contrast effects in the pictures.

Antiphase domain boundaries can result not only from the growing
together of different nuclei of order, but also from the passage of dis-
locations through an ordered crystal. A perfect dislocation having a
unit Burgers vector in the disordered alloy is only a partial disloca-
tion in the ordered alloys, since the unit cell for the ordered state is
larger than for the disordered. A movement of such a dislocation across
a slip plane in a superlattice therefore leaves a plane behind it that
is an antiphase boundary. 1In order to avoid the extra energy involved
in producing this boundary, dislocations in a superlattice tend to
travel in pairs, with only a narrow ribbon of antiphase boundary extend-
ing from one to the other [Ref. 40]. The passage of the second
dislocation of the pair restores the ordered structure.

When we are moving from a disordered structure towards ordering
(by lowering the temperature of the disordered material), we know that

at low AT(T=TC), the nucleation rate would be low but the resulting mean

domain size is large. However, at higher values of AT, the nucleation
rate increases, but the mean domain size diminishes. The degree of long
range order in a given domain would vary with temperature according to
Figure 16, and by decreasing the temperature the degree of order will
increase by homogeneous diffusive rearrangements among atoms within the
domain. Within the crystal as a whole, the degree of long range order
will initially be very small because there are likely to be equal num-

bers of domains ordered on both I (home of A(Cu) atoms) and II1 (home of
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B(Zn) atoms) lattices. The only way for long range order to be estab-
lished throughout the entire crystal is by the coarsening of the APB
structure. The rate at which this occurs depends on the type of super-
lattice.

In CuZn-type superlattice (L2,) there are only two sublattices

on which Cu atoms, say, can order and therefore only two distinct types
of ordered domains are possible. A consequence of this is that it is
very difficult for a metastable APB structure to form. It is therefore
relatively easy for the APB structure to coarsen in this type of ordered

alloy. Figure 18a shows an electron micrograph of APB’'s in AlFe (L2,

superlattice) along with a schematic diagram (Figure 18b) to illustrate
the two different types of domain. This type of domain structure is
known as "swirl" type of domain structure, as has been referred to by

various authors [Ref. 25, 41]. The CugAu (L1l,) superlattice is dif-

ferent to the above in that there are four different ways in which
ordered domains can be formed from the disordered f.c.c. lattice. The

CuzAu APB are therefore more complex than the CuZn type, and a conse-

quence of this is that it is possible for the APB's to develop a
metastable, so-called foam or "maze" structure, Fig. 19(a). A schematic

representation of the maze pattern formed by domains in CugAu is shown

in Figure 19(b).

The subject of study dealing with the domain shapes in extremely
interesting and considerable amount of work has been done by various
authors [Ref. 25, 37, 41, 42) in order to understand the underlying
reasons which can be attributed to the different types of domains and

APB’s.
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Figure 19.
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The antiphase boundary energy in L1, alloys has been calculated

to be anisotropic, with the lowest energy on {001) planes, taking into
account first nearest neighbor interactions only [Ref. 37].
Accordingly, there is a driving force for an APB to lie on cube planes
in these alloys. When this occurs, the electron microscope shows a

"maze" pattern (as in CugAu and CugPt) rather than the "swirl" pattern

that is associated with superlattices having isotropic domain networks

and APB energy (NigFe, NigMn, FegAl).

It is hypothesized [Ref. 25] that associated with the anisotropy
of APB energy the nucleation density of the ordered domains plays an im-
portant role in the determination of either the "maze" or the "swirl"
type ordered domain patterns. Electron micrographs of the very early
stages of the ordering transformation indicate that the density of
nuclei is extremely high. Eventually these nuclei will grow into small
domains which eventually impinge upon one another. When two like
domains come in contact with one another, they will unite to become a
larger domain, whereas two unlike domains which come into contact with
each other will have one APB formed between them. If the nuclei are
considered as small cubes with their faces parallel to {100) planes,
then it is apparent that during growth, one fourth of the encounters be-
tween nuclei across any of the cube faces will result in the contact of
like domains and thus no boundary will be formed between them. On the
other hand, three fourths of the encounters across these phases will
result in APB’'s. The encounters across cube faces between like domains
will result in the formation of a maze pattern. As domain growth
proceeds, the chances of domains of similar kind encountering one

another increases proportionately and so does the complexity of the maze
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pattern associated with each individual domain, in accordance with the
observations in Figure 19(a). It can also be seen from this same figure
that as a result of the encounter between domains during growth, many
small isolated islands are formed which are entirely surrounded by a
single domain of another type. Because of the tension (energy/length)
associated with the APB’'s which delineate these small islands, they
eventually disappear.

The morphology of an APB in CugAu can be changed from a maze to

a swirl pattern by adding 5 at %Ni [Ref. 41]. This is perhaps due to a
reduction in the electron/atom ratio, hence, in the relative phase

stability of L1, versus long-period superlattices in which periodic

{001) APB's are characteristic.
In a work by Sastry and Lipsitt [Ref. 43] phase transformations
and the kinetics of domain growth was studied using TEM in near

stoichiometric TizAl. Samples of the TigAl alloy was quenched from the

B and from the a+f8 fields and were subsequently annealed for various

times at various temperatures in the a, phase field to study the

kinetics of domain growth. Figures 20 and 21 show the relationship of

the various aging times and temperatures on the TigAl samples as a func-

tion of the domain-size. They noted that upon quenching the alloy

(TigAl) from above the critical temperature of ordering Tc, the
microstructure consisted massive martensite with small antiphase domains

_s
of average size 8 x 10 pum. On annealing the quenched structures be-
tween 700 and 1000°C, domain coalescence occurred, the average domain

size growing approximately as the square root of the annealing time.
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The activation energy for the domain growth process was found to be

5
64 .6+ 6 Kcal/mole (2.68%0.25 X 10 J/mole).

2.5 ORDERED ALLOYS FOR HIGH TEMPERATURE APPLICATIONS

During the mid 60’s, intermetallic compounds were the subject of
a lot of studies because of the very high strength of these alloys.
Since the early 1970’'s, the pace of work on ordered alloys and inter-
metallic compounds slackened, as a result of lack of progress in
improving either ductility or creep resistance of these otherwise very
intriguing élloys.

Interest in utilizing ordered alloys for structural applications
was reawakened in this country when researchers at Wright Patterson Air
Force Base [Ref. 44] discovered that ductility and strength improvements

could be achieved in TiAl and TizAl base alloys using a combination of

powder metallurgy and alloying techniques. Finally, several exciting
discoveries were reported that permitted substantial ductility to be
achieved in cast and wrought ordered alloys previously known to be ex-
tremely brittle. The first of these accomplishments involved replacing

cobalt in CO4V with Ni [Ref. 45] and then Iron [Ref. 46], leading to a
series of face centered cubic Ll,-typed superlattices with extensive

ductility at ambient temperatures. Shortly after the first reports of
this achievement at Oak Ridge National Laboratory (ORNL), it was

reported in Japan that polycrystalline NigAl could be made ductile by
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adding small quantities of boron [Ref. 47]. Later, this work was con-
firmed at ORNL [Ref. 48] and General Electric [Ref. 49] and the critical

composition range for which boron was effective was identified.

2.5.1 Characteristics of Ordered Alloys

The formation of long range order in alloy system frequently
produces a significant effect on mechanical properties, including elas-
tic constants, yield and tensile strengths, strain-hardening rates,
ductility and resistance to cyclic or static (creep) deformation [Ref.
50,51,52,53].

At this point it is important to understand why we need these
materials and what are these materials expected to stand up to. In
designing and operating turbine engines today and in the future, there
are two primary problems - both of which demand solutions from the field
of materials science. These are the need to operate certain portions of
the engine at higher gas and metal temperatures to improve operating ef-
ficiency and save fuel. There is also need for lighter-weight materials
to decrease engine weight, engine operating stresses due to heavy rotat-
ing components, and to increase the operating life of disks, shafts and
bearing support structure. These latter materials should not only be
less dense than the nickel-base superalloys they are intended to re-
place, but they are also required to posses roughly the same mechanical
properties and oxidation resistance as those materials in current usage.
These materials should also be good candidates for primary processing
like casting, ingot forging, sheet rolling etc. and for secondary
processing like machining, grinding, cutting, welding, superplastic

forming, diffusion bonding etc.
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Intermetallic compounds are particularly suited to these needs
because of two properties which derive from the fact that they possess
ordered structures. Modulus retention with temperature in these
materials is particularly high because of the strong A-B bonding. 1In
addition, a number of high temperature properties which depend on dif-
fusive mechanisms are improved because of the generally high activation
energy required for diffusion in ordered alloy. These properties are
static strength retention, creep and fatigue resistance. Finally, in
the case of aluminides, the oxidation resistance is particularly good
because all of these materials contain a large aluminum reservoir. 1In
many intermetallics the strong A-B bonding also results in low tempera-
ture brittleness although the exact mechanism of ductile brittle
transition seems to be different in every case. Hence the present chal-
lenge is to obtain a mean path whereby the high temperature strength is

retained and the low temperature brittleness is greatly reduced.

2.5.2 Dislocations in Ordered Structures

Since an ordinary dislocation moving in a superlattice cannot
recreate the crystal structure, disorder in the form of an antiphase
boundary (APB) will result from the motion of such dislocation. The ad-
ditional energy of the APB can be eliminated, however, by motion of
dislocations in groups, such that no net change in order occurs behind
the dislocations. These groups which consists of two or more disloca-
tions, connected by a strip of APB or other planar fault are known as
superlattice dislocations. Within the superlattice dislocation, each

unit dislocation may further dissociate into its constituent partial
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dislocation (as listed for various superlattices in Table III) [Ref.

53].

It is the motion of the superlattice dislocations and their in-
teraction with each other and with obstacles, such as grain boundaries,
precipitate particles or grown-in-antiphase boundaries that control the
mechanical behavior of most ordered alloys. Notable exceptions to this

behavior are Ni Mo [Ref.54], which rarely exhibits superlattice disloca-
tions at room temperature and hypostoichiometric FegAl, which has been

suggested to deform by unit dislocations [Ref. 55].

Various workers in the past have dealt with the interesting
problem relating strength of ordered alloys with the degree of the order
[Ref. 56,57,58,59,60]). These authors however, arrived at different con-
clusion due to the fact that there is a subtle distinction between two
somewhat similar phenomenons, the increase in domain size on prolonged

holding below Tc and the increase in the ordering parameter W due to the

same heat treatment. This was first pointed out by Ardley [Ref. 61],
where the effect of ordering parameter W and the antiphase domain size

on the strength of CuzAu has been discussed. Firstly as the degree of

order within the antiphase domains increases, the room temperature
strength decreases. Secondly, as the antiphase domains grow larger, the
room temperature strength first increases and then decreases. At the
ordering temperature there is appreciable drop in strength as the alloy
passes from the ordered to the disordered state. Above the ordering
temperature the strength increases with increasing temperature to a max-
imum value and then decreases again. The temperature at which this

maximum occurs depends upon the applied strain rate.
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2.6 ITAN LUMINIDES

The next table (Table IV) compares the properties of some
titanium alumindes with those of conventional titanium and nickel base
alloys. The higher aluminum content makes the aluminides somewhat less
dense than titanium alloys and appreciably less dense than nickel base
superalloys. These compounds are also of potential value because they
have high elastic modulus. The most important thing about high modulus
is the fact that great many static parts of an engine are sized mainly
by the need to minimize elastic deflection under load at the high
operating temperatures. Coventional titanium alloys are not stiff
enough to be used for many of these applications. Commercial titanium

alloys show a modulus that drops rapidly with temperature to a value of
]
10x10 psi at 540°C. TiAl (Ll,;), on the other hand, shows a higher

modulus at 1000°C than titanium does at room temperature [Ref. 62].

TigAl (DO,y) shows a higher modulus at 815°C than titanium does at room

temperature [Ref. 62].

2.6.1 Deformation Studies on Titapjum Aluminides

Early investigations [Ref. 63] showed that many of the super
dislocations in TiAl were pinned by an unknown agent. A later study
[Ref. 64] showed that the pinning agent became ineffective at about
700°C and the ductility of the compound increased very rapidly above the

temperature. An early investigation on TigAl [Ref. 65) showed that the

ductility of this compound increased slowly with temperature to 1000°C

and electron microscopic examination indicated that the slow increase of
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the ductility was due to the appearance of an increasing density of
"c + a" dislocations instead of only the "¢" dislocations present ear-
lier.

The deformation substructure of TiAl cotains two types of dis-
locations [Ref. 63,66]. One type, the a/2[110], does not disorder the
lattice and is free to move as a unit dislocation. The other two types,
the a/2[011] and a/2[101], disorder the superlattice and is therefore
expected to move in pairs as super dislocations. Shechtman, Blackburn
and Lipsitt [Ref. 63] observed these dislocations. However there was an
unexpectedly small proportion of super dislocations were observed. A
ductile brittle transition was observed to be 700°C. The dominant mode
of fracture beyond this temperature was mostly ductile in nature.

Lipsitt, Shechtman and Schafrik [Ref. 65] also studied the
relationship between the mechanical behavior, the dislocation activity,

and the fracture mode of TigAl as a function of temperature to 900°C.
The major mode of deformation in this material was shown to be the mo-

tion of a’'<1120> dislocations on the prism, basal and pyramidal planes.
The highest density of dislocations was on the prism planes because such

movement produced no wrong first nearest neighbors. The incidence of

a’'/3<1123> dislocations remained low upto 900°C, the limit of this
study. Twinning was not observed, although microtwins formed at 900°C.
Intergranular cracking began above 600°C and increased with increasing
temperature giving rise to an apparent ductile brittle transition. Some
dislocation cross-slipping began above 600°C. Fractographic analysis
indicated that below 600°C failure occured entirely by cleavage. Above

600°C, increasing amounts of ductile rupture occured, but even at 900°C
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substantial cleavage existed. No evidence of disordering was observed

upto 900°C in the TigAl used in this study.

Yang [Ref. 67) reported that both "c¢" and "c+a" dislocations

could be identified in TigAl deformed under specific conditions. The

"c + a" dislocations were of two varities, "¢ + 1/2 <a’'>" and "2c¢ +
<a'>", the presence of which depended on the temperature and strain rate
at which the specimen had been deformed.

Sastry and Lipsitt [Ref. 68] studied the influence of a small

amount of Nb addition on the microstructure and properties of TigAl.
The results indicated that the ordering transformation in TigAl proceeds

by the nucleation and growth of small ordered domains and the subsequent
growth of those domains with an activation energy of about 269 KJ/mole.
The addition of Nb slowed the domain growth kinetics. The small Nb ad-
dition also increased the strength and ductility of a recrystallized
martensitic structure. This result was due to the Nb increasing the
non-basal slip activity. A few years later, Martin, Lipsitt, Nuhfer,
and Williams [Ref. 69] reported on a similar study in some slightly more

complex alloys. In a TigAl + Nb + W alloy it was seen that the size of

the martensite platelets was reduced by the alloying additions and that
the concomitant result was a precipitation of a fine b.c.c beta phase
which may have added slip dispersal in these alloys. The addition of W
to TiAl resulted in a marked strength increase, although there was no
accompanying ductility increase. The W addition was shown to refine the
microstructure, reduce the slip length, and provide a small degree of
solid solution strengthening. Again some b.c.c beta phase precipitation

was also observed.
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Schafrik [Ref. 62]) measured the elastic moduli of TiAl, TigAl

and TigAl-Nb to 940°C. He showed that the moduli of all the materials

decreased slowly and linearly with temperature. The effect of the Nb ad-

dition to TizAl was to decrease the room temperature modulus of the

alloy by about 10%, but also to slow the rate of modulus decrease with
temperature such that the moduli of the two materials was nearly the

same at the maximum temperature of the study.

2.7 E _QUAST CHEMIC ODEL OF SO UTIO

The quasi chemical model of solutions is applied to solutions of
components which are considered to have equal molar volumes in the pure
state and which have zero volume change on mixing. Furthermore, the in-
teratomic forces are only significant over short distances, such that
only nearest neighbor interactions need be considered. The energy of
the solution is thus calculated by summing the atom-atom bond energies.

Let us consider one mole of a crystal containing NA atoms of A

and NB atoms of B such that :

X = - and X =

where A is the Avogadro number, XA is the mole fraction of A atoms and
XB is the mole fraction of B atoms. This solution would contain three

types of atomic bonds:

1. A-A bonds, the energy of which is VAA

2. B-B bonds, the energy of which is ViR
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3. A-B bonds, the energy of which is VAR

By considering the zero of energy as being that when the atoms are in-

and V,, are negative quantities. Let Z be

finitely far apart, VAA' vBB AB

the coordination number of an atom in the crystal, i.e., each atom has Z

nearest neighbors. If, in the solution, there are NAA A-A bonds, NBB B-B
bonds and NAB A-B bonds, then the energy of the solution, E, is obtained

as a sum of these bond energies:

E = NAAVAA+ NBBVBB+ NABVAB ........... (2.2)

(The number of A atoms) X (the number of bonds per atom)

= (the number of A-B bonds) + (the number of A-A bonds x 2)

The factor 2 in the above equation arises from the fact that each A-A
bond involves 2A atoms).

Thus, NAZ - NAB+ ZNAA'

e, Ny = (N2)/2 - (Ng)/2....... (2.3)

Similarly,

NBB - (NBZ)/2 - (NAB)/2 ............ (2.4)

Substituting equations (2.3) and (2.4) in equation (2.2), we have,

E = ((NAZ)/2 - (NAB)/Z)VAA + {(NBZ)/Z - (NAB)/Z)VBB + NABVAB

=(ZN,V,,)/2 + (ZNGVR)/2 + Nyp(V,yp = (Vy, + Vpp)/2) ... ... (2.5)
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Let us now consider the situation when the components are not

mixed.

The number of A-A bonds X 2 = the number of A atoms X the number

of bonds per atom.

i.e., Nop = (NAZ)/2

Similarly, NBB - (NBZ)/Z

AEM = change of internal energy on mixing

= (the energy of the solution) - (the energy of the unmixed

components)

= [(ZN,V,,)/2 + (ZNVRR)/2 + Nyp (Vo = (V,, + Vpp)/2)] -

[(ZN,V,,)/2 + (ZNpVp2)/2]

= NpVp - (V, + V) /2)

*
- (1/2)NAB{2VAB - (VAA + VBB)) - (1/2)NABV

*
where V = (2VAB - (VAA + VBB)}

We know from thermodynamic formulation that:

PN N S Na

where AVM = volume change on mixing and AHM = enthalpy change on mixing.

For a quasi chemical process the stipulation is AVM = 0, hence, AHM -

aEM,

Therefore, AHM - AEM - NABV*/2
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This equation indicates that for known values of VAA' VBB and

VAB; AHM is very much dependent on the number of A-B bonds.

We also know that under ideal conditions, AHM = 0. This means

that it is not necessary for Vaa = Veg = Vag for ideal solutions, but it

is sufficient if 2V, = that is V¥ = 0.

VAA + VBB’
If |2VAB| > |(VAA + VBB)l' then AHM is a negative quantity, cor-
responding to negative deviation from Raoultian ideal behavior.

The inequality on the previous paragraph means that the

VAB bonds are very strong compared to VAA and VBB and thus unlike

nearest neighbor are preferred when AHM (enthalpy of mixing) is nega-

tive.



CHAPTER 3

EXPERTMENTAL PROCEDURES AND TECHNIQUES

3.1 SELECTION OF HEAT TREATMENT CONDITIONS

Preliminary heat treatment and testing indicated that for the
sample sizes involved (for DSC/DTA, electron microscopy and x-ray
diffraction) a holding time of 30 minutes was adequate to homogenize the
samples at 1200°C in the B single phase region. However, longer
annealing times were chosen to ensure equilibrium at lower temperatures
of holding also. Since titanium aluminum samples are extremely
reactive, they were always heat treated in vacuum encapsulated quartz

tubes.

3.2 HEAT TREATMENT PROCEDURE

Samples for this study were obtained by vacuum arc melting
(courtesy of RMI company) in the form of buttons. Chemical composition
of samples used in the experiments are as follows: (1) Ti-6Al (=10 at.%
Al), (2) Ti-8Al (=13 at.s Al), (3) Ti-10A1l (=16.5 at.% Al), (4) Ti-12Al
(=19 at.% Al), (5) Ti-14A1 (=22.5 at.% Al), (6) Ti-16Al (=25 at.% Al).
Samples were initially cut to different sizes depending on the
experiment to be used for and then vacuum-encapsulated in quartz tubes.
Then the samples were annealed at different temperatures and times

depending on the nature of investigation.

56
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Vacuum encapsulated samples were annealed at 1200°C for one hour
and then quenched in water at room temperature. Some of these quenched
samples were then used to perform DSC/DTA studies, x-ray diffraction and
electron microscopic studies. Some of these quenched samples were then
aged at various temperatures ranging from 500°C to 1000°C ( i.e., in the

a, phase field, Ref. 19) for various lengths of time. These aged

samples of various compositions were then used for different types of
studies depending on the design of the experiments. The heat treatment
schedule followed for the Ti-Al alloys is shown schematically in Figure

22.

3.3 ANALYSIS OF HEAT TREATED SAMPLES

3.3.1 Differential Thermal Analysis

In a broad sense, DTA is the measurement of changes in
thermochemical properties of materials as a function of temperature. It
provides the observation of a change in energy of the sample materials
;associated with the phase transformation which is temperature-dependent.
The sample reacts endothermically (heat-absorption) or exothermically
(heat-release) during phase transition. This energy release is then
<ompared to the null response of a reference sample (usually platinum or
alumina, which does not have a phase change in the temperature range of
the experimentation, but whose thermal mass is comparable to the sample
being tested). The difference in heat liberated between the sample and

reference is then plotted with respect to the testing temperature.
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DSC/DTA TEM X-RAY

Figure 22.

Heat treatment schedule for Ti-Al alloys.
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The differential thermal analyzer used in the study is a DuPont

Model 990 High Temperature DTA analyzer. Basic features in this
instrument include a 1200°C furnace for heating the samples and a
derivative function for determining the rate of temperature change with
respect to time, d(AT)dt. An X-Y recorder plots the heat output versus
the testing temperature. The instrument’s differential mode provides
the nature of the transition temperature region, and the derivative
function gives the temperature at which the transition is completed by
indicating a peak at the point of inflection of the differential curve.
In order to clearly obtain the accurate transition point from the
derivative trace, the heating rate was determined to be 20°C/minute.

Major elements included in the differential thermal analyzer for
DTA experiments performed in this investigation are: 1200°C furnace,
sample holders for the titanium sample and the thermal reference
(platinum wire), heating sources for the holders, a precision
thermocouple for each holder, argon atmosphere into the holders, and a
controller-programmer for controlling the heating and the cooling as
well as processing the thermocouple voltage and the input heat data into
a meaningful form. The voltage difference between the sample
thermocouple and the reference is presented on the X-Y recorder as the
dependent variable against temperature.

Instrument setup and sample analysis procedures were as follows:
The instrument was warmed up for 10-15 minutes. The proper thermocouple
heights and the appropriate position of the ceramic tubes were set. The
starting temperature was then set to about 500°C and the limit
temperature was set to 1200°C. The recorder paper was then set at the
correct position and then both the sample and the reference were put in

the respective cups carefully. Dry argon gas was then passed through
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the ceramic tube for some time at about 80 ml./minute. Then the sample
(size about 70-100 mg.) was heated at the programmed rate of 20°C/minute
and the data recorded.

Other procedures that were required to ensure the accurate
measurement of the transition temperatures were: changing the platinum
foil liners when they appear to be oxidized or coated, calibrating the
thermocouples regularly and periodically applying a small amount of
"Anti Seize compound" to the joint of the bell-jar and the furnace tube

and cap to prevent seizing.

3.3.2 X-Ray Diffractometry

The heat treated samples were cut to a proper size to fit the
specimen holder. Since the grain sizes of the samples used in this
study were very large (and since it is intended to detect the presence
of extremely weak superlattice spots) a method was adopted to expose
more grains to the x-ray beam. The sample was rotated about a
horizontal axis such that the sample plane remained tangent to the
focussing circle and the center of the sample remained at the center of
the diffractometer circle. Before obtaining x-ray diffraction patterns,
the samples were polished with a 600 grit abrasive paper and then
lightly etched to remove any distorted layer on the surface of the
specimen. A General Electric XRD-5 x-ray diffractometer was used with a
copper tube and nickel filter so that the ensuing x-ray beam was mainly

CuK .
a
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3.3.3 Electron Microscopy

A Hitachi H-800 200KV electron microscope along with a double
tilt specimen holding stage (+40° to -40°) was used. The heat treated
samples were initially cut into thin wafers by a diamond wafering
machine. Then the samples were mechanically polished to a thickness of
0.15 mm by abrasive papers. The samples were then cut into small 3mm.
discs using metal shears. A Struers Tenupol Twin Jet polisher was used
to thin down the samples prior to examination under the electron
microscope. The twin jet polisher is equipped with a light sensing
circuitry so as to cut off the thinning process as soon as the hole is
formed. The polishing conditions are given below:

Starting thickness 0.15mm.

600 mls. Methyl Alcohol

60 mls. Perchloric Acid

360 mls. Ethylyne Glycol Monobutyl Ether

V = 30V ; Temperature = -10 to -15°C.



CHAPTER 4

RESULTS AND DISCUSSION

4.1 SCOPE OF THE PRESENT STUDY

The question "What role does the a, phase (ordered) play in Ti-

Al alloys?", is of technological importance. This ordered phase also
occurs in many complex titanium alloys containing aluminum. For

example, a, phase was detected in a special alloy, Ti-6Al1-2Nb-1Ta-0.8Mo

(Ti-6211), developed by the Naval Ship Systems Research Laboratory. It

was felt that this a, phase had a significant influence on mechanical

properties such as ductility etc. in this new alloy. Thus, a set of
experiments were conducted at Michigan State University [Ref. 70, 71] in
order to answer some of the questions. Concurrently, some work by Shull

et. al. [Ref. 24, 30] led to the belief that a + a, transformation was

detectable by DTA measurements in this system. Hence some DTA work was
performed on a series of binary Ti-Al alloys to obtain some qualitative
and quantitative data on this order-disorder transformation. As a
further result of the present study a new equilibrium phase diagram of
the Ti-rich end of the Ti-Al system is proposed. This diagram is
compared with the ones proposed by other workers in this field [Ref. 18,
19].

X-ray diffraction study, although useful for phase

identification, poses a difficulty in resolving superlattice reflection

62
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in this system, specially for a polycrystalline large grain sample.
Thus much of the structural information must be obtained by electron
diffraction.

Transmission electron microscopy has also been done in order to
further characterize this transformation. A detailed domain growth
study has been conducted in order to understand the domain growth
kinetics. The domain growth rate has been correlated to the
microhardness response in this system. Careful, detailed electron
microscopy was also done in order to illustrate the anisotropic nature
of the Anti Phase Boundary (APB) energy.

Finally, an attempt has been made to examine the disordering
kinetics of this transformation by utilizing Bragg William approximation

of order-disorder reaction.

4.2 DTA RESULTS

Fig. 23 shows a typical DTA trace for a Ti-16A1(=25 at% Al)
alloy which was heated to 1200°C and water quenched. In this figure we
observe one exothermic and two endothermic events during the heating
cycle. There is nothing in the existing phase diagram of the Ti-Al
system, which suggests such an exothermic reaction in the observed
temperature range of 600 to 800°C for this alloy composition. This

event (which starts at about 617°C) is due to the formation of a, back

to the disordered a (hcp) and the second endothermic peak corresponds to
the transformation of a to B(bcc). The next figure (Figure 24) shows

the effect of heating rate on Ti-16 wt.% Al(=25at% Al) on these
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ATMOSPHERE
FLOW RATE

Argon
80ml./min.

50°C/min.

20°C/min. *\\‘f\_//”‘
81.4 mg.N
10°C/min. 4“\-/\\4//,——
81.5 mg. i
| 1 ] ! 1 | L i
500 600 700 800 900 1000 1100 1200

P= TEMPERATURE °C

Figure 24, Heating rate dependence of the order-disorder
phenomenon in Ti-Al system.
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transformations. The transformation peaks are more pronounced at higher
heating rates. Similar behavior has also been observed in Ti-
14A1(=22.5at% Al) and Ti-12A1(=19 ats Al) samples. This pattern can be
seen in Figure 25, which is a composite DTA pattern of a series of
alloys starting from Ti-6A1(=10 at% Al) through Ti-16A1(=25 at% Al).

All of these samples (Figure 25) were initially annealed at 1200°C for 1
hour and water quenched to room temperature. Figure 25 shows that there

is still a shift of the a + a, transformation temperature to higher

values with increasing aluminum content. Similarly, the temperature for

a -+ a, transformation increases with increasing aluminum content. These

reactions are not observed for alloys with lower aluminum contents i.e.
Ti-6A1 (=10 at% Al), Ti-8A1 (=13 at% Al) and Ti-10Al (=~16.5 ats Al).
Fig. 26 illustrates the effect of aging on the Ti-16A1(=25 at% Al)
alloy. Samples were initially quenched from 1200°C and then aged at
various temperatures for a fixed time and cooled to the ambient
temperature. Subsequently DTA measurements were conducted. A sample,
aged at 800°C and then subjected to a DTA analysis, did not reveal the
initial exothermic peak. It is believed that aging at 800°C completed

the a + a, transformation and thus no further calorimetric effects are

observed. However, 500°C is not high enough an aging temperature for
reordering of the metastable a-phase quenched in from 1200°C i.e: this
reaction kinetics is extremely sluggish at about 500°C.

Based on the above mentioned experimentation, and prior work by
other authors, a Ti-Al phase diagram up to 25 at% Al can be plotted as
shown in Figure 27. Phase boundaries as determined from DTA experiments
are indicated by full circles on this diagram. The dotted lines (marked

1 and 2) in this diagram delineate the region within which the quenched
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Figure 26, Series of DTA data obtained from Ti-16A1 (=25 at.%
Al) alloy samples which were either quenched or
quenched and aged at the various temperatures that
are indicated in the diagram.
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in a-phase is converted to the equilibrium ordered a, phase. When
compared with the other phase diagrams available, it can be seen that
this phase diagram is seen to resemble the one proposed by Blackburn
[Ref. 19]) but is in sharp contrast to the one proposed by Crossley [Ref.
18). However, this proposed phase diagram is shifted to higher
temperatures and higher aluminum contents as compared with that of
Blackburn's.

From the proposed phase diagram, it can be seen that in quenched
samples, one can have various amounts of metastable a phase depending on

the quenching rate and alloy composition. The amount of a, phase formed

during quenching from 1200°C will also depend on the alloy composition
and cooling rate. It appears that the kinetics of reordering of the
quenched phase is faster in Ti-12A1(=~19 at% Al) alloy than in Ti-16Al
(=25 at% Al) alloy. 1In the absence of detailed morphological and
microscopic (TEM) analysis, an explanation for this observed relative
stability of the quenched a phase cannot be provided. However, some
conjectures could be made, aimed at understanding this behavior.

There are two possible types of defect structures leading to an
ordered sublattice in non-stoichiometric compositions: either
preferential sublattice vacancies or antistructure defects. Therefore,
the ordering kinetics is influenced by a correlated atomic diffusion.
The atomic diffusion, on the other hand, is facilitated by the presence
of equilibrium or non-equilibrium number of vacancies. Further, the

atomic mobility is also related to the migration energy, Em, of

vacancies.
It can be argued that, compared with dilute solid solutions, it

is more difficult to form vacancies in concentrated solid solutions
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because the number of Ti-Al bonds increases with increasing

concentration of aluminum and since it is known (from the tendency to
order) that the Ti-Al bond is stronger. Thus, on the average, the

energy required for the formation (Ef) increases with increasing
concentration of this alloy. The migration energy, Em' is also higher

for more concentrated solid solutions. This behavior is because the
diffusing atom encounters a steeper energy barrier between the
neighboring saddle points. In dilute solutions, however, the formation
and migration of vacancies require less energy because of the lesser
number of available Ti-Al bonds. If vacancies are present, then the
diffusional process, which is the mode of ordering in Ti-Al system, can
become faster by vacancy migration. Hence, the kinetics of ordering in
off-stoichiometric composition is faster than for stoichiometric ones
and the ordering could proceed at lower temperatures as indicated by DTA
experiments.

Preliminary X-ray diffraction studies on Ti-16Al1(=25 ats% Al)
samples, support the results obtained by DSC/DTA studies. For example,
a Ti-16A1(=25 at% Al) sample upon quenching from 1200°C, does not show
any superlattice reflection. But when this quenched sample is aged at

1000°C for 4 hours, superlattice reflections corresponding to the DO,,
structure are observed as shown in the next figure (Figure 28). The

aged sample shows very weak superlattice reflections from (10I1)a, and

(10§O)a2. It must be pointed out that except for these two superlattice

reflections, all others are extremely weak. Aside from the fact that in
Ti-Al system the ratio of intensity of superlattice to fundamental

reflection is very small, this problem could also be attributed to large
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Figure 28. X-ray diffraction pattern obtained from an ordered
sample of Ti-16A1 (=25 at.Z Al). (Please note that
the superlattice reflections, indicated by the Q)
symbol, are very weak.)
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grain size and texture of the sample. The superlattice reflections
could only be observed after the sample was rotated as explained in the

"experimental techniques" part of this thesis.
4.3 TEM RESULTS

In order to understand the TEM results and also to image the
ordered domains in this system, structure factor and extinction rules

for DO,y crystal structural have been undertaken.

4.3.1 Structure Factor Determination for the DO,o Crystal Structure

Consider the unit cell of the DO,y crystal structure as shown in

Figure 1. The atomic positions of Al and Ti atoms in the unit cell are
listed below.
Al (0,0,0), (1/3,2/3,1/2)
Ti (1/2,0,0), (0,1/2,0), (1/2,1/2,0)
(1/3,1/6,1/2), (5/6,1/6,1/2), (5/6,2/3,1/2)

The crystal structure of DO,, can also be looked upon as an

ABABAB type of stacking, where A corresponds to layer 1 and B
corresponds to layer 2. Layer B is displaced by vector (1/3,2/3,1/2)
with respect to layer A. The third layer occupies the same position as
the that of layer 1. There are four atoms / layer. Hence, to describe

the DO;g unit cell we need 8 atoms.

According to the diffraction theory, the structure factor of the

crystal is expressed as,
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Fg - Efiexp(ing.ri),

where fi is the atomic scattering factor of the i-th atom in the real

lattice unit cell. The vector r1 is expressed by,

= u.a+v,b+w,c

Ty i i i

where, ug, viand wy are the fractional coordinates of the i-th atom, and
8, b and ¢ are the translations of the real lattice unit cell.

* *
1f a , b* and ¢ are the translations of the reciprocal lattice
unit cell, every reciprocal lattice point can be expressed by the form
g -ha + kb + lc"
where, h, k and 1 are integers. g is the normal to the crystal plane

with Miller indices h k 1. Thus, -2 is obtained as,

gr; - hui + kvi + lwi

The structure factor for layered structures like DO,y can be

obtained by the simple sum of the structure factor related with each
layer.

F =F, +F
g 1 2

F, = fAleo + fTi{e-zxi(h/Z) + o 2mi(k/2) e-2ﬂi((h+k)/2}}

Fp = £, + £, o-mih | -mik e-ﬂi(h+k)}
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-2xi(h/3 + 2k/3 + 1/2)

F2-F1e
where F; = structure factor of the first (001) plane in the unit cell

shown in Figure 1.

F, = structure factor on the second (parallel) (001) plane.

Multiplication by the complex conjugate of Fg will give the
square of the absolute value of the resultant wave amplitude F, that is,
2 2
|[F] = 4 cos =x({(h+2k)/3 + 1/2)

% {fAl + fTi(e—uih + e-xik +e-xi(h+k))}

xih | wik | exi(h+k)}

X {fAl + fTi{e

2
According to the diffraction theory, |F| is proportional to the

intensity Ig of the reciprocal lattice points, that is,

2
1 F
g & IFgl

2
|F| obtained from the above equation are summarized in Table V,
and the resulting reciprocal lattice planes are illustrated in Figures

30 and 31.

We know, in the case of a h.c.p crystal structure

at - ((az x e )/V )

*
82 = {c X a‘)/vc}
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TABLE V

Condition
1

Condition
11

Condition

III

Structure Factor

symbol
used in
figures
30, 31

h + 2k

even
even

I b4 (F,, + 3Ti)2

Al

o

even
odd

odd
even

odd
odd

Os

h + 2k

even
even

®rF

k =

even
odd

h =
Kk =

odd
even

h =
k =

odd
odd

1 # 2g

h + 2k

h, k

=any value

h + 2k

even
even

I 3 (f

even
odd

odd
even

=T ®o ® O
1

odd
odd

Os

F = fundamental reflection; S = superlattice reflection and h,k,1l,p,g are

integers.
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> a

Fiyure 29, Geometrical relationship between the real lattice
vector and the reciprocal lattice vector for a

DO19 type crystal structure.




Figure 30.
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)

The reciprocal lattice plane of DO19 type crystal

structure for 1 = O.
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Figure 31. The reciprocal lattice plane of DO19 type

crystal structure for 1 = O.
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*  *
where a,, a, and c are are the real lattice translations and a,, a, and
*
¢ are the reciprocal lattice vectors. Vc is the volume of the unit
*
cell. Figure 29 explains the geometry of the vectors a,, a,, ¢ and a,

n;, c*. Using this geometry of the reciprocal lattice translations and
the structure factor calculations (Table V) as shown previously, two
reciprocal nets are drawn for 1 = 0 and 1 = 1. These two nets along
with the relative intensities of the reflections are shown in Figures 30

and 31.

4.3.2 Domain Growth Studies

Ti-16A1 (Ti-16A1(=25 at%Al) specimens quenched from 1150°C were
subsequently annealed at temperatures from 600°C to 800°C for varying
times to study the antiphase domain (APD) growth kinetics. The APB
structure in the annealed specimens was studied in both bright field and
dark field modes in the electron microscope. Antiphase boundary
contrast occurs when a, the phase angle given by a = 2xg.R, where g is
.the operating reflection and R is the boundary displacement vector,

takes a non-zero value. The displacement vectors of the thermal APD
boundaries were found to be of the type a/2 <1120>. The antiphase

domain structure was studied with (1010)a '(1011)a and (1120)a
2 2 2

operation reflections. All the measurements of domain sizes were

measured from dark field micrographs taken with either (1010)a ,
2



81
(1120)a or (1011)a reflection. TEM micrographs 32(a) to (f) show APD
2 2

configurations in specimens annealed at 700°C for varying times (lhr,

2hrs, Shrs, 1Ohrs, 20hrs and 40hrs). The APD structure in TigAl forms a

swirl pattern at low times of aging at 700°C but at longer times it
produces a mixtures of swirl and maze patterns. At longer aging times
the sharp facetted features of the domain boundaries become very obvious
since the domains are of a much larger size. Under certain imaging
conditions a mixture of both swirl and maze patterns are visible in this
system. This is understood even better from the next micrograph (Figure
33(a)) and the corresponding Selected Area Diffraction (SAD) (Figure
33(b)). The central part of this micrograph is the maze pattern and the
corners show swirl pattern. This experimental observations can be
attributed to crystallographic anisotropy of the APB energy in this

system. Examples of systems with highly anisotropic APB energy are L1,
alloys (CugPt, CugAu). The APB energy has been calculated to be

anisotropic, with the lowest energy on (100) planes, taking into account
first nearest neighbor (NN) interactions only [Ref. 37]. Accordingly,
the driving force for an APB to lie on a cube plane is extremely high in
these alloys. However, there are systems where the APB energy is

extremely isotropic (example NiyFe, NigMn, FegAl). In these alloys the

domain network is of the swirl type. In the Ti-Al system, it is obvious
that the anisotropy (or isotropy) of the APB energy is not as high as
that of the examples given above. Higher anisotropy would result in
much sharper crystallographic domain structure than that shown in the

micrographs mentioned above. From Figure 33(a) and (b) it is also
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Figure 32. Dark field TEM micrographs of Ti-16A1 (=25 at.% Al) alloy
sample quenched (from 1200°C) and aged at 700°C for vary-
ing lengths of time. (a) 1 hr. (b) 2hrs. (c) 5 hrs.

(d) 10 hrs. (e) 20 hrs. and (f) 40 hrs. Operating_
reflection was g = (IOTO)Q and the zone normal [1213].
2



FIGURE 32
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Figure 33. (a) Dark field TEM micrograph of Ti-16A1 (=25 at.Z Al)
alloy sample quenched (from 1200°C) and aged at 700°C
for 20 hours. (b) SAD of the region shown in (a),

showing a [1213] zone normal.



FIGURE 33



86
possible to say that this anisotropy of the APB energy, in Ti-Al system,
is along irrational crystallographic planes.

The next set of micrographs (Figure 34(a)-(c)) shows APD’'s at
800°C aging temperature at various times. Here also at higher aging
times the sharp crystallographic facets of the domains become very
obvious because of the relatively larger size of the domains. However,
this anisotropy is not as high as some of the systems mentioned above
and therefore, a mixture of sharp and rounded featured domains are
visible most of the time.

The next set of micrographs (Figure 35) shows the bright field
and dark field images of the domains in Ti-16A1(=25 at.$Al) aged at
800°C for 40 hrs. The arrow in the micrograph indicates the
superlattice spot chosen for the dark field. Marcinkowski [Ref. 25] has

calculated the values of the phase angle a for various reflections for

the APB vectors a_/2 <1120> and a_/6 <1010> in the DO,y lattice. It is
not proposed to give a complete analysis of the APB vectors here but an
example will be given to demonstrate the as/2 <1120> vector occurs

almost exclusively. It is found that x contrast is observed with all
superlattice reflections as illustrated by the symmetrical contrast

reversal in the light and dark field micrographs, [Figure 35(a) and (c).

Further, in these micrographs the operating reflection is (1010)a and
2

the » contrast is consistent with the as/2 <1120> and not the as/6

<1010> vector. Similar results were shown by Blackburn for different

operating reflections [Ref. 19].
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Figure 34. Dark field TEM micrograph of Ti-16A1 (=25 at. % Al)
alloy sample quenched (from 1200°C) and aged at 800°C
for varying lengths of time. (a) 2 hours, (b) 20 hrs.
and (c) 40 hrs.. Operating reflection was g = (lOlO)a
and the zone normal [1213]. 2



FIGURE 34
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Figure 35. (a) Bright field (b) SAD (c) dark field micrograph of
Ti-16A1 (=25 at.% Al) sample quenched (from 1200°C)
and aged for 40 hrs. at 800°C. Please note the
symmetrical contrast reversal in the bright and the

dark field. g = (1010), . APB vector ag/2<1120>.



FIGURE 35
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The domain growth as a function of time was studied at 600, 700
and 800°C for Ti-16A1(=25 at.%Al). The average domain size as a
function of time and temperature of annealing was determined by linear
intersection analysis from several electron micrographs for each
condition of heat treatment. Histograms drawn in Figure 36(a), (b), (c)
show some typical size distributions observed at different temperatures.
It can be seen from these histograms that at higher aging temperatures
and longer aging times the average domain sizes becomes larger. It can
also be seen from Figure 36 (a), (b) and (c) that different domain sizes
are present at different heat treatments. However, it is expected that
higher aging temperatures and longer aging times would reduce this
scattering. Figure 37 shows a logarithmic plot of average domain size
as a function of annealing time at different temperatures. The slope of

the log D Vs log t varies from = 0.4 to 0.6. Thus, the domain growth can

be approximated by a D a t" relationship where n =« 1/2. This shows
that the average domain size has a parabolic relationship with aging
time which is indicative of a thermally activated process. Hence, as
indicated before, the process of ordering and domain growth is diffusion
assisted. However, the exact mechanics of this process needs further
investigation.

Before concluding this discussion on TEM results it is important
to mention that (1) no superlattice reflection or APD's were observed in
samples quenched from 1200°C (which is contrary to the observations made
by other workers [Ref. 19,68]) and (2) that the transformation from
disorder -+ order proceeds by a nucleation and growth mechanism which is

diffusion assisted.
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4.4 ICROHARDNE SPONSE

The microhardness response of Ti-16A1(=25 at% Al) alloy with
respect to the aging time at different temperatures (600,700 and
800°C) has been investigated. Figure 38 shows a plot of Vicker's
hardness number as a function of the aging time in hours at different
temperatures. From the figure, it can be seen that on aging the samples
after quenching from 1200°C there is an immediate increase in the
hardness values. However, further aging leads to higher hardness values
after which there is a decrease of the hardness of the material. This
behavior is analogous to that of systems which show precipitation
hardening effects when a supersaturated solid solution is aged. The
hardness response for the samples between O and 1 hour and between 2 to
5 hours of aging is not known due to the present design of the
experiments. However, it can be safely argued that higher hardness
values (as compared to quenched hardness values) are reached between 0
and 5 hours of aging depending on the aging temperature. This aging
time corresponds to a domain size of approximately 60 to 120 nm as can
be seen from Figure 37. This means that the increase in hardness in
this system, produced by aging, is due to the process of ordering and
also because of the very small domain sizes during the initial stages of
aging. Longer aging times (say, 40 hours) causes an increase of the
domain sizes and hence leads to a decrease in the hardness value below
the higher hardness values obtained due to aging for shorter times.
However, as can be seen from above, a more rigorous experimental design
is necessary in order to observe this effect better.

As mentioned before, in order to have an understanding of the

disordering kinetics of this transformation, a theoretical approach
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using the Bragg William mean field (quasi chemical) nearest neighbor

(atoms) in DO,y structure is applied.

Consider Figure 39, in which three unit cells of the DO,q

structure are drawn together. In this figure, the aluminum atoms are
indicated by full circles (®) and titanium atoms are indicated by open
circles (O).

The three unit cells joined together allow us to envision two

distinct interpenetrating sublattices which make up the DO,y crystal

structure. Sublattice I which is the preferred sites of the titanium
atoms only and sublattice II which is the preferred site of the aluminum
atoms only are indicated by ABCDEFGH and A’'B'C'D'E'F'G'H’' respectively.
There are 6 atoms/unit cell in sublattice I and 2 atoms/unit cell in
sublattice II.

For the sole purpose of simplifying the notation system, the
titanium and the aluminum atoms are designated as A and B atoms
respectively.

The ratio of A atoms to B atoms in the DO,y crystal structure is
3:1, which is consistent with the formula AgB. Let N be the total

number of atoms. Hence, (3/4)N atoms are in sublattice I and (1/4)N are
in sublattice II. Let us define a long range order parameter W, such

that W = 1 when the system is ordered and W = 0 when the system is fully
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are interpenetrating.



98

disordered. When W = 0, 1/4 of the sublattice sites are statistically
occupied by B atoms and 3/4 by A atoms
When W = O, the number of A atoms statistically in sublattice I
= (3/4)N x 3/4 = (9/16)N.
Similarly, when W = 0, the numbér of B atoms statistically in
sublattice I = (3/4)N X 1/4 = (3/16)N.
Number of A atoms in sublattice II when W = 0 is given by (/4)N
X 3/4 = (3/16)N.
Similarly, the number of B atoms in sublattice II when W = O is
(1/4)N x 1/4 = (1/16)N.
In terms of the ordering parameter W, then:
Number of A atoms in sublattice I = (3 + W)(3/16)N
Number of B atoms in sublattice I = (1 - W)(3/16)N
Number of B atoms in sublattice II = (1 + 3W)(1/16)N
Number of A atoms in sublattice II = (1 - 3W)(3/16)N

Let us define the probability of finding an A atom in sublattice

1 as Pa 1 such that,

- Number of A atoms in sublattice I _ (3 + W)(3/16)N
PA,I Number of atoms in sublattice I (3/4)N - (3 +W/h
Similarly,

Q - W(3/16)N
B,I ™ (3/4)N = (1 - W/

+ 3W 6)N
B,II ~ (1/6)N = (1 +3Wy/4
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(1 - W)(3/16)N _ )
PA,II = (1/4)N 31 - w4

Let, ZI I = number of atoms of sublattice I around each atom of

sublattice I = 8

ZI 1 - number of atoms of sublattice I1 around each atom of

sublattice I = 4

ZII 1 - number of atoms of sublattice I around each atom of

sublattice II = 12

ZII 1 - number of atoms of sublattice II around each atom of

sublattice II = 0

The above definitions are on the basis of first nearest neighbor
interactions only. Let E be the total energy of the system. When
defined by the bond energy of nearest neighbors,

E = [EI + EII]/Z

where, E; = energy of sublattice I and E.. = energy of sublattice II.

I II

The factor 1/2 comes in because the bonds are counted twice when
individual sublattice energies are considered.
In terms of the above definitions, we can write,

Ey = Np(Py 0Py 17-Vaa * Pp 11-Vam)Z1,11 * Pa,1-Van * PB,1-VaB)%1,1) *

P {(P

B,1'®s 11-Vpa * P

| 3

B,11° VBB 21,11 * (®a,1-VBa * P 1-VBB)Z1 1))

E P

11 = N11lPs 11®s,1-Ves * Pa,1-VBal%11,1 * Ba,11FB 1 VaB *

PA,I'VAA)ZII,I]
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where NI = number of atoms in sublattice I,

NII = number of atoms in sublattice II

Putting the values of probabilities(P) and co-ordination number

(Z), we have,

2 2
E; = 3N/16[27V,, + 6WV,, - WV, + 18V, - 4WV, 0 + 2W V, o + 3Vp, - 2WV .
W2V
. gB!
2 2
Epp = 3N/16[9V,, - 6WV,, - 3W V,, + 6V, o + LWV, o + 6W V, o + Voo + 2V .
2
- 3w VBB]
Therefore,
2 2 2
E = 3N/16[18VAA - 2W VAA + 12VAB + 4W VAB + 2VBB - 2W VBB]

Derivative of E(W) with respect to W gives,

E(W)/dW = 3N/16[-4WV,, + 8WV,p - 4WVpp]
*
= 3NW/4[2V,p - V,, - Vgo] = 3NWV /4.

Entropy considerations give:

smix - Smix,I + Smix,II where, Smix,I is the entropy of mixing

for sublattice I, and Smix 11 is the entropy of mixing for sublattice

I1I. Let K be the Boltzmann constant. Thus,

Spix = [-KNp(P

mix + P

A, 1104, 1 * Bp 110Pg )] + [-KN; (P, ;InP, ;;

Py 111nPp 17)]

which on simplification gives,

Smix = (-KN/16)[(9 + 3W)In(3 + W) - 91n4 - 3Wln4 + (3 - 3W)In(1l - W) -

31n4 + 3Wln4 + 31n3 - 3Wln3 + (3 - 3W)In(1l-W) - 31n4 + 3Wln4 +

(1 + 3W)In(1 + 3W) - 1n4 - 3Wln4].
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Derivative of smi with respect to W gives,

X
dSmix(W)/dW - (KN/16)[31n(3 + W) - 61n(1l - W) + 31n(1l + 3W) - 31n3].

We know from the laws of thermodynamics,

E(W) - Tsmix(w) = F(W), where F(W) is the free energy as a
function of W. Ve know,
dE(W)/dW - Tsmix(w)/dw = dF(W)/dW = 0 for equilibrium.
Hence, (3WV*)/4 + (KT/16)[1n(3 + W) - 2In(1-W) + In(l1 + 3W) - 1In3] = O
As discussed earlier, V* is a negative quantity. Thus,

|v*|/(xT) = [1n(3 + W) - 21n(1-W) + 1n(l + 3W) - 1n3]/(4W)

Similar calculations for B-brass (B2) type of alloys would yeild,
dE/dW V™
(dE/dW)p, =

(s, /dW) gy = (-KN/2) [1n{(1 + W)/(1 - W]
and IV*'BZ/(KT) = [In{(1 + W)/(1 - W))]/(4W)

Figure 40 and Figure 41 shows the plot of W vs. (KT)/IV*I for

DO,¢ and B2 (B-brass) type of structures. For the B2 structure (Fig.

41) we see that with increasing values of (KT)/IV*|, that is increasing
temperature, the system gradually converts from an ordered structure W =
1, to a disordered structure. This response is of the second order
type.

However, there is a marked difference in the response for the

DO, type of structure (Fig. 40). When compared to the B2 structure we
see that with increasing temperature the system disorders continuously

until a value of W = 0.3 and (KT)/|V*| = 0.83 (approx.) is reached.
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Beyond this point however, the behavior of the curve does not have any
physical significance. A straight forward interpretation of of the
graph would mean that beyond W = 0.3, the system disorders further with
the decrease of temperature. In order to understand the problem
further, a plot of free energy as a function of W is made (Fig. 42) with
increasing temperature.

As can be seen from this figure, with increasing temperature the

free energy minima shifts steadily from W =1 to W = 0. However, this

shift is gradual upto a (KT)/|V*| value of 0.8 approximately. Beyond
this value however, the minimum free energy is attained only at W = 0.

This fact is further exemplified in Figure 43 where a plot similar to

that of Figure 42 is made; but the (KT)/IV*l values chosen are on the
higher and lower sides of 0.8. This plot further explains the above

logic explicitly.

Thus after (KT)/IV*| = 0.83 and W = 0.3 values are reached, on
further heating, the free energy of the system is instantly minimised by
disordering. This transformation is therefore of the first order type,
unlike that of the B2 type structure.

Let Tc define the critical temperature at which the system
abruptly transforms to a disordered structure. Thus,

(KTc)/lv*I = 0.83 approximately for the DO,y structure. This
result differs by a factor of two from the result obtained by Yang and
Li [Ref. 72, 73, 74], which indicates (KTc)/IV*I = 0.41 for both L1, and

DO,y crystal structures. Further experimental work needs to be
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performed to verify this result. From above it can written for the DO,,
structure,
* *
[v7l/(RT ) = 1.205, that is, |V'| = 1.205KT .
From previous calculations we know,
2
Alv*l/(KT) = (/W [In{(3 + W(1 + 3W)/(3 - 6W + 3W ))], that is,

(4x1.205KTc)/(KT) = (/W) [In{(3 + W)(1 + 3W)/(3 - 6W + 3W2))]

Thus, (T/Tc) = 4.82W/[1In{1n(3 + W)(1 + 3W)/(3 + 3W2 - 6W)}]

Similar calculations for B2 structure yeilds,

(T/Tc)B2 = 2W/{1n(1 + W)/(1 - W)}, where T is the test

temperature. The next figure [Fig. 44] shows the plot of W as a

function of (T/Tc) for both DO,y and B2 crystal structures. This plot
shows that DO,y disorders more gradually than B2 initially, but beyond W

= 0.3 it disorders abruptly.
The above calculations have been concerned primarily with a Ti-

alloy of a stoichiometric composition, namely, AgB. However, as has

been shown previously, ordering in this system is also associated with
non-stoichiometric composition alloys. In the case of first-order
transformations there is always a two-phase region at non-stoichiometric
compositions wherein the transformation can be expressed as: disordered
phase -+ ordered precipitates + disordered matrix. In the Ti-Al system,
refering to the phase diagram in Figure 27, for non-stoichiometric

compositions we have a + a; + a . This result, coupled with the fact

that the disorder -+ order transformation in this system is of the first

order type leads one to suggest that the phase diagram proposed by
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Crossley [Ref. 18] is incorrect. There is a change of composition
involved on ordering and hence, long range diffusion is involved.
Second order transformations on the other hand do not involve a two

phase region even at non-stoichiometric compositions (Fig. 11).



CON ON.

From the results obtained a number of important conclusions can
be drawn which can be summarized as follows:

1. Through DSC/DTA, X-ray diffraction, electron microscopy and
theoretical calculations, a phase diagram (Fig. 27) for the Ti-rich end
of the Ti-Al system is proposed.

2. The diagram proposed matches well with the phase diagram
proposed by Blackburn (Fig. 5), although the phase boundaries are
shifted to higher temperatures and higher aluminum concentration as
compared with it.

3. The kinetics of the ordering process is composition dependent
and is sluggish at higher aluminum contents.

4., The ordering transformation in TizAl proceeds by nucleation

of small ordered domains and the subsequent growth of these domains.

5. The domain growth in this system can be approximated by a

D« t" relationship, where n = 1/2. D is the average domain size, and t
is the aging time. This relationship is indicative of a thermally
activated process.

6. The hardness response on aging, in this system, is related to
the domain growth kinetics and the size of the domains.

7. Theoretical predictions show that the disorder - order

transition in Ti-Al system is of the first order type.

110
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8. The <as/2 <1120> vector occurs almost exclusively in the Ti-

Al system as exemplified by the symmetrical contrast reversal in light

and dark-field micrographs (Fig. 35).
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