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ABSTRACT

DUPLEX CRYSTALS AND TWO-PHASE BICRYSTALS OF

ALPHA-BETA BRASS -— GROWTH AND MECHANICAL BEHAVIOR

by

Anil Krishnaji Hingwe

Ideal models for studying the properties of two-phase materials are

duplex crystals and two-phase bicrystals. A technique for growing

duplex crystals and two-phase bicrystals of alpha-beta brass has been

developed. A two-phase transition region normally occurs when these two

phases are joined. Special heat-treatment schedules, such as lowering

through a temperature gradient, and cyclic local annealing under a sharp

temperature gradient, have been devised to eliminate this transition

zone and to produce a sharp phase boundary between the alpha and beta

crystals. The effect of the heat treatments on the transition zone can

be explained on the basis of diffusion and solid-state transformations.

The observed morphological changes in the structure can be explained by

mechanisms based on grain growth and phase transformations.

Mechanical tests on duplex and two—phase bicrystals of alpha-beta

brass were carried out in uniaxial tension. Initiation and propagation

of the plastic flow were studied by optical and electron microscope

techniques. In both types of specimens, the phase boundary initially

poses a resistance to the approaching slip in alpha. In specimens with

certain specific crystallographic relationships between alpha and beta

phases, the phase boundary does not act as an effective barrier for slip

propagation. When such crystallographic relationships are not satisfied,

the boundary can resist slip effectively up to higher stress levels.
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I. INTRODUCTION

Two-phase and poly-phase aggregates play important roles in

engineering materials. The mechanical properties of such materials

depend on the properties of the constituent phases, and on the interac-

tions that take place at the phase boundary. The latter, in turn,

depend on the size, shape, distribution and crystallographic orientation

of the phases.

Among two-phase metallic systems, those containing either a finely-

dispersed or a fiber-strengthening phase have been widely investigated.

In other systems, the second phase may also exist as a distributed

aggregate. Common examples are normalized steels, duplex stainless

steels, and two-phase alloys of titanium-aluminum, copper-zinc, copper-

tin, and copper-aluminum. A clear understanding of the mechanical

behavior of such alloys is far from complete.

To aid in understanding the basic mechanisms involved in the

deformation of such two-phase alloys, the number of variables that

affect the mechanical behavior must be reduced. In the case of single-

phase materials, single crystals are used as basic units. This proce-

dure eliminates the variables such as grain size, shape, and interac-

tions at the grain boundaries. Bicrystals and multicrystals provide a

means of extending the understanding to polycrystalline materials. Just

as single crystals constitute an ideal unit for single-phase materials,

duplex crystals and two-phase bicrystals are ideal units for two-phase
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" materials. C. S. Smith1 has defined a duplex crystal as "an oriented

crystallographic unit consisting of two phases with a definite relation-

ship to each other." A two-phase bicrystal may be defined as a macro-

scopic unit consisting of a single crystal of one phase joined to a

single crystal of another phase. A specimen in which a single crystal

of one phase is joined with a large-grained polycrystal of another

phase may be termed as a two-phase multicrystal. Such units correspond

to bicrystals or multicrystals of single phase materials.

The purpose of this investigation is to grow macroscopic duplex

crystals and two-phase multicrystals of alpha-beta brass and to study

their mechanical properties under uniaxial tension. Ideas pertinent to

growth of single crystals and bicrystals, to phase transformations, and

to mechanical properties as affected by the presence of boundaries and

phases are considered in the following review.

1.1 Crystal Growth

1.1.1 Growth of Metallic Single Crystals

Single crystals of pure metals and single phase alloys can be grown

by solid, liquid, or vapor phase techniques. Growth from the melt by

the Bridgman technique is the most widely utilized method for growing

metal single crystals. Here the melt is contained in a sharp-tipped

crucible, and the crucible is moved through a temperature gradient.

Owing to the presence of the sharp tip at the base, only a few nuclei

are formed. As the solidification proceeds, a faster growing grain out-

strips the others and a single crystal is produced. The Bridgman tech-

nique is the simplest method for producing large single crystals. With

care, crystals of high purity and crystalline perfection can be produced.
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In growing alloy single crystals, maintaining the uniformity of com-

position is the main problem. A volatile constituent may be lost during

melting. Segregation is another major cause for the nonuniformity of

composition. The regions solidifying first contain less solute than

those solidifying last. Thus the liquid is always in contact with

solids of different composition. If the freezing rate is low, diffusion

in the solid phase and the liquid phase will eliminate all concentration

gradients and no segregation will occur. Diffusion rates in the solid

are low, however, and equilibrium freezing rarely takes place.

For alloy systems in which the solute addition decreases the

melting point, the liquid layer immediately ahead of the moving solid-

liquid interface becomes enriched in solute. Each point in the liquid

ahead of the interface has a liquidus temperature increasing with the

distance from the interface. The liquid is also subject to an applied

temperature gradient. If this gradient is not large enough, the liquid

ahead of the interface will be supersaturated as shown in Figure 1.

This phenomenon is called 'constitutional supercooling'z. When consti-

tutional supercooling takes place, the solid-liquid interface transforms

from a smooth interface into a cellular interface. The probability of

stray nucleation also increases with constitutional supercooling.

Slower growth rates and higher temperature gradients tend to reduce the

constitutional supercooling and to prevent resultant defects3’4.

Although such problems present themselves during the growth of

single crystals of alpha brass, they may be avoided by following the

detailed conditions for growing good single crystals as described in the

literature. Savitskii and Novokhatskaya5 have grown single crystals of

alpha brass with diameters between 10 and 30 mm. To minimize the
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Fig. l. Consitutional supercooling ahead of the moving solid/

liquid interface for an alloy system in which the

addition of solute lowgrs the melting point (J. W.

Rutter and B. Chalmers )
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5

problem of zinc loss, the crystals were grown in sealed quartz ampoules.

A steep temperature gradient was created with a non-uniform winding on

the heater tube of the furnace. If microsegregation occurs, it can be

removed by a homogenization treatment at 800°C for 16 hours, according

to Maddin.6

Whereas the liquidus and the solidus temperatures for alpha brass

(containing 30 w/o zinc) differ by 30°C, beta brass (containing 48 w/o

zinc) melts at a constant temperature. Hence a steep temperature

gradient and a slow growth rate are not needed for the successful growth

of a beta brass single crystal. Since beta brass contains even more

zinc than alpha brass does, sealed quartz ampoules must be used for the

melt.

l.l.2 Growth of a Bicrystal

Bicrystals of elements and single-phase alloys can be grown suc-

cessfully by liquid-state or solid—state techniques. To facilitate the

growth of two crystals, two seeds with different crystallographic orien-

tations serve as nucleating sites. The crystals which start growing at

these two seeds grow in competition with each other. The grain boundary

runs along the direction of growth. This technique has been used suc-

cessfully for growing bicrystals of various elements and single-phase

alloys7.

l.l.3 Two-Phase Alloys: Growth of a Basic Unit

The two basic units for the study of the properties of two-phase

alloys are "duplex crystals“ and "two-phase bicrystals." Livingston8

has recently reviewed the methods for growing duplex crystals of various

materials. Duplex crystals can be grown by carrying out solidification
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or solid—state phase transformation in a unidirectional manner by pro-

viding very sharp temperature gradients. Most of the studies in this

field are concerned with unidirectional solidification of eutectic

alloys.

A two-phase bicrystal consists of a single crystal of one phase

joined to a single crystal of another phase. Only a few investigations

have been attempted to produce such bicrystals by growth from the liquid

of large single crystals of one phase using a single-crystal seed of

9,10,11
another phase Sang and Miller9 have grown large (m5 cm long, ml

cm diam.) single crystals of lead on various crystallographic planes of

copper single crystals. Chstyakov et al.10 have grown molybdenum on

tungsten single crystals, and Lemercier and Thuillier11 have grown

selenium on tellurium. Both of these systems show extensive solubility.

Nevertheless, a very thin two-phase transition layer was present

between the single crystals of the different phases. The thinness of

the layer can be attributed to the large difference between the melting

points of the components. 0n the other hand, in copper-lead system, the

mutual solubilities of copper and lead in each other are low, and the

transition layer produced is once again extremely small.

Owing to the existence of extensive solubility in the copper-zinc

system and the closeness of liquidus temperatures for alpha and beta

phases, a two-phase region of alpha and beta will develop when a single

crystal of alpha brass is joined with a single crystal of beta brass. A

number of studies have been carried out on the diffusion couples of

copper-zinc and copper-nickel-zinc alloys. For example, Sisson and

Dayananda12 have investigated diffusion in multiphase copper-nickel-

zinc couples. In this system, the size and the microstructure of the

transition zone was found to be dependent on the migration of the
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interfaces. Hence diffusion affected both the size and morphologies

within the transition region.

l.l.4 Phase Transformations in the Copper-Zinc System

The copper-zinc phase diagram is shown in Figure 2. Alloys con-

taining 40-45 w/o zinc are 0f importance because of the transformations

that occur on cooling from the high-temperature beta phase. The trans-

fornmtion product depends on the zinc concentration and the cooling

rates.

Shewmon]3 has given a concise review of the phase transformations

that occur in the copper—zinc system. He has pointed out that the pre-

cipitation of alpha during cooling from beta state is similar to that of

ferrite precipitating from austenite. He has described the cooling of

copper-zinc alloys containing 39 and 44 w/o zinc. When an alloy con-

taining 39 w/o zinc is cooled below 800°C, alpha can nucleate and grow.

The alpha precipitates appear primarily as Widmanstatten plates. The

higher the rate of cooling, the finer is the structure. An alloy con-

taining 44 w/o zinc cannot transform unless it is cooled below 575°C.

The diffusion rate is slow since the transfonnation temperature is low,

and zinc atoms can travel only through short distances during the trans-

formation. In the absence of long-range diffusion, the Nidmanstatten-

precipitate plates of alpha in the alloy containing 44 w/o zinc are

finer than in the alloy containing 39 w/o zinc.

The precipitation of alpha from the metastable beta on cooling from

high temperature can be suppressed by increasing the rate of cooling.

Flewitt and Towner15 water-quenched various alloys from a high-temperature

beta state to metastable beta-prime structure. An isothermal decomposi-

tion of this beta-prime structure was carried out by reheating between
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Fig. 2. Copper-zinc phase diagram (M. Hansen and K. Anderkol4).
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l7O and 470°C. Below 350°C. a plate-like product appeared, whereas

above 350°C a rod-like product formed. The plate-like precipitate was

bainitic in nature and had a faulted f.c.c. structure. The rod-like

precipitate had equilibrium alpha structure. The rods were found to

grow lengthwise along <lll> direction of beta phase.

When the rate of cooling of the alloys with 40 to 45 w/o zinc is

increased further, a new product results. Quenching of these alloys

into an iced-brine solution leads to a martensitic reaction. The mar—

tensitic product has a face-centered orthorhombic structure16.

17 found that martensite formed in a copper-39.2Greninger and Mooradian

w/o zinc alloy on quenching from high temperature to between -30° and

-40°C. This martensitic product was found to revert to beta-prime

structure on heating to room temperature. When this beta-prime struc-

ture was plastically deformed at room temperature, martensite formed

18 found that formation of a stress-inducedin it. Reynolds and Bever

martensite is also reversible, and the material can transform back to

a beta-prime structure.

The habit plane of the martensite in the copper-zinc system is

either {155} or {166} of beta phase. Reynolds and Bever18 in studying

the stress-induced martensite confinmed the habit plane to be {155}B.

Hull and Garwood19 have determined an intermediate habit plane of

{2 ll 12} type.

Alloys with about 38 w/o zinc can undergo massive transformation when

cooled at a rate intermediate between that for the martensitic reaction

and that for the Widmanstatten reaction19. The transformation product

is blunt or massive in nature. It involves a change in the crystal

structure without a compositional change. An advancing planar interface
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transforms a grain of the stable beta into stable alpha of a different

crystal structure.

The beta phase always undergoes an ordering reaction, and changes

to beta prime irrespective of the rate of cooling and the product of the

transformation. The beta prime has a cubic lattice with the copper and

zinc atoms ordered so that the copper atoms have only zinc nearest

neighbors and vice versa. It has been found that the ordering reaction

in beta cannot be suppressed by any means.

1.2 Grain-Boundary and Phase-Boundary Effects

l.2.l Grain—Boundary Effects

The influence of grain boundaries on mechanical properties has

received a great deal of attention. The most recent of the several

reviews on this subject is by Hirthzo. The grain boundaries are known

to have a strengthening effect, but the exact mechanism is not yet pin-

pointed. The subject has been examined by theoretical analysis of

interactions of slip dislocations with the boundaries, and by experi-

mental studies on bicrystals and on polycrystals. These approaches are

now presented.

l.2.l.l Dislocations and Grain Boundaries

Grain boundaries can be considered to be made up of dislocations.

Low-angle boundaries of tilt type and of twist type can be considered to

be made up of arrays of edge dislocations and of screw dislocations

respectively. High-angle boundaries are forests of dislocations of

edge, screw and mixed character. The grain-boundary dislocations have a

Burgers vector different from that of the lattice-slip dislocations.
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However, the grain-boundary dislocations exist in such forms that a

lattice dislocation can dissociate itself as it enters a boundary to

form grain-boundary dislocations. 0n the other hand, a grain—boundary

dislocation can dissociate itself to form a lattice dislocation and

leave a residue at the grain boundary. Alternatively, two grain-

boundary dislocations can react to form a lattice dislocation. Thus

the grain boundary can act both as a source and as a sink for disloca—

tion521.

l.2.l.2 Studies Conducted with Bicrystal Specimens

22—24, Hirth and Hook25, and many others haveChalmers and his group

done extensive research on the behavior of cubic bicrystals. Investiga—

tors have explored deformation behavior of various cases of bicrystals

such as symmetric, iso-axial and noniso-axial bicrystals. In a symme—

tric bicrystal the grain boundary is a structural mirror plane. An iso-

axial bicrystal is the one in which the two crystals have the same

crystallographic direction along the axis of tension. A symmetric

bicrystal is a special case of iso-axial bicrystal.

Under any general state of stress, the macroscopic and microscopic

compatibility conditions should be satisfied at a grain boundary. For

the case of the bicrystal consisting of crystal A and crystal B shown in

Figure 3, with the planar boundary normal to the y axis, the macro-

scopic compatibility conditions that must be satisfied at the boundary

are

A B A B A B
= e = = 6

6xx xx E22 E22 Exz xz

In addition, the strain of the entire specimen :22 should be the

strain 522 in crystal A and in crystal 8.
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Fig. 3. A model for a bicrystal consisting of crystals A and B.
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Thus, in the general bicrystal, four independent relations must be

satisfied for deformation, requiring four independent slip systems or

sources of plastic strain22’24. In the specially symmetric bicrystals,

a single slip system in each crystal suffices to fulfill the equations

and the external constraints. On the other hand, the strains which would

be compatible in isotropic crystals, according to the conditions listed

above, can become incompatible in anisotropic crystals. Elastic incom-

patibility, which leads to image stresses near the boundary, is also an

important factor in the operation of slip systems near the boundaries.

Image stresses are considered later in the discussion on phase boundaries.

All of the above effects are macroscopic, since it has been assumed

that slip is a homogeneous shear deformation. In reality, slip is dis—

continuous and occurs in bands. If a slip band impinges on a grain boun—

dary, compatibility conditions require that there be either accommo-

dating slip or accommodating elastic strains locally. Micro-incompati-

bility can arise also from the difference in the Burgers vectors of slip

dislocations in grains separated by the grain boundary. As a result of

the mismatch of the Burgers vectors, microincompatibility stresses are

realized if a slip band impinges on the boundary. Secondary slip dislo-

cations have been shown to arise as a result of such stresseszs.

The compatibility conditions are more complicated in a polycrystal—

line aggregate as shown next.

1.2.1.3 Behavior of Polycrystalline Aggregates

With several crystals, it is more difficult to satisfy the compati-

bility conditions. Kocks26 has considered the extreme case of an

aluminum inclusion in a steel matrix. The inclusion has to conform with
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the deformation of the hole that it occupies. In an aggregate, strain

is imposed upon the crystal by its surroundings. The six independent

components of the imposed strain tensor are restricted only by the con-

dition that volume remains constant during plastic deformation. In

order to conform with the entire deformation, five independent glide

systems are therefore required. As Kocks points out, however, in the

actual case this requirement need not be followed rigorously, because

the crystal also contributes to the mutual interaction of the grains.

Hence the number of actually operating glide systems would probably vary

from crystal to crystal. But the average at any spot is expected to be

closer to five than to one. The operation of several slip systems to

satisfy the compatibility conditions is called "polyslip."

As a consequence of polyslip, dislocation forests can be barriers

to primary slip, and can cause latent hardening of sources active in

primary slip plane25. This effect is sensitive to whether slip is

coplanar. If the slip is noncoplanare-in other words if the cross slip

is easy--the barriers mentioned above cannot be very effective, and the

primary sources can keep on operating.

The microincompatibility can arise owing to a change of Burgers

vectorzs. When a set of dislocations initially propagates through the

boundary, the change in the Burgers vector causes a grain-boundary dis-

location to be left behind for each penetrating dislocation. Unless the

grain-boundary dislocations propagate away, they will generate a back

stress and prevent further slip.

l.2.2 Phase-Boundary Effects

A phase boundary may be considered as a special case of a grain

boundary. Structurally, it is also made up of dislocations. However,
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these dislocations have to account for the lattice discontinuity across

the phase boundary and are termed as "interface dislocations." The

effect on strengthening due to phase boundaries is similar to that due

to grain boundaries. 0n the level of dislocation interactions, the

presence of image dislocations and geometrically-necessary dislocations

has been taken into account. Extensive studies have been carried out on

the mechanical properties of polycrystalline aggregates containing two

phases. Fundamental units such as macroscopic two-phase bicrystals, how-

ever, have not been used to understand the role of phase boundaries in

the mechanical properties of two-phase materials.

1.2.2.1 Interface Dislocations

Van der Merwe27 originally put forward the idea of an interface

dislocation. He considered the case of interfacial misfit and bonding

between oriented single-crystal films and their substrates. At the

interface between the substrate and the oriented overgrowth, a discon-

tinuity exists in the periodic crystalline structure. Hence a misfit or

disregistry will exist between the atoms on either side of the interface.

Over large interfacial areas, the disregistry is reduced by forming

interfacial strips of good fit, separated by relatively narrow strips of

bad fit. These strips of bad fit are interfacial dislocations. They

are illustrated schematically in Figure 4. The network of these inter-

facial dislocations can hinder the passage of dislocations through the

interface.

1.2.2.2 Image Dislocations

The concept of image dislocations was first presented by Eshelbyzs.

A dislocation approaching a free surface experiences a force. Such a
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Fig. 4. Schematic diagram showing an interphase boundary between

alpha and beta, with interface dislocations. Lattice

parameters of alpha and beta are a1 and a2 respectively.
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force can be obtained from a stress field that is the sum of the real

dislocation and its image across the surface. The stress function is

devised to satisfy the boundary conditions at the surface by canceling

the normal forces at the free surfaces.

Head29 has considered the case of screw dislocations near an inter-

face between two phases. The simple geometry under consideration is

shown in Figure 5. Near an interface between two media of shear moduli

u] and “2” a screw dislocation in region 1 approaching the interface

gets repelled if “2 is greater than u]. It gets attracted if "2

is less than u]. If the real dislocation is located at x = +r and

has a Burgers vector 5, an image dislocation is assumed to be present

at x = -r. The Burgers vector of the image dislocation is

[("2 - u1)/(u2 + H1)]5.

The force acting on the real dislocation due to the presence of an

interface is then given by

F = (“2 - W1) u b2 ' (1)

x (u2+u-|) 111?

This expression cannot hold true for r §_2b, since the material

in the dislocation core would then be strained beyond elastic limit.

Consider a substrate of modulus u1 with a coating of modulus “2 and

thickness t. When “2 is less than u]. the dislocation is attracted

to the surface but when “2 is greater than u]. there will be an

equilibrium position for a dislocation. Thus, a repulsive force is

experienced by dislocations. The equilibrium position depends on u].

29 has also considered the case of an interface and"2' and t. Head

its interaction with an array of screw dislocations. He has calculated

the dependence of the distribution of n dislocations for n up to 20
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Fig. 5. Schematic of a real dislocation located at +r and an

image dislocation at -r, near a phase boundary ......
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30 has carried out similar

31

on the strength of the boundary. Conners

stress-field calculations for a straight edge dislocation. Yoffe has

studied the case of a straight dislocation inclined to a free surface at

an arbitrary angle. Although these models consider various possible

dislocation geometries, the conclusions obtained are similar to those

reached by Headzg.

1.2.2.3 Geometrically-Necessary Dislocations

Ashby32 has considered the case of the deformation of a two-phase

material containing hard dispersed particles. During the deformation of

such a material, gradients of deformation will exist. These gradients

are a result of the microstructure. To accommodate them, dislocations

have to be present. These geometrically-necessary dislocations allow

compatible deformation of the two phases. During the deformation of

single-phase metals and alloys, the dislocation density increases.

These dislocations are statistically-necessary dislocations and are

required to explain the usual three-stage hardening observed in single

crystals. When the density of geometrically-necessary dislocations

exceeds that of the statistically-necessary ones, the former control the

work hardening. This is because the geometrically-necessary disloca-

tions act as individual obstacles or create long-range back stresses.

1.2.3 Effect of the Presence of Different Phases

 

One of the first systematic investigations of the deformation of

two-phase materials was made by Uncke133. Alloys like capper-6%-iron,

leaded brass, alpha-beta brass, complex brass, alpha-delta bronze,

aluminum-8Z-copper and aluminum—lzz-silicon were deformed by cold

rolling. The particle sizes were measured before and after rolling.
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When the second-phase particles were harder than the matrix, they

deformed less than the matrix. Unckel33 also reported that additional

plastic flow must take place in the vicinity of inclusions or second—

phase particles owing to the different deformations of inclusion and

matrix.

Microscopic and x-ray analyses of the deformation and recrystal-

lization of 60:40 brass were reported by Honeycombe and Boas34. Slip

was first observed in f.c.c. alpha. Alpha phase was heavily deformed

before slip occurredirpordered beta phase. Slip traces were observed

to cross the alpha-beta phase boundary occasionally. In beta phase

more deformation seemed to occur near an alpha-beta phase boundary than

in the interior of the grains.

Clareborough35, and Clareborough and Perger36 studied the deforma-

tion of two-phase alloys of silver-magnesium, copper-zinc, and copper-

iron. They have considered the effect of volume fractions of the two

phases on the flow of these alloys. In specimens that contained small

volume fractions of the harder phase, most of the deformation was

restricted to the softer phase, and an additional flow of the matrix was

found around the hard particles. 0n heavier deformations, both deformed

uniformly. When the volume fraction of the harder phase exceeded 0.3,

deformation of both phases was nearly uniform from the beginning.

37 have stated that all second-phase particlesBaldwin and Edelson

cause embrittlement in composites such as copper-chromium, copper-iron,

copper-molybdenum. According to them, this embrittlement depends only

on the volume fraction of the second phase and not on the particle size,

shape or composition. Palmer et al.38, in their studies on copper-

silicon and copper-zinc systems, assert that the size, shape, composition,
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and distribution of the second phase, and its interfacial energy with

the matrix, are the important variables which can affect the failure

mechanism.

Recently, x-ray investigations have been carried out to study the

internal stresses in two-phase materials after elastic and plastic

39 40
deformations. Honda and Arima and Arima et al. have done such work

on copper-zinc alloys, aluminum-silicon alloys, and steels. Bolenrath

et al.41 have studied the stress patterns during the deformation of

sintered copper-iron specimens. The residual stresses arise from the

difference in the yield stresses of the two phases. In two-phase

copper-zinc alloys after small extensions, the alpha phase remained in

compression and the beta phase in tension.

Mogford42 has provided an excellent review on the deformation and

fracture of two-phase materials.

1.3 Deformation Behavior of Alpha and Beta Brass

1.3.1 Deformation Behavior of Alpha-Brass Single Crystals

Alpha brass is the f.c.c. terminal solid solution of zinc in c0pper.

Since alpha brass has a face-centered cubic crystal structure, slip in

alpha brass occurs along {111} planes in <110> directions. Although the

slip system is the same as in the case of copper, alpha brass is stronger

than copper. This increase in strength may be attributed to the solid-

solution hardening caused by the addition of zinc atoms, whose presence

affects both the stress necessary to initiate the plastic deformation

and the subsequent work-hardening.
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1.3.1.1 Critical Shear Stress

43
VonGfiler and Sachs studied the deformation of copper-zinc alloy

crystals of increasing zinc content. They found that for dilute alloys

the critical shear stress increased linearly with concentration.

The increase in critical shear stress may be explained by various

44
mechanisms such as order hardening , the segregation of solute atoms

45
around a dislocation by elastic interaction , or the chemical interac-

tion of solute atoms with the stacking fau1t46.

Order hardening or Fisher hardening44 occurs in alloys which are

partly ordered on a local scale. If, in equilibrium, an alloy has some

short-range order, then the passage of a dislocation must reduce the

degree of order. This reduction in order increases the energy and results

in a higher yield stress. The increased yield stress produced by the

order-hardening mechanism is r = y/b, where y is the disordering

energy per unit area of the slip plane, and b is the Burgers vector.

For 70:30 brass, the value of 10 ergs/cm2 has been used for y; then r

is 4 kg/mmz. At room temperature, the yield stress of 70:30 brass

single crystals is 1.5 kg/mmz. It is claimed that a significant frac-

tion of the yield strength of brass is caused by short-range order.

Cottrell45 first pointed out that a substitutional solute atom

with different atomic radius, or an interstitial solute atom, interacts

with the dilatational stress field around a dislocation. Hence the

solute atoms form an atmosphere. The binding energy, YB’ of a solute

atom situated at a point having cylindrical coordinates r, e from a

positive edge dislocation is given by

4 3 1 + ‘
guerabr_:sll:e

(2)
Y3
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where u is the shear modulus, v is Poisson's ratio, b is the

Burgers vector, and ra and ra(1+e) are the respective atomic radii

of the solvent and the solute atoms. An important feature of Cottrell

effect is the strong dependence of the locking force on the angle

between Burgers vector and the dislocation line. As compared with car-

bon in alpha iron, very large amounts of zinc in copper are needed to

obtain a yield point. This large amount is necessary partly because a

zinc atom in copper has a smaller degree of misfit, 'e', and partly

because it distorts the lattice with spherical symmetry. Thus it can

interact strongly only with the hydrostatic component of the stress

field of an edge dislocation.

Chemical interaction of solute atoms with the stacking fault and

its relation to the critical shear stress have been proposed by Suzuki46.

In an f.c.c. crystal, partial dislocations of type %-<112> are more

stable than the ordinary dislocations of type %-<110>, where a is

the lattice parameter. The region separating the two partials is

called a stacking fault. It has a hexagonal-close-packed crystal struc-

ture (h.c.p.). Since the cohesive energy between atoms in the h.c.p.

stacking fault differs from that in the f.c.c. material, the concentra-

tion of the solute atoms also differs. This heterogeneous distribution

of solute atoms is suggested to act in the same way as the Cottrell

atmosphere. The locking force caused by such chemical interaction is

independent of the angle between the Burgers vector and the dislocation

line. This locking force is considerably weaker, however, than that due

to Cottrell atmosphere. The locking force obtained by chemical interac-

tion varies only slightly with temperature.
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Meakin and Wilsdorf47 have examined all the theories of increased

critical shear stress by solid-solution hardening. For the case of

alpha brass, they conclude that the Cottrell effect is the most impor-

tant mechanism for solid-solution strengthening.

1.3.1.2 LUders Band Formation
 

Sudden large deformation at the yield stress is known as LUders

strain. In the system copper-zinc, a sudden yield and large deforma-

tions are ascribed to the unlocking of dislocations pinned by the

impurities present. A sudden yield drop and a yield elongation asso-

ciated with a LUders band occur whenever the initiation of slip is more

difficult than its continuation. During loading, as the upper yield

stress is approached, a small plastic strain results. When the yielding

occurs suddenly, deformation propagates across the length of the speci-

men in the form of Lfiders band. This propagation cannot be stopped by

unloading. Lfiders bands are observed to start at more places than one

and spread until they meet each other. When every portion of the

crystal is strained to the extent of LUders strain, normal work-hardening

begins.

1.3.1.3 Work-Hardening Behavior of Alpha Brass

As the concentration of zinc is increased in a copper-zinc alloy,

the easy-glide range becomes longer, the stage-II linear-hardening range

increases, and the stage III starts at a higher stress.

At the end of the easy-glide region, a delay has been observed in

the change of the slip system from primary to conjugate as a function of

48,49
strain Since a very high stress is required to initiate the slip

on the secondary system, slip does not start in this system even if it
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is favorably oriented. This phenomenon is called 'overshooting.‘ Over-

shooting may be measured in terms of the ratio of the applied shear

stresses p = r at the beginning of secondary slip.

secondary/T primary

p = 1 indicates no overshoot, and p > 1 indicates overshooting. For

Cu-30%zn, p = 1.28, independent of the temperature and the initial

orientationso.

It has been found that the macroscopic resolved shear stress on the

operative secondary-slip planes is very smalls}. Hence the shear stress

on the primary system must be the controlling factor in initiating secon-

dary slip. It is assumed that the easy glide ends when the stress con-

centration around clusters of dislocations on the primary slip plane is

sufficiently large to initiate slip on another plane. In the case of

alpha brass, higher stress concentration is required to initiate the

secondary slip. This means that bigger clusters of dislocations are

required on the primary planes, which is achieved by long easy glide.

Alternative explanation for the phenomenon of 'overshooting' has

been proposed in terms of the low stacking-fault energy of alpha brass.

Measurements of dislocation nodes in solid-solution alloys indicate that

YSFE’ the stacking-fault energies of solid solutions, are lower on cor-

responding pure metals. Stacking-fault energy of copper is lowered from

73 ergs/cm2 52 to 12-16 ergs/cm2 53 in 70:30 brass. Consequently, as

the solute concentration in a solid solution is increased, the disloca-

tions become more widely separated. It has been proposed that the widely

extended dislocations cannot move easily from the primary slip system to

the secondary slip system. This results in overshooting.

Stacking-fault energy is responsible for the ease or difficulty of

cross-slip which begins at the onset of the third stage of hardening.
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As mentioned above, the lower the stacking-fault energy. the wider is

the separation between the partial dislocations. The wide separation of

partial dislocations makes cross-slip difficult. However, an exception

to this rule is the activity of dislocations in the cross—slip plane

observed in alpha brass. Fourie54 has proposed that the pile-ups of

dislocations in the primary slip plane lead to the activation of nearby

sources on cross-slip planes. In this process, dislocations do not have

to constrict and then move from primary slip plane to cross-slip plane.

Hence the cross-slip process can take place in Spite of the low stacking-

fault energy.

The phenomenon of dynamic strain ageing has also been observed in

the deformation of alpha brass.

1.3.1.4 Nature of Slip Lines and Etch Pits in Alpha Brass

Kuhlmann Wilsdort and H. Wilsdorf55 have shown that the slip lines

in alpha brass do not assemble to form slip bands as in other metals.

The slip lines are arranged at random and are of greatly varying depth.

They are more widely spaced and are stronger than on pure metals. In

between the strong lines, no fine slip is observed. Cross slip is

observed in abundance. It may interconnect the slip lines until some-

times, especially at high deformations, more or less all lines on one

system are linked with each other.

55
Kuhlmann Wilsdorf and H. Wilsdorf have further stated that in the

case of alpha brass it is easy to etch the repolished surface of a

deformed specimen and make the slip traces reappear. Burke and Barrett56

57
and McLean have called these etched lines as striations or strain

markings.
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58 47
Wilsdorf and Fourie , and Meakin and H. Wilsdorf have carried

out extensive etch-pit studies on alpha brass. The slip observed in

alpha brass has been termed inhomogeneous, since it occurs primarily on

single atomic planes.

1.3.2 Deformation Behavior of Beta-Brass Single Crystals
 

Beta brass is an intermediate solid solution of zinc in copper.

The ordered structure of beta brass is classified as a 82 type super-

lattice.

1.3.2.1 Dislocations in a 82 Type Superlattice

As shown in Figure 6, the passage of a dislocation whose Burgers

vector is the unit vector of the disordered lattice through an ordered

lattice would disorder an entire atomic plane. The passage of a second

dislocation would reorder the plane. The creation of the large amount

of disorder requires a large amount of energy. Thus the average force

to move the single dislocation along such a slip plane is large. In

order to avoid such a large expenditure of energy, Koehler and Seitz59

originally put forward the idea of a 'superdislocation.‘ If two dislo-

cations of the same sign follow one another closely across the slip

plane, the disorder will be limited to a relatively small region. A

superdislocation or a superlattice dislocation is made up of two such

dislocations. The two dislocations are separated by an anti-phase boun-

dary hereafter referred to as APB. Hence Brown60 has stated that it is

a geometric requirement that APB's originate and end on the dislocations.

The necessity of having the superlattice dislocation with a strip

61
of APB is emphasized by Cottrell The stress to move the dislocation,
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Fig. 6. Effect of the passage of a unit dislocation through an

ordered lattice. (a) The ordered lattice. (b) Slip

plane to the left of the dislocation shows disorder.

(c) Disorder across the slip plang over the entire

block (J. 5. Koehler and F. Seitz 9) .........
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r, is given as

 

Surface Enepgy of the fault (3)

Burgers vector '

9 dynes/cmz. However,In the case of beta brass, r is about 3 x 10

the observed critical shear stress is an order of magnitude less than

this value. A similar problem in the case of f.c.c. metals is explained

with the help of the partial dislocations and the attached stacking

6] states that the dislocations which causefault. By analogy, Cottrell

slip in ordered beta-brass are not single dislocations of the %-<lll>

type, but either perfect unit dislocations in the ordered lattice or

coupled pairs of %-<lll>, leaving an ordered lattice in their wake

during their motion.

62 have discussed the possibilities of havingRachinger and Cottrell

the Burgers vector of the type a <lll>, a <110>, and a <100> in a

82 type superlattice. The travel of these perfect dislocations through

the lattice does not affect the order. Assuming that they do not dis-

sociate into imperfect dislocations, the following dissociations are

possible:

a[lll]

a[llO]

a[llO] + a[OOl]

a[lOO] + a[010]

These reactions do not result in reduction of energy.

In order to have slip along [111], the fellowing dissociation

must take place:

a[lll] = §[m]+%[m] . (5)

160
According to Rachinger and Cottrel , if r >> a, r being the

separation between dislocations and a being the lattice parameter,
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dislocation a[lll] cannot undergo dissociations given in equation (4)

and slip must occur along [111]. But when r = a, the structure at

the center of the a[lll] dislocations is not altered enough to prevent

it from dissociating (according to equation 4) and thus a[lOO] slip

can proceed. This phenomenon is related to the bond strength and the

[111] slip is indicative of an exceptionally small atomic binding ferce,

whereas the [100] should be a common mode of slip in alloys of 82

nature. Accordingly TllBr,I), LiTl, Mng, and AuZn glide along

[100]. AgMg slips along [111], but it has been considered a border-

line case.

Head et al.63 have, however, shown that a[lll], a[lOO], %{111]

are the types of dislocations that exist in beta brass. Because of the

highly anisotropic nature of beta brass, the electron-microscope con-

trast theory based on the isotropic invisibility criterion fails, except

63 computed thefor pure edge or pure screw dislocations. Head et a1.

theoretical image profiles according to the two-beam dynamical theory,

and considering the full anisotropic strain fields of the dislocations.

Comparing the character of the theoretical and experimental images, they

found that the majority of dislocations in beta brass were screw dislo-

cations of type a<111> gliding on {110}. Some of these a<1ll> dis-

locations were split into two %—<lll> dislocations. Other disloca-

tions were <010> type, which are glissile on {001}. This observa-

tion contradicts Rachinger and Cottrell's62 argument that <001> dis-

locations will not be observed in beta brass owing to the very small

bonding face.
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1.3.2.2 Mechanical Strength of Crystals with Superlattice Structure

The strength is dependent both on the degree of long-range order

and on the size of a sub-grain structure. The sub-grain structure in

the case of ordered materials consists of anti-phase domains. Slip

creates additional anti-phase boundaries and, hence, extra energy is

required for further slip. Strength has also been observed to increase

as a result of decreasing long-range order; and the maximum strength is

found at a critical size of the domain64. Cottrell61 has shown that the

critical size is due to two conditions -- the smaller the domain size,

the more disorder is created at an early stage of deformation, and hence

it is harder to initiate slip. On the other hand, the material is more

disordered when the domain size is smaller. Hence, the difference

between the slipped and the unslipped condition is less energetic and

61
thus the material is weaker. Cottrell has derived an equation which

relates the Stress r to the domain size '2',

_ -1 -l
T - YDBR [1 - aAz ] (6)

where 703 is the surface energy of the domain boundary, A is the

thickness of the domain boundary and a is a shape factor. The basis

for the maximum predicted in the equation above is as follows: (a) at

2 = 0, there are no domain boundaries because there is complete dis-

order and (b) at '2' = the specimen diameter, the specimen is one

domain and hence there are no domain boundaries. Thus an intermediate

value of It' gives the maximum Opportunity for creating disorder by

dislocations cutting the domain boundaries.

The degree of order and the domain size cannot be controlled inde-

pendentlyfis, and hence the strength maxima can occur at different
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combinations of these two in various systems. Temperature is a major

factor in controlling both the degree of order and the domain size. The

relation between the resolved shear stress and the temperature is indi-

cated in Figure 7. The feature observed near Tc is the result of the

following two effects: (a) As Tc is approached from the higher tem-

perature there is a rise in the short-range order to give an increase in

strength; (b) As To is approached from below there is an increasing

drag on the motion of superdislocations with decreasing long-range order.

1.3.2.3 Quenching Effects

Irrespective of the rate of quenching, beta brass always remains

ordered at room temperature. Both the temperature from which the

quenching is done and the rate of cooling affect the strength of beta

bra5566’67.

Brown68 has proposed that the dislocations are affected in two ways

as a result of quenching. The spacing between the dislocations can be

frozen during quenching. The spacing between the frozen-in superdislo—

cations decreases with the quenching temperature. Thus the dislocations

move more coherently. Further, the dislocations can come close together

during the quench in order to form the superdislocation which is charac-

teristic of complete order. In this process, the distance which the dis—

locations have to travel to reach their equilibrium spacing decreases

with quenching temperature. Hence the entanglement and the jog production

decrease with a resulting decrease in strengthening. Thus, whatever the

mechanism, the strength decreases with decreasing temperature of the

material prior to quenching.

The rate of quenching affects the strength through the number of

68
vacancies quenched in the material. Brown has suggested the following
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Fig. 7. Effect of short-range order on the strength near the

critical temeprature Tc (J. H. Westbrook55) .....
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explanation for strengthening of ordered structures. The dislocations

try to pair with each other during quenching. During their motion to

pair up, they interact and climb. dogs result due to such interactions

and cause the strengthening. The change of the as-quenched properties

with time at room temperature69 has been explained on the following

basis. During aging at room temperature, the excess vacancies which are

quenched can migrate to the jogs and cause them to collapse. This

reduces their strengthening effect.

1.3.2.4 Nature of Slip and Etch Pits in Beta Brass

Two distinct structural characteristics, namely the slip lines and

the deformation bands, have been observed in the deformed beta brass70’7].

Slip lines in beta brass are less prominent than those in f.c.c. metal

and alloy crystals. These slip lines are very hard to observe under ver-

tical illumination. Prominent deformation bands are easily visible with

the naked eye, but under the microscope, oblique illumination must be

used to see them.

Both the temperature and the mode of deformation affect the occur-

rence and the spacing of deformation bands70. Above the critical tem-

perature, band spacing approaches the grain size of the material.

Bassi and Hugo72 have carried out etch pit studies in beta brass.

The density of etch pits was found to be higher inside the deformation

band than that outside the band. The bands were not sharply defined, and

they were found to originate from the grain boundaries.

1.4 Purpose and Objectives
 

Properties of materials are influenced by the presence of surfaces

and interfaces. Effect of the interfaces on the properties of single-
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phase materials has been explored in detail. The basic units for such

investigations are bicrystals. In the field of two-phase materials,

there is a need for corresponding research. Fundamental studies about

the slip propagation using models like duplex crystals or two-phase

bicrystals will help to explain the role of a phase boundary on the

deformation behavior.

The main purpose of the present work is to develop a technique for

obtaining duplex crystals and two-phase bicrystals of alpha-beta brass,

and to find the growth mechanisms that will play important roles in pre-

paring such crystals.

Another purpose of this work is to study the mechanical behavior of

such fundamental units in uniaxial tension to understand the role of

phase boundary during plastic deformation of two-phase materials. The

interaction of slip with the phase boundary will be analyzed by disloca-

tion models, with the hope that the results will shed some light on the

work-hardening behavior of two-phase materials.



II. EXPERIMENTAL PROCEDURE

2.1 Crystal Growth
 

2.1.1 Growth of Alpha-Brass Single Crystals

Randomly-oriented single crystals of alpha brass were grown by the

Bridgman technique in sharp-tipped graphite crucibles having internal

diameters of 6.35 mm and 9 mm. Crucibles holding chemically-cleaned

cylindrical pieces of commercial purity 70:30 brass were sealed in quartz

tubes, which were placed in alumina crucibles and packed with refractory

cement and water. These assemblies were allowed to dry before placing in

the furnace. A schematic of an assembly is shown in Figure 8.

The tube furnace for growing single crystals was maintained at 980°C

with a constant-temperature zone of about 75 mm. Following two hours

soaking in this zone, the assembly was lowered at a rate of 10 mm per

hour. A schematic of the furnace is shown in Figure 9. The assembly was

lowered for 12 to 14 hours before cooling to room temperature. The

quartz seal was then broken to remove the specimen from the crucible.

2.1.2 Preparation of Alpha-Brass Single Crystals

The single crystals of alpha brass obtained as just described were

sealed in closely-fitting quartz tubing and were annealed for 16 hours

at 800°C. Such annealing of alloy single crystals facilitates the

removal of any microsegregation.

The end of the crystal that solidified last was ground off

mechanically on an 80-grit continuous belt. The crystal was then

36
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Fig. 8. Schematic diagram of the crucible assembly for growing

single crystals of alpha brass ............
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Fig. 9. Schematic diagram of the furnace for growing single

crystals of alpha brass..............
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polished with 240, 320, 400, and 600 grit Carbimet papers and a canvas

lap soaked with GOO-grit alumina. Large quantities of water were used

on belt, papers, and the wheel. The final mechanical polishing was done

on a velvet cloth with a 3-micron diamond paste and 'Metadi' fluid.

The mechanical damage introduced during grinding and polishing was

removed between consecutive steps by chemical dissolution. Depending on

the degree of mechanical damage, two different solutions were used.

Deformed layers of the single crystals, caused by grinding and polishing

up to GOO-grit paper, were removed by a 1:1 solution of nitric acid and

water. Damage caused by mechanical polishing beyond the GOO-grit stage

was small, and the above solution caused pitting. Therefore, a chemical

polish of composition 66% acetic acid, 17% nitric acid, and 17% ortho-

phosphoric acid was resorted to. The solution worked best in the tem-

perature range of 35-45°C, and specimens were accordingly soaked in hot

water and the polishing solution was applied with a swab.

2.1.3 Preparation of Beta Brass and Alpha-Beta Brass Prior to Joining
 

2.1.3.1 Preparation of the Beta Stock

After melting a stock of 70:30 alpha brass under charcoal cover,

weighed amounts of zinc were added to the melt, and the melt was thor-

oughly mixed by stirring. The crucible containing this melt was again

kept in the furnace for about a half hour to achieve homogenization.

Rectangular slabs were then cast in steel molds. After mechanical reduc-

tion by about 10% with the rolling mill, the slabs were annealed at 750°C

for four to six hours. To minimize the loss of zinc during annealing,

specimens were packed in cast iron pipes together with charcoal and loose

chips of brass.
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Annealed stock was then analyzed microscopically and chemically,

the latter with a Beckman DK-2A spectrophotometer. The chemical analy-

sis was accurate within :_0.5%. Remelting was sometimes necessary to

adjust the concentration of zinc. The whole procedure of casting,

rolling, annealing, and chemical and microscopic analysis was then

repeated until beta brass (47.5-50 w/o zinc) was obtained.

The beta brass prepared as above was then cut and machined to

obtain cylindrical pieces about 2.5 cm long and of approximately the

same diameter as the alpha single crystal. These pieces were polished

flat on one end and cleaned chemically.

2.1.3.2 Preparation of the Alpha-Beta Brass Foil

Alpha-beta brass foil for the joining process was in the form of

circular discs having the same diameter as the single crystals of alpha

brass. These discs were cut from a rolled sheet of 60:40 alpha-beta

brass, and then chemically cleaned and reduced to thickness of 0.125 mm

with a 1:1 solution of nitric acid and water.

2.1.4 Joining,8eta Brass to Alpha Brass Single Crystals

An open-ended quartz tube containing an alpha brass single crystal,

a thin disc of polycrystalline alpha-beta brass, and a cylindrical piece

of polycrystalline beta brass was kept on an asbestos sheet supported by

a steel block, as shown in Figure 10. A nichrome heating element, in

the form of a strip 3.175 mm wide and with a resistance of 0.03 ohm/cm,

was wound around the quartz tube in order to melt the beta brass and the

foil. One turn of the heating element surrounding the top portion of

the alpha-brass single crystal facilitated the wetting of alpha brass by
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Fig. 10. Schematic of apparatus for joining beta brass to the

single crystal of alpha brass............
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the molten alpha-beta brass foil and beta brass. After allowing the

melt to heat in this way for 3 to 5 minutes, the asbestos sheet was

removed from the bottom of the tube. The tip of the alpha single

crystal then rested on the steel block facilitating unidirectional

solidification.

2.1.5 Heat Treatments Following the Joining Operation
 

The specimens, joined as described in 2.1.4, had a two-phase tran-

sition zone consisting of alpha and beta between the single-crystal

alpha and the polycrystalline beta. In order to reduce the extent of

this transition zone, two heat treatments were scheduled.

In the first heat treatment, a quartz tube containing the as-joined

specimen was placed in an alumina crucible, and this assembly was sus-

pended by a chromel support wire in a tube furnace maintained at 800°C.

The assembly was placed in a temperature gradient of 32°C/cm in the fur-

nace, with the transition zone at 760°C. After soaking for 15 minutes

in this position, the specimens were lowered at a rate of 10 cm/hour.

Such soaking and lowering was repeated two or three times. This heat

treatment alone was found to be sufficient to obtain duplex crystals.

The second heat treatment employed a single strip nichrome heating

element to heat only the transition zone up to 760-78000. This 'local-

annealing' arrangement is illustrated in Figure 11. Following this

treatment, which lasted one hour at a time, the specimens were air

cooled. A small flat for microscopic examination was then polished

along the specimen length. Photomicrographs were taken to cover the

entire transition zone. As the transition zone decreased in width, local

annealing cycles were occasionally reduced to 15 to 30 minutes. Local
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Fig. 11. Schematic diagram of the apparatus for local annealing.
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annealing cycles were repeated until the transition zone became small

enough to yield a very sharp boundary between the single crystal of

alpha and the multi-crystal of beta.

2.2 Specimen Preparation for Mechanical Testing

To get a rectangular cross-section and a reduced gage section of

3.8 cm on the specimens, careful machining was carried out removing only

0.05 mm thick layers during every cut. The final cuts were only 0.025 mm

deep. The machined specimen is shown in Figure 12. Following the

machining, the specimens were mechanically and chemically polished

according to the same procedure as described in 2.1.2. Because of the

reduced gage section, polishing on two of the four sides was not

possible by usual methods. Therefore, small strips of various grade

carbimet papers were attached to thin aluminum plates, which were rubbed

hack and forth on the specimens.

After polishing, steel nuts were silver soldered to the Specimen

ends. One end was soaked in water while the other end was being soldered,

73 Mechanical and chemical polishingas suggested by Brindley et a1.

were repeated after soldering the nuts.

Laue back-reflection x-ray photographs were taken on two adjacent

surfaces, in both the alpha and the beta regions, to determine the

crystallographic orientations.

2.3 Mechanical Testing_and Observations

After light etching, the specimens were tested in uniaxial tension

in an Instron testing machine. The rate of displacement of the cross-

head was 0.05 cm/min. At various stages during the testing, the speci-

mens were unloaded and removed from the grips in order to study the
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Fig. 12. A machined tensile-test specimen.
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slip distribution by optical microscopy. Attention was mainly focused

on the slip patterns in the vicinity of phase boundaries. All the four

surfaces of the Specimens were studied to find the orientation of the

active slip planes with respect to the tensile axis.

For more detailed observations, Single stage Formvar and double

stage plastic-carbon replicas of the surfaces were prepared. In the

latter method, a replicating tape was softened in acetone and pressed on

the specimen surface. This plastic replica was a negative impression of

the surface topography. A carbon film a few hundred Angstroms thick was

deposited on this plastic replica. The plastic backing was then dis-

solved by placing the specimen in acetone for 24 hours. A thin layer of

petroleum jelly was applied on the carbon film to prevent its disintegra—

tion in acetone. After the plastic backing was dissolved, the jelly was

dissolved in carbon tetrachloride. Using copper grids, the carbon film

was first transferred to a 1:1 solution of alcohol and water, and then

dried. Occasionally, the original plastic replica was taken while the

specimen was in the testing machine. The replicas were observed with

the Hitachi HU-ll A electron microsc0pe operated at 50 kv.

2.4 Electron Microprobe Analysis

A two-phase bicrystal of alpha-beta brass containing a sharp phase

boundary and a specimen at an intermediate stage of heat treatment were

analyzed for zinc concentration with an 'Advanced Research Laboratories'

microprobe. The two-phase bicrystal specimen was traversed in a direc-

tion perpendicular to the sharp phase boundary. The other specimen was

probed through the transition zone in directions which are parallel and

perpendicular to a set of Widmanstatten plates. The accelerating



47

voltage for this operation was 25 kv and the column current was stabi-

lized to within 1%.

Prior to the use of the microprobe, the specimens were polished,

etched, and photographed. The etching effect was then removed by

repolishing. Once in the microprobe, the phase boundary in the bicry-

stal specimen, and the transition zone in the other specimen, were

located with the help of fiducial identification marks on the photo-

graphs.

2.5 Scanninnglectron Microscopy
 

The surface topological features of the morphologies developed

during the heat treatment and slip-line distribution were observed with

'Advanced Metals Research' scanning electron microscope operated at 21 kv.

The specimens were cut with a jeweler's saw to minimize any damage intro-

duced by cutting, and were coated with a 200 A0 thick gold-palladium

film. The specimens were examined in the emissive mode with a tilting

of 40 to 50°.



III. RESULTS

During the course of this work, duplex crystals and two-phase

bicrystals of alpha-beta brass were prepared by the techniques described

in the previous chapter. Mechanical testing under uniaxial tension was

carried out after careful machining and polishing. Observations made on

these specimens during their growth and mechanical testing are presented

in the following sections.

3.1 Growth of Duplex Crystals and Two-Phase Bicrystals

The specimens were obtained by melting the beta brass on the sub-

strates of the single crystals of alpha brass covered with thin foils of

alpha-beta brass. A two-phase transition region consisting of both alpha

and beta phases occurs between the Single-crystal alpha and the polycrys-

talline beta. In most of the specimens prepared in this work, this

transition zone was about one millimeter wide. This zone consisted of

alpha precipitates of various morphologies in the beta matrix, and along

the beta grain boundaries. Two different kinds of morphologies were I

observed. In the first kind, the precipitate of alpha present in the

transition zone was continuous with the alpha single crystal, as shown

in Figure 13. In the second kind, a continuous layer of beta phase

separated the precipitate from the alpha single crystal. This feature

is illustrated in Figure 14. After undergoing the first heat treatment,

the continuous layer of beta broke down and the alpha precipitates grew

in continuation with the alpha single crystal. The precipitate

48



49

morphology was predominantly in the form of primary Widmanstatten

plates. The continuous layer of beta shown in Figure 14 breaks down on

heat treatment, as can be observed in Figure 15. The specimens wherein

the alpha-precipitate plates are connected to the alpha single crystal

were not subjected to the first heat treatment of lowering through the

temperature gradient.

During both the heat treatments, grain growth was observed in beta

regions that were in contact with the transition zone. To obtain duplex

crystals of alpha-beta brass it was sufficient to repeat the first heat

treatment two or three times. Cyclic local annealing (the second heat

treatment) was not required. Because of the repetitive first heat treat-

ment, the transition zone was minimized, the alpha-beta segments in the

transition zone were coarsened, and the alpha segments were crystallo-

graphically oriented with respect to each other. Such a duplex region

obtained after repetitive treatments is illustrated in Figure 16.

For preparing the two-phase bicrystal specimens, the second heat

treatment was very effective. Here the specimens were locally annealed

only in the vicinity of the two-phase region. Local annealing cycles

of one hour gave the best results. The effect of cyclic local annealing

on the two-phase zone is shown in Figures 17 and 18. Two series of pic-

tures from two specimens shown in these figures illustrate the morpho-

logical features observed at the various stages during the heat treat-

ment. The reduction of the transition zone did not necessarily progress

at the same rate in different specimens. This difference could be

attributed to the different response of various plate morphologies to

the heat treatment.
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The progressive decrease in the size of the two-phase transition

zone took place by two distinct modes. In one, the alpha plates dis-

solve in beta during heating and precipitate as split islands during

cooling, as shown in Figure 17. During heat-treatment cycles, the

islands shrink in size and eventually dissolve completely in beta. In

the other mode, the alpha plates get progressively thinner at the tip

and thicker at the base as illustrated in Figure 18. The grain growth

of the beta phase during this heat treatment can also be seen in

Figure 18. Such grain growth tended to reorient the alpha plates pre-

sent in the two-phase transition region. The grain boundary '2' in

Figure 18(b) is seen to be moving to the left on prolonged cyclic

annealing, as shown in micrographs (c) and (d) of the same figure. As

this grain boundary shifted, the platelet orientations have likewise

changed to conform with the plates already existing in the growing grain.

The grain boundaries also helped to reorient the platelets by grain

boundary diffusion. Regions of low zinc in the consumed grain help to

change the platelet orientation; and the latter is guided by crystallo-

graphic considerations. These features are illustrated in Figure 19.

Observations under the scanning electron microscope bring out the

platelike nature of the precipitates. The tip of an alpha segment

ending towards beta is seen at point 'A' in Figure 20. The beta regions

pointing towards the alpha single crystal are seen at points '8' in

Figures 21 and 22.

Irrespective of the mode of platelet dissolution, cyclic local

annealing was continued until a sharp boundary formed between the alpha

single crystal and the beta grains as shown in Figure 23. Often the
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grain growth in beta was predominant enough to provide a single grain

of beta in contact with the single crystal of alpha.

A two-phase bicrystal having a sharp boundary, and a specimen with

the transition zone (as obtained at an intermediate state of annealing),

were analyzed with an electron microprobe. The results obtained in this

analysis are shown in Figure 24. At the phase boundary in the two-phase

bicrystal, the zinc concentration is seen to change abruptly from 37—38%

zinc (alpha side) to 48% zinc (beta Side). Inside alpha away from the

boundary the concentration of zinc dropped further to 30% zinc, which is

the composition of single crystals of alpha over a distance of 80 microns.

There was no such change in composition inside the beta region.

3.2 Deformation Behavior of Duplex Crystals
 

Each specimen tested for investigating the deformation behavior con-

sisted of a single-crystal alpha, duplex-crystal alpha and beta, and a

large-grained polycrystalline beta in series, as shown in Figure 25. The

results of the tensile tests on these specimens are presented in Figure

26 and Table 1. At different stages during the test, the Specimens were

unloaded and removed from the testing machine in order to study the slip

distribution. All the specimens were ultimately loaded to fracture.

Observations made during the uniaxial tensile test can be classified

as: .

1) deformation behavior of alpha,

2) slip accommodation in the duplex region,

3) deformation behavior of the entire specimen.

These observations are presented in the following subsections.
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3.2.1 Deformation Behavior of Alpha

Progress of the slip front in the alpha-brass single crystal during

deformation is shown in Figure 27. The plastic deformation started as

single Slip in the alpha Single crystal at a point away from the duplex

region as Shown in Figure 27(a). With increasing strain, slip progressed

towards the duplex region. The travel of the front of the plastic defor-

mation towards the duplex region is illustrated in Figure 27(b), (c) and

(d).

Typical slip distributions in the alpha single crystal after 11%

total strain at 4.8 mm, 6.4 mm, and 12.8 mm away from the duplex region

are shown in Figure 28(a), (b), and (c) respectively. These figures

Show that different slip planes become active as the deformation pro-

gresses towards the duplex region. Away from the interface in alpha,

slip was observed mainly as Single slip at this point.

At higher strains, extremely heavy slip was observed in alpha.

Examples of such slip distribution are seen in Figures 29 and 30.

3.2.2 Slip Accommodation in the Duplex Region

Initial deformation of the duplex region occurs only in the alpha

segments as a result of the continuation of slip from the alpha single-

crystal regions, as shown in Figure 31. Slip traces observed in these

alpha segments are parallel to the primary slip traces in the alpha

single crystal. Such a duplex region of alpha-beta segments may be

regarded as an oriented composite.

With increasing strain, the slip-line density in each alpha segment

increased, and secondary and cross-slip systems became active near every

individual alpha-beta phase boundary. At the same time, beta segments
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began slipping on a very fine scale. Figures 32 and 33 Show these

features as seen under an optical microsc0pe. The regions where slip

lines have propagated through the phase boundary are indicated by the

letter A. Regions marked 8 and C Show multiple slip and cross-

slip, respectively, in the alpha segments.

At very large strains, slip in beta segments gets coarse, and at

various places slip lines are observed to continue from alpha segments

on a one-to-one basis. This feature is illustrated in Figure 34, an

electron micrograph of the deformed specimen studied with a two—stage

plastic-carbon replica.

3.2.3 Deformation Behavior of the Entire Specimen
 

On further deformation, slip in beta segments continues over to the

beta grain which is in contact with the duplex region, and proceeds into

the beta region. As shown in the region between 'x' marks in Figure 35,

Slip traces in beta grains can be detected by the naked eye at total

strains of 70-90%. By the time that slip started in beta, the alpha

single crystal was necking and twisting. Necking in alpha traveled back

and forth similar to Lfiders-band progression in the Single crystals of

73 During the necking of alpha,alpha, as observed by Brindley et al.

the applied stress remained constant. In beta, however, more and more

slip occurred.

3.3 Deformation of Two:Phase Bicrystals

The results of the tensile tests on the two-phase bicrystal speci-

mens are presented in Figure 36 and Table 2. All the specimens were

tested at the same deformation rate. The crosshead displacement rate

was 0.05 cm/min.
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The deformation behavior of the two-phase bicrystals can be divided

into three parts, as in the case of the deformation behavior of the

duplex crystals. These parts are as follows: (1) deformation of alpha

away from the phase-boundary region; (2) deformation of alpha at about 1

to 2 mm from the phase boundary; and (3) deformation of beta.

The deformation initially starts away from the phase boundary and

progreSses towards it as single slip. These portions of the alpha Single

crystal Show slip lines of nearly uniform depth. As the slip lines

approach the phase boundary, however, they are seen to decrease in their

depth and intensity. They show a distinct tapering towards the phase

boundary, as illustrated in Figure 37.

As the loading continues, the slip lines come closer to the phase

boundary. Secondary slip and cross-slip appear. The most important

observation at this point is that the tip of the primary-slip system,

where the cross-Slip originates, need not be at the phase boundary. AS

can be obServed in Figure 38, the intersection of the primary and cross-

slip systems may be either at the phase boundary or away from it.

Depending on the relative crystallographic orientation of the alpha

and beta regions, slip continued across the phase boundary. The nature

of slip lines in beta is distinctly different from that in alpha. Often

slip in beta can be observed by naked eye but cannot be located with an

optical microscope. Oblique illumination has to be used to observe the

slip distribution.

Various features of the slip in beta are shown in Figures 39, 40, 41,

and 42. Deformation of beta can take place by fine sliplines (Figure 41),

or by surface rumples (Figure 42).
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If the crystallographic orientation of the two phases is not suit-

able for the progress of slip, extremely heavy deformation takes place

in alpha without any observable deformation in beta. This feature can

be observed in Figure 43.
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Fig. 13. A two-phase transition zone with alpha-precipitate

plates connected with alpha single crystal. Alpha

phase is etched light with ferric-chloride etch . . .
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Fig. 14. A two-phase transition zone with a continuous layer of

beta between the single-crystal alpha and the two-

phase zone. Ferric-chloride etch .........

Fig. 15. The two-phase transition zone after two lowerings in

the first heat treatment. The region shown here is

the same shown in Fig. 14 . . . . . ........
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Fig. 16. Alpha—beta duplex crystal in the transition region

(Ferric chloride etch) ...............
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Fig. 17. Dissolution of alpha platelents and alpha island forma-

tion as a result of cyclic local annealing for (a) 3

hours, (b) 5 hours, and (c) 7 hours. Ferric chloride

etch (60X). Regions marked Y Show the alpha islands.
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Fig. 18. Grain growth in beta and widening of the base of the

alpha plates after cyclic local annealin for (a) 3

hours, (b) 7 hours, (c) 18 hours, and (d? 20 hours.

Ferric chloride etch (60X). Regions marked X Show

the widening of the precipitate plates, and symbol 2

indicates the migrating grain boundary .......
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Fig. 19. Change in orientation of the platelet. The arrow indi-

cates a typical platelet ..............
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Fig. 20. Scanning-electron micrograph Showing the sharp tip of

an alpha platelet. (Note the region A) .......
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Fig. 21. Scanning electron micrograph Showing the tips of the

beta segment in alpha single-crystal region. (Note

region B) ......................

Fig. 22. A tip of the beta segment shown in Fig. 21 at a higher

magnification.
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Fig. 23. (a) A specimen Showing a sharp boundary after the com-

pletion of all heat treatments. (1.5x)

(b) The Sharp alpha-beta phase boundary in a two-phase

bicrystal. Ferric chloride etch. (60X) . . . .
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Fig. 24. Results of the electron-microprobe analysis giving

zinc-concentration profiles (a) traversing the Wid-

manstatten plates, (b) traversing the phase boundary

in a two-phase bicrystal specimen ..........
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Fig. 25. A schematic diagram of the duplex-crystal specimens

used for mechanical testing .............
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Fig. 26. Stress-strain curves for the duplex-crystal specimens

tested in uniaxial tension ..... .........
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Fig. 27. Slip distribution in the alpha single crystal at

various strains, (a) 2.3%, (b) 4.5%, (c) 5.5%, and

(d) 6.3%, total strain (X5) ............
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Fig. 28. Slip distribution in the alpha single crystal at (a)

4.8 mm, (b) 6.4 mm, and (c) 12.8 mm from the inter-

face after 11% total strain .............
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Fig. 29. Heavy slip in alpha single crystal at 50% total strain.

Fig. 30. Heavy Slip in alpha single crystal at 45% total strain.
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Fig. 31. Initial deformation of the duplex region showing slip

in the alpha segments ................
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Fig. 32. Slip propagation through the alpha-beta phase boundary

in the duplex region. Regions marked A Show the pro-

pagation of slip through the phase boundary, 8 and C

show secondary slip and cross-Slip in alpha respec-

tively ...... . ......... . . . . . . .
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Fig. 33. Slip propagation across the alpha-beta phase boundary

in regions containing alpha islands. Regions marked

A Show the propagation of Slip through the phase

boundary, 8 and C Show secondary slip and cross-slip

in alpha respectively ................
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Fig. 34. Electron micrographs Showing slip pr0pagation through

the alpha-beta phase boundary (light regions are

alpha .......................
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Fig. 35. Macrograph Showing coarse slip in beta, after consider-

able deformation of the alpha single crystal. (x5)

(Note the region between 'X' marks) .........
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Fig. 36. Stress-strain curves for the two—phase bicrystal

specimens .....................
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Fig. 37. Tapering of Slip lines in alpha near the phase boundary

in a two-phase bicrystal specimen (Stress 4. 32 kg/m

total strain 2. 88%) .................

Fig. 38. Occurrence of secondary slip in alpha away fromthe

alpha--beta phase boundary (Stress 4. 98 kg/m total

strain 16%) .............. . ......
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Fig- 38
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Fig. 39. Slip initiation in beta. A diffuse slip band '0' is

present in beta. It is parallel to the slap direc-'

tion in alpha. (Applied stress .94 kg/mm ,

resolved shear stress 2.32 kg/mm , total strain

10.62%. Active slip plane in alpha is parallel to

the active slip plane in beta) ..........
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Fig. 40. Slip in beta after 19.68% elongation. Slip in alpha

cannot be observed because of the drastic change in

the cross-section at the phase boundary. 'X' is a

grain boundary in beta. In this specimen, the active

slip plane in alpha is parallel to that in beta . .



 

Fig.40
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Fig. 41. Fine slip lines observed in beta have joined together

to give an appearance of a coarse band (total strain

19.68%). In this specimen, the active Slip plane in

alpha is parallel to that in beta ..........
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Fig. 42. Slip propagation in beta. Deformed areas of beta indi-

cate both fine slip lines (S) and rumpling (R).

(Resolved shear stress 4.4 kg/mmz, 20% total strain)

Active Slip plane in alpha is parallel to that in

beta ........................
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Fig. 43. Heavy slip in alpha without any indication of slip in

beta. (Total strain of 12.72%. Resolved shear

stress 3.25 kg/mm ) Compare with Fig. 39. In this

Specimen, the active slip plane in alpha is n23.

parallel to that in beta ..............
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IV. DISCUSSION

4.1 Growth of Duplex and Two-Phase Bicrystals of Alpha-Beta Brass

4.1.1 General
 

AS designated in Section 1.4, the main purpose of this work is to

obtain duplex crystals and two-phase bicrystals of alpha-beta brass.

These two phases are joined by melting beta brass over a substrate of a

single crystal of alpha covered with alpha-beta foil. During this

joining process, a two-phase transition zone occurs between the single-

crystal alpha and coarse-grained polycrystal beta. For producing a two-

phase bicrystal, such a zone must be narrowed in size, and a sharp

boundary must be obtained between alpha and beta. The transition zone

was narrowed in size by the Special heat treatments described in Sec-

tion 2.1.5.

In the ensuing discussion, the reason for choosing this joining

procedure is first stated. Various approaches to the problem at hand

are then discussed, and a phenomenological description combining various

viewpoints is provided. Finally, individual mechanisms operative during

the history of the heat-treatment are analyzed.

4.1.2 The Selection of Joining Procedure

The method of joining beta brass to alpha-brass single crystals as

described in 2.1.4 has been selected out of several possibilities. These

procedures will now be reviewed in Order to justify the method selected

fer joining.
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Since the specimens in this work consisted of two phases, it was

considered necessary to begin with a two-phase material. Muntz metal, a

commercial alloy containing 60% copper and 40% zinc, consists of both

alpha and beta phases in its room-temperature structure. The principles

of single-crystal growth by the Bridgman technique and recrystallization

annealing were adopted with the hope that modifications might provide

the required bicrystal specimens of this alloy.

The Bridgman technique consists of solidifying a melt in a sharp-

tipped crucible under a temperature gradient. While cooling from liquid

state to room temperature, an alloy like Muntz metal undergoes the

following phase transformations:

902°C p, 760°C

L PeritectiE B '_'_"—7 (a + B)

where symbols L, a, and 8 represent liquid, alpha, and beta phases

respectively.

It can be seen from the above that immediately on solidification a

single crystal of beta containing 40 w/o zinc can be obtained by the Bridgman

technique. However, this beta is stable only in the temperature region

between 902°C and 760°C. If a crucible containing the beta single crystal

is Slowly moved through the B + a + B transformation temperature, alpha

will start nucleating at the sharp tip of the crucible. Owing to the

precipitation of alpha, the region in the immediate neighborhood of alpha

gets richer in zinc, and can exist as beta even after cooling to room

temperature. The composition of beta changes discontinuously as the

transformation front progresses. An aligned lamellar structure is

finally produced. Specimen diameters varying from 3 mm to 19 mm, and

lowering rates varying between 12.5 mm/hour to 12.5 mm/day were tried.
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The largest grain of alpha which could be obtained by this method was

about 1 mm in Size -- an order of magnitude smaller than that needed.

The rate of lowering for preparing this specimen was 12.5 mm/day, and

the entire process took 15 days.

Attempts were made to grow two-phase bicrystals by recrystalliza-

tion annealing. Several Specimens of varying thicknesses and varying

amounts of cold work were given recrystallization anneals. The

annealing temperatures chosen were between 450 and 750°C. The combina-

tion of the highest temperature (750°C) and longest period (14 days)

gave grains as large as 0.1 mm. Besides the smallness of the grains,

presence of annealing twins was a problem.

Greninger's work74 on precipitation studies suggested an entirely

different approach. His study was concerned with the lattice relation-

ships developed during precipitation of beta as a result of the peri-

tectic reaction in the copper-zinc system. To simplify the orientation

studies, only one orientation of alpha was chosen. To facilitate x-ray

studies, large grains of beta which had nucleated at high temperature

had to be preserved to room temperature. Specimens with these desirable

characteristics were prepared by solidifying a beta alloy under a uni-

directional temperature gradient, with the crystallization seeded with

a copper or alpha-brass single crystal.

Greninger's procedure is as follows: A single crystal of alpha was

polished on one end and kept in a graphite crucible. The crucible con-

taining the single crystal of alpha and a stock of beta brass above it

was placed in a vertical tube furnace maintained at 105000. The crucible

was observed through a small opening at the top of the tube. As soon as

the beta brass had melted, the crucible was removed from the furnace,
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placed on an iron block, and allowed to cool to room temperature. A

transition zone consisting of alpha and beta, about 2.5 to 3 mm wide,

was observed between the alpha single crystal and large-grained beta

polycrystal.

For the purpose of this work, minimizing the transition zone is the

most critical step. From this point of view, the temperature of lOSOOC

selected by Greninger74 for melting beta is too high. In Greninger's

method, the crucible is kept in the tube furnace. As a result, the

entire length of the seed crystal is heated and the diffusion process

becomes easier. Another major cause of the increased rate of diffusion

and the large transition zone is the large difference in composition of

the alpha-brass single crystal (30 w/o zinc) and the molten beta brass

(48 w/o zinc).

In the modified joining procedure adopted in this work, these dif-

ficulties were avoided. The temperature was high enough to melt beta

(containing 49 w/o zinc) in a short time without superheating (900-9250C).

The entire length of the alpha-brass single crystal (containing 30 w/o

zinc) was not heated; and yet epitaxy between the seed single crystal of

alpha and the molten stock of beta was facilitated by placing a single

turn of the heating element around the t0p of the single crystal. A

foil of intermediate composition (containing 40 w/o zinc was kept between

the alpha-brass Single crystal and the stock of beta. This foil helped

to reduce the drastic concentration variation between alpha and beta.

The width of a typical transition zone obtained was 1 mm as against 2.5

to 3 mm obtained by Greninger's procedure.

Befbre considering the means of eliminating the transition zone, it

is necessary to analyze how its structure develops. For this purpose,
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consider the region of the copper-zinc diagram sketched in Figure 44.

During the joining process, beta brass melts first, and the foil melts

at the end. Once molten, the foil loses its identity as a solid and can

be considered to be a pool of liquid containing 40 W/o zinc. ’This pool is

in contact with the heated substrate of the alpha-brass single crystal

below and the molten beta brass above. Since there was no stirring of

the liquid, the compositional adjustments can be considered to be occur-

ring by diffusion alone. Zinc atoms can diffuse from the molten beta

into the pool of molten foil, and from this liquid into the alpha-brass

single crystal. Diffusion of copper will take place in the opposite

direction. AS a result, there will be regions varying from 30 to 48 w/o

zinc between the top portions of alpha single-crystal brass and beta

brass. Of these regions, those containing 35-47 w/o zinc consists of alpha

and beta in their room-temperature microstructure. From the Figure 44,

it can be seen that the alloys within this range solidify by nucleating

(i) alpha up to 38 w/o zinc and (ii) beta beyond 38 w/o zinc. Thus the two-

phase transition zone consists of primary crystallized alpha together

with beta grains whose nuclei originated by the peritectic reaction.

4.1.3 Phenomenological Description of the Effect of Heat Treatments

4.1.3.1 Approaches to the Problem

The heat treatments for obtaining a sharp phase boundary involve

diffusion, phase transformations, and grain growth. It is necessary that

these processes complement eath.other. In terms of distribution of zinc,

the procedure involves (i) removal of microinhomogeneities caused by the

two-phase structure in the transition zone, and (ii) establishment of a

Sharp concentration change at the phase boundary. Cycling during heat

treatment helps to reach these conditions.
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Fig. 44. A region of copper-zinc phase diagram above 600°C for

compositional range of 0-50 w/o zinc ........
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For the purpose of the following discussion, the two-phase transi-

tion zone is assumed to consist of Widmanstatten plates precipitated in

a direction parallel to the length of the specimen. In terms of the

variations of zinc concentration, the transition zone can be pictured as

shown in Figure 45(a) and (b).

Heat treatment, carried out on a continuous basis, will affect the

transition zone in the following manner. As the specimen reaches the

heat-treating temperature, diffusion of zinc will proceed from high-zinc

regions (beta segments) to the low-zinc regions (alpha segments). The

 

gradient of zinc concentration between the segments will decrease with

time. With decreasing gradient, the rate of diffusion will decrease and

eventually the microinhomogeneities will be removed. During this process,

the composition between the lines AB and CD in Figure 45(a) will

average to a zinc concentration intermediate to that of the alpha Single

crystal and the polycrystalline beta. The situation at this stage is

indicated in Figure 45(c). It will be shown later that the transition

zone will initially decrease in size owing to concentration gradients

across the interfaces AB and CD. There is no guarantee, however, that

the process will continue further. Such a continuous diffusion will

reduce the gradients across AB and CD, and will finally come to a

stable condition. This will be explained further in 4.1.3.2. In short,

continuous diffusion will help to achieve the goal of minimizing the

microscopic gradients, but will not give a sharp macroscopic gradient.

According to the principles of phase transformations in the copper-

zinc system, a sharp macroscopic gradient can be created in the

following manner. The region between A8 and CD in Figure 45(a)

transforms to beta during the heat treatment. By quenching from this
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Fig. 45. (a) Schematic of the Widmanstfitten plates which are

parallel to the specimen length present in the

transition zone. Lines AB and CD indicate the

fictitious boundaries of this zone.

(b) Schematic of the change in the zinc concentration

(on a microscale) in the transition zone along

the length and width of the specimen.

(c) Transition zone between A8 and CD becomes beta at

high temperatures and assumes an average zinc

concentration C3 ................
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temperature, the structure of the region between A8 and CD can be

retained as metastable beta. The objections to this procedure are the

following:

(1) A part of the alpha Single crystal immediately in contact with

the transition zone gets heated during the heat-treatment. Sud-

den cooling causes excess vacancies to be trapped in this part

of the crystal.

(2) The 'quenchedqin' beta structure is unstable, and alpha will

precipitate from this structure upon aging.

(3) Microscale composition gradients can still persist.

A satisfactory specimen, then, cannot be obtained by either diffu-

sion or phase transformation operating alone. The heat treatment

selected should combine both processes, and eliminate the drawbacks

caused by their individual operation.

4.1.3.2 Unified Approach

The two heat treatments for obtaining a sharp boundary operate at

such a temperature that the two-phase transition region transforms to

single-phase beta. The temperature distributions for these treatments

are given in Figure 46. This beta is not homogeneous in its composition.

The inhomogeneities on the microscale are inherited from the room-

temperature microstructure prior to the beginning of heat treatment.

On the macroscale, the diffusion phenomena work as stated below.

The region between A8 and CD in Figure 45 transforms to beta during

the soaking parts of the heat treatments. This transformation of the

two-phase structure to beta may be considered to occur without an incu-

75
bation period, according to the work of Aaron and Kotler . To deter-

mine whether the transition zone transformed into single-phase beta at
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Fig. 46. (a) The schematic of the zinc concentration (on a macro-

scale) near the transition zone.

(b) The temperature profiles in the Specimens for the

two heat-treatments.
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the temperatures used, specimens were heated to 780°C for one hour and

rapidly quenched in iced brine. The structure of these quenched speci-

mens showed that the original two-phase zone transformed to metastable

beta above the transformation temperature.

At the heat—treating temperature, the diggusion coefficient of zinc in

-6
beta (49 w/o zinc) is l.2-l.7 cm2/sec x lO

77
-9

, and that in alpha (28 w/o

zinc) is l.0 cmZ/sec x lo As a result of this difference in the

magnitudes of the diffusion coefficients, the diffusion of zinc across

CD becomes a predominant feature. Since alpha originally had only 30 w/o

zinc, it can accommodate 7 to 8 percent more zinc and still remain alpha

at room temperature. The line CD shifts to C'D' owing to this dif-

fusion of zinc into alpha. A similar but much less severe concentration

gradient also exists across AB. Above AB, the beta phase contains 49 w/o

zinc, and just below AB, the beta phase contains 40-45‘w/o zinc at the

temperatures concerned. Diffusion of zinc in this region will shift the

boundary AB to A'B' in the room-temperature microstructure.

The two-phase zone is originally an array of alpha-precipitate

plates in a finite beta matrix. The composition variations depend on

78 have con-the distribution of the alpha plates. Heckel and coworkers

sidered the process of homogeneization in such arrays. It involves the

movement of the phase interfaces and the diffusion in each of the two

phases. Arrays consisting of precipitates having planar, cylindrical,

and spherical geometries have been analyzed. The salient assumptions

in these analyses of precipitate arrays are that the precipitates have

equal radii (or thickness) and are uniformly spaced in the matrix. For

modeling purposes, the matrix is divided into identical symmetrical

cells, each having a precipitate particle at its center. Since the
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symmetry requires that the normal component of the solute gradient at

the cell walls be zero, it is further assumed that each particle is at

the center of the cell, which has a symmetry identical to that of the

particles and a volume equivalent to that of the cubic cell.

The arrays of Widmanstatten plates in the present case can be

approximated by a combination of a tapering cylinder and a planar inter-

face. The following analysis due to Heckel et al.78 cannot be applied

directly, but it does state the required equations for solving the

homogenization problem mathematically. The planar and cylindrical

geometries are shown in Figure 47, and the concentration-distance pro-

files at various stages of the homogenization are illustrated in Figure

48.

The time required for the homogenization process can be obtained by

solving the following equations:

(i) Fick's second law in both the alpha and beta phases,

ac _ l a "lac

" " 7557“" 53:)
x

where m = 0,1,2 for planar, cylindrical, and spherical geometries,

respectively, x is the distance parameter, and D is the coefficient

of diffusion, which is assumed to be independent of concentration;

(ii) the interface mass balance,

8

[C801 - CaB] -‘-§[-)-= Dag—Ex:;§+ - Deg-9);) .5- (8)

x:

2

where D“ and D8 are the diffusion coefficients of alpha and beta

phases respectively, C“ is the average composition of the alpha phase,
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Fig. 47. Geometric models showing symmetry elements for planar

and cylindrical interfaces (Heckel et al 8) . . . .
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Fig. 48. Schematic concentration-distance profiles illustrating

the stages of homogenization for a two-phase compo-

site. Initially, the alpha-beta interface may move

in either direction (cases 1 and 3) or remain sta-

tionary (case 2) depending on the relative yglues of

the fluxes J at the interface (Heckel et al ) . . .
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E is the size parameter of the precipitate, and CB“ and CO‘8 are the

upper and lower composition limits of the two-phase alpha-beta field.

With the continuous heat treatment, ac/ax decreases and thus

decreases ac/at. In the heat tretaments in this work, cooling to room

temperature follows every cycle of the heat treatment. Owing to the

cooling to room temperature, beta in the transition zone transforms to

alpha and beta, creating a new set of alpha-precipitate plates. This

transformation helps to reestablish the concentration gradients between

alpha and beta, and to increase the rate of diffusion on reheating the

specimen above the transformation temperature to form metastable beta in

the transition zone. The dependence of the diffusion coefficients on

the percentage of zinc present results in diffusion of zinc from regions

of high zinc concentration (beta in room-temperature structure) to those

of low zinc concentration (alpha in room-temperature structure). In

addition, the low-zinc regions act as channels for carrying the zinc far-

ther into the alpha single crystal. The microprobe analyses of indivi-

dual alpha plates show a drop in composition towards the alpha single

crystal, and thus confirm the above statements. The drop in composition

from 37% to 30% zinc was observed to occur over a distance of lOO

microns.

4.l.4 Study of Mechanisms

So far, the effects of heat treatments have been explained on the

basis of concentration variations on macroscopic and microsc0pic scales.

The effect of phase transfbrmation on diffusion has been briefly stated.

During the course of this work, many specimens were examined with

an optical microscope following heat-treating cycles. The morphological

features of the shrinking transition zone were photographed, in order to
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aid in understanding the roles of phase transformations and grain growth

due to the heat treatments employed. Mechanisms for the development of

various microstructures observed, and the effects of such mechanisms on

the overall processes, are described in this section. For convenience

the mechanisms are titled according to the microstructural observations.

4.1.4.1 Grain-Boundary Migration, Grain Growth, and Platelet Reorienta-

tion

The transition zone in the as-joined condition has several grains

of beta in contact with the single crystal of alpha as shown in Figure

18(a). At the heat-treating temperatures, the two-phase alpha-beta

transition zone transforms to a single phase beta. The grain boundaries

in beta migrate to low-energy positions, thus causing grain growth. The

repetition of this process during every heat-treating cycle causes only

one or two grains of beta to remain in contact with the alpha-brass

single crystal after prolonged heat treatment. If the heat-treatment

temperature is such that no phase transformation can take place, such

extensive grain growth of beta would not be possible. For, in the per-

sisting two-phase microstructure, alpha precipitates will be present

along the grain boundaries and inside the grains, hindering grain-

boundary migration by pinning and dragging the boundaries.

A secondary effect of the grain growth is observed in the platelet

reorientation. In the beta matrix there grow alpha Nidmanstatten plates

satisfying the following crystallographic orientation relationship:

{1111“ II {11018 <1i0>a || <in>B

As seen in Figure 18, the plates change their orientation in order to

conform with the crystallographic relationship in the growing grain.
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In some specimens, it was observed, however, that the platelet

growth is guided both by the crystallographic considerations and by the

variations in zinc concentration. This mechanism can be explained with

the help of Figure 19, and the mode of its occurrence can be visualized

by the schematic shown in Figure 49. Consider the grain boundary

between the grain A and B migrating to the right at high tempera-

tures. The new position acquired by the grain boundary is shown by the

dotted line in Figure 49b. When plates in the grain A try to grow in

the newly acquired region 'C', they will try to grow as guided by the

crystallographic relationships. Consider a plate originating at M.

This plate will follow the crystallographic rules up to the point 'N'.

At 'N' it meets a region where a portion of the plate RS existed in

the consumed portion of grain B. During the heat treatment -- even

though diffusion took place -- not all the concentration gradients were

wiped out. A region containing low zinc remained in the direction RS,

and the plate MN changed its direction to conform with this low-zinc

region. This plate cannot continue growing along RS, since the crys-

tallographic considerations tend to reorient it towards 0. A similar

process occurs at .0 and P. Thus the direction of a growing Widman-

statten plate seems to be governed both by crystallographic rules and

concentration variations.

4.1.4.2 Diffusion-Controlled Growth
 

The following description of the diffusion-controlled growth pro-

cess follows Christian79.

In any transformation involving long-range transport, the diffusion

equation
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Fig. 49. Schematic of the grain growth of beta in the transi-

tion zone and its effect on the Nidmanstatten-

platelet orientation................
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22_ = szc.
(9)

must be satisfied in all parts of the metastable phase under considera-

tion. Here the.concentration c is a function of position, and of

time t. The diffusion coefficient 0 can usually be assumed to be inde-

pendent of position, time, and concentration. Let the concentration of

the initial beta phase be CI“ and let this be the only phase present

at t = 0; then the initial condition is

C(x,0) = c'“ . (10)

Consider a reaction in which alpha precipitates of composition C“ form

from the beta phase. If the reaction rate is limited by diffusion, an

appropriate boundary condition fOr the diffusion equation is that

c = cB (11)

immediately adjacent to the interface where C8 does not differ appre-

ciably from the equilibrium beta concentration. Away from the interface,

the concentration changes to the average matrix composition. The other

extreme occurs when the concentration in the beta phase near and away

from the interface is almost uniform.

Consider now the growth of an isolated precipitate particle in an

infinite matrix. Let r be a coordinate normal to the growing inter-

face, whose position is specified by r = p. The boundary conditions

are then

cum) = c8 . c<~.t) = c'“ . (12)

The diffusion flux across a unit area at the boundary in time at is

D[ac/ar]r=p5t. If the interface advances a distance 6r during this
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time, the extra number of solute atoms in the volume or will be

(CB - C“)ar. Equating the two expressions gives

D[%% at = (CB-cam ; (13)

r=p

6r 2 ___D.___ .85.

It is convenient to express the concentration gradient in this expres-

sion as a ratio- Ac/yD, where AC = C8 - Cm is the difference in solute

0
concentration near to and remote from the interface, and y is the

effective diffusion distance.

Thus, the velocity of the interface, Y, is given by

-91- 2. ____ACv—dt-(DHB ) . (15)
y c--cm

For a planar boundary, yD must continually increase as the solute is

added to the region ahead of the interface, and the growth rate decreases.

A theory for edgewise growth of a plate without thickening, given

by Zener80 and extended by Hillert, is often known as the Zener-Hillertg]

model. If the radius of curvature at the tip of a growing plate or a

needle is constant, a linear growth rate will be obtained according to

equation (15). When the radius of curvature is small, however, the

change in the equilibrium concentration of solute at the interface due

to the Gibbs-Thomson effect becomes appreciable.

Consider the tip of a Widmanstatten plate characterized by a con-

stant radius of curvature r. This curvature causes a pressure differ—

ence between the growing phase and the matrix which changes the local

equilibrium concentration in the matrix phase according to
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B B a

Cr=m'cr=r] W ’ (‘6)

where Cg=m is the local equilibrium concentration for an infinite

radius of curvature, C5=r1 is the local equilibrium concentration cor-

responding to the radius r], o is the surface tension, and K 'is a

thermodynamic parameter of the order of unity. Zener assumed that curva-

ture of the growing interface changes the concentration difference

between the growing interface and a point in the bulk matrix from

05:” - Cm to (C:=m - Cm)[1 - rC/r], where rc is a critical radius

at which growth ceases. The equilibrium concentration of solute at the

interface is cm when r = rc. If the diffusion distance ahead of the

advancing front is proportional to the radius of curvature (yD = ar

where a = 1), then the lateral diffusion flux, J, per unit length of

plate becomes

2r-o<cB - cmm - ($29)]
J = ar . (17) 

This allows the new phase to form with a velocity Y such that

 

J - 2rv(cB-c°‘) ; (18)

8 I’ll r

v = Dig '2) [l - (7:9)] . (19)
(C - C )ar

82 found, however, that the needles of alphaRepas and Heheman

fOrmed in beta brass have lengthening rates up to about three orders of

magnitude higher than those calculated on this model. The higher dis-

crepancies were found at the lower reaction temperature.
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Aaronson et al.82 have provided an explanation for such higher

growth rates. The alpha precipitates may be viewed as cylinders with

hemiSpherical caps. The concentration of the beta matrix at the tip of

the Widmanstfitten plate and around the cylindrical surface will differ

from each other. Zinc will be able to diffuse along this concentration

gradient, through the alpha-beta boundary at the tip of the precipitate,

assumed to have a disordered structure, with a diffusivity DBa' It

has been proved by Aaronson et al.82 that this concept alone does not

explain the fast lengthening. Accordingly they propose that the dislo-

cation structure at the precipitate plate tip must probably be taken

into consideration.

Purdy83 has explained the high growth rates of the precipitates on

the basis of non-ideality of the solution. The equation for Y (Equa-

tion 19) previously derived is well suited to dilute solutions. He has

shown that for the rich solutions like alpha and beta brass, the diffu-

sion coefficient is not independent of concentration, but the critical

radius rc for a given supersaturation decreases. Both these effects

will increase the value of Y.

4.1.4.3 Dissolution of the Precipitate

Aaron and Kotler75 have extensively reviewed the dependence of the

dissolution on the prior growth process. This dependence is a conse-

quence of the fact that the concentration profile ahead of a growing

precipitate is a function of the diffusion path. A precipitate which

grew by volume diffusion of the solute directly to, or from the growing

precipitate, will generally dissolve faster than a precipitate which

grew by interfacial diffusion. Just like the growth problem, the dis-

solution is concerned with the solution of the diffusion equation 9.
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With the same symbols as in the previous section, a factor K is defined

as follows:

2(cB - CW)

(ca - Cm)

 

(20)

For small values of K, the analysis is based on the invariant-

size approximation, in which it is assumed that the interface is station-

ary. Although this assumption appears paradoxical, the solution is

obtained for the growth conditions easily. The solution is

- = «24:1 <2”
From this equation, it can be seen that for a smaller size of the

precipitate (i.e., for small r), the dissolution velocity increases.

The principles of growth and dissolution in the previous sections

apply for isothermal conditions. In the present work, the precipitation

of alpha plates occurred during continuous cooling to room temperature.

.515
From Flewitt and Towner time-temperature-transformation (TTT) dia-

grams, it can be concluded that no bainitic product forms during this

experiment. Conclusions of Aaron75’84 regarding the solution process

cannot be directly applied, since the exact growth process of the

Widmanstatten plates of alpha phase is a combination of both diffusion

and interface motion82. The only principle which will directly hold

true in the present case is the dependence of the dissolution rate on

the precipitate radius. The discussion below, therefore, does not

attempt to solve the evolution of morphologies quantitatively.

The progressive decrease in the size of the two-phase transition

zone occurred by two distinct modes. In the first, the alpha plates

dissolve and reprecipitate as split islands, as shown in Figure 17.
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In the second, the alpha plates become progressively thinner at the tip

and thicker at the base, as shown in Figure 18.

The first mode, namely, alpha plates splitting into islands, can be

explained with the help of the schematic diagram in Figure 50. A Widman-

statten plate can be visualized as a perturbation at the boundary CD.

During the annealing process, the precipitate plate dissolves in the sur-

rounding matrix. The rate of dissolution will be maximum at the tip,

since the small radius of curvature at the tip increases the rate of dif-

fusion of zinc. The scanning electron micrograph shown in Figure 20

shows the original sharp tip of a Widmanstatten plate. If Aaronson's82

mechanism of boundary ledge coupled with diffusion aids the tip advance

during growth, it should also aid the tip dissolution. At the end of

the annealing cycle, the original plate can be visualized as a perturba-

tion of much smaller amplitude. A region with low percentage of zinc

compared with that of the matrix will exist in front of this perturba-

tion. This region may exist as beta at the annealing temperature, but

may give rise to several alpha nuclei during cooling. Growth of alpha

around all these nuclei will increase the surface energy by increasing

the area of the alpha-beta phase boundaries. During cooling, therefore,

the initial perturbation dominates the nucleation and growth, and the

plate grows at a fast rate, raising the zinc concentration ahead of

itself. The length of the plate will depend on the ability of zinc to

diffuse away from the advancing tip. There are two effects opposing

such diffusion:

(1) Away from, CD (shown in Figure 50), inside the transition

zone, the average zinc concentration goes on increasing. Lines

parallel to CD can be regarded as isoconcentration lines.
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Fig. 50. Schematic of the process of alpha-island formation from

a Widmanstatten platelet. (a) Original Widmanstatten

platelet. (b) At high temperature, the plate exists

only as a small perturbation. (c) On cooling, the

plate can grow to a shorter length with islands

forming at the tip .................
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Assume that the plate grew to the line AB originally. The

effect of macroscale diffusion will be to move this line closer

to the alpha single crystal with every annealing cycle.

(2) Any nucleus of alpha growing in the region between the dotted

lines will give out the excess zinc. Such excessive zinc con-

centration will prevent the growth of the original plate.

The second mode, namely, plates thinning at the tip, can be attri-

buted to the effect (1) just mentioned. The widening of the plate bases

can be explained as follows. The spacing between the bases of alpha

plates depends on the thickness of the beta regions between them. Just

as the alpha plates have tips towards the beta, these beta regions have

tips towards the alpha single crystal. In other words, the transition

zone may be considered to be made up of interpenetrating plate-like

regions of alpha and beta. Owing to the sharp radius of curvature at

the tips of beta regions, zinc will diffuse into alpha at a faster rate.

As the beta regions are depleted of zinc, their size decreases, and the

size of the base of the alpha plates increases.

4.1.4.4 gechanism for the Growth of Two-Phase Bicrystals of Alpha-Beta

rass

Various mechanisms considered in the previous sections on an indi-

vidual basis are combined in this section to explain the process

involved in growing two-phase bicrystals of alpha-beta brass.

A two-phase transition region develops between the single-crystal

alpha and the polycrystalline beta during the Joining operation. This

development can be attributed to the extensive diffusion of zinc from

the beta phase into the alpha phase of nonequilibrium composition. The

two heat treatments narrow the two-phase region to yield a sharp
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boundary. The temperature for both the heat treatments was selected so

that the two-phase transition region transforms into a single-phase beta.

Under these conditions, zinc diffuses locally to minimize the concentra-

tion variations, and grain growth takes place. On cooling from this

temperature, alpha precipitates in the form of Widmanstatten plates.

Thus the basic mechanisms operating during the heat treatments are (a)

diffusion and (b) phase transformation. The heat treatments were chosen

specifically so that these two mechanisms would complement each other in

the two-phase region. Diffusion in regions away from the interface is

minimal.

In attempts to melt and solidify beta brass on the alpha-brass sub—

strates without the thin foil, wide transition regions developed. This

development is due to the presence of large concentration differences

between alpha brass containing 30 w/o zinc, and beta brass containing

49 w/o zinc. With the foil, which is of intermediate composition, the

massive diffusion between single-crystal alpha and beta is reduced

during the joining operation.

Both the concentration gradient and the temperature are known to

affect the diffusion phenomenaas. The entire specimen in the as-joined

condition has different concentrations of zinc along its length. In

both the heat treatments, definite temperature gradients are imposed on

the specimens. The macroscopic concentration and the temperature along

the length of the specimen are illustrated in Figure 46(a) and (b). The

diffusion coefficients of zinc at two different compositions and tempera-

tures, obtained from the published results"’12 , are included in Figure

46. The region ABCD in Figure 46(a) is the two-phase transition zone.

During soaking, the region between AB and CD transforms to beta.
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The conversion of the two-phase structure to beta may be considered to

occur without an incubation period, according to Aaron and Kotler's

work75.

In both heat treatments, the differences in the interdiffusion

fluxes become important. The diffusion coefficient of zinc in beta is

several orders of magnitude greater than in alpha. Hence the diffusion

of zinc across CD becomes a predominant feature. Since alpha origi-

nally had only 30 w/o zinc, it can accommodate a few percent more of

zinc and still remain alpha at room temperature. The line CD shifts

to C'D' owing to this diffusion of zinc into alpha. A similar but much

less severe concentration gradient also exists across AB. Above AB,

the beta phase contains 49 w/o zinc, and just below AB, the beta phase

contains 40-43 w/o zinc at the temperatures concerned. Diffusion of

zinc in this region will shift the boundary A8 to A'B' in the room-

temperature microstructure.

Another significant feature resulting from the heat treatment is

the grain growth of the beta phase. Most of the beta grains in the two-

phase zone immediately in contact with the alpha single crystal will

satisfy the following relationship74:

{lll}a ll {110}B <110>a 1| <i11>8

Since the heat treatments are carried out above 760°C, the alpha-

precipitate plates dissolve. The grain boundaries in this high-

temperature beta migrate, and grain growth takes place in beta, as seen

in Figure 18. As a result, only one or two grains of beta tend to be

connected to single-crystal alpha. 0n cooling from the heat-treatment

temperature, beta transforms back to alpha and beta phases. The plate
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morphology is, however, drastically different from the one in the as-

joined condition. The most important effect of lowering in the first

heat treatment is to cause the primary Widmanstatten alpha plates to

grow in continuation of single-crystal alpha. It must be emphasized

that the first heat treatment is not necessary when the as-joined

structure consists of the primary Widmanstatten plates. The second

heat treatment is more important in reducing the two-phase transition

zone. Extensive grain growth takes place in beta during cyclic local

annealing. As a result, usually one large grain of beta is in contact

with the transition zone, and most of the Widmanstatten plates in the

transition zone are parallel to each other. The plates display a

regularity in size and spacing, and a group morphology. Nearly all the

degenerate forms are eliminated. The plates now grow in such a way

that their tips define an approximately planar front.

During the cyclic local annealing, the Widmanstatten plates tend to

get thin near the tip and wide near the base, as seen in Figure 18.

This phenomenon can be explained on the basis that the diffusion takes

place on a microscopic scale. The phase transformation introduced by

heating and cooling promotes this diffusion by creating sharp concentra-

tion gradients when the whole transition zone is heated to the beta

region.

When the transition zone becomes beta on heating, inhomogeneities

in zinc concentration exist on the microscale as a result of the low-

temperature two-phase structure. Such inhomogeneities will promote the

diffusion of zinc from high-concentration to low-concentration regions,

which can proceed further into the alpha single-crystal regions. Since

the original alpha single crystal contained only 30 w/o zinc, it can
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accommodate a few percent of zinc and still remain as alpha. The beta

regions (as shown in Region X of Figure 18) near the alpha single crys-

tal separate out and ultimately dissolve in the alpha phase.

In the transition region near the beta part of the specimen, how-

ever, the zinc diffusion tends to change the two-phase structure into a

single-phase beta structure. As a result, the alpha plates formed

during cooling are thinner and ultimately break into islands as shown in

region Y of Figure 17(b) and (c). Repeated cyclic annealing converts

these islands into beta.

The phase transformations induced by heating and cooling are essen-

tial for making the diffusion process effective. During continuous heat

treatment above the transformation range, the variation in zinc concen-

tration present in the beta phase will promote zinc diffusion, but this

process will not be effective over long periods of time. A sharp gradi-

ent in zinc concentration exists on heating above the transformation

temperature, but it diffuses out fairly rapidly. As a result, the diffu-

sion process becomes extremely slow. 0n cooling the specimen, the alpha

and beta regions separate out with distinct zinc concentrations. 0n

reheating, the metastable beta phase formed will once again have sharp

concentration gradients.

Unless the alpha plates are connected to the alpha single crystal,

the reduction of the transition zone progresses extremely slowly. In

specimens which contained a continuous beta layer between the alpha

plates and the alpha single crystal, it became impossible to eliminate

the transition zone even after 100 hours of cyclic annealing. Zinc

that is diffused into alpha in the transition region is carried further

into the single-crystal alpha regions. When such a process is blocked,
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further reduction of the transition zone thickness by cyclic local

annealing becomes extremely slow.

4.2 Deformation of Alpha-Beta Brass Duplex Crystals

4.2.1 General Comments
 

At low stress levels, all the three regions, namely, alpha, alpha-

beta, and beta of the duplex-crystal specimen behave elastically. The

deformation of alpha-brass single crystals in the neighborhood of the

duplex region is restricted owing to the higher strength of the duplex

region as compared with that of the alpha single crystal. As a result

of this, slip in alpha always starts at a point away from the duplex

region. As long as slip does not reach the duplex region, that region

and beta act as a grip in the tensile tests for practical purposes.

When slip in the alpha finally reaches the duplex region, it is accom-

modated in the alpha segments, since the alpha segments are in continua-

tion with the alpha single crystal.

The alpha-beta phase boundary acts as a barrier for the propagation

of slip in the early stages. Dislocation pile-ups have been commonly

observed in alpha brass47’54’86. These pile-ups are expected to be

’present in the alpha segments as a result of the resistance caused by

the phase boundary. Stresses due to the pile-ups in alpha can be

relieved by cross-slip in alpha, initiation of slip in beta, or both.

The model required for analyzing the interactions at the phase boundary

is discussed in section 4.2.3.

Beta brass is a B-2 type superlattice. The generation and motion

of dislocations of type %-a<111> will create a trail of anti-phase

boundaries behind them. Hence either superlattice dislocations of

a<lll> type or coupled pairs of %-a<lll> type must be activated6].
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4.2.2 Crystallographic Considerations
 

The duplex-crystal region consists of alpha segments connected with

the single crystal of alpha brass, and the beta segments connected with

the beta grain in its immediate neighborhood. As discussed previously

in the sections on the growth of duplex crystals and two-phase bicrys-

tals, the alpha segments are in the form of Widmanstatten precipitates

of alpha in the matrix of beta brass. These are known to satisfy the

following Kurdjmov-Sachs orientation relationship:

{lll}a || {110}B <110> || <in>B

It has been found, moveover, that this relationship holds between

alpha and beta in the copper-zinc system regardless of whether the new

phase is formed by diffusion87
88

reaction74. Hsun and Smith89

, by precipitation , or by peritectic

have observed the same relationship in

their study of low-energy interfaces during the grain growth of alpha-

beta brass.

In particular, the crystallographic relationship just given shows

that the close-packed planes in alpha and beta segments of the duplex

crystal are parallel; the close-packed directions in both these phases

are also parallel. For alpha and beta phases, these are also the primary

slip planes and slip directions, respectively. Hence for a slip plane

in alpha that meets the phase boundary, there is a corresponding slip

plane on the beta side. As a result of this, the phase boundary cannot

act as an effective barrier. This point is further illustrated by

Figure 51. In part (a) of this figure, the slip planes in grains A

and B are exactly coincident and parallel. In (b), they coincide only

and are not parallel, whereas in (c) there is no coincidence between the
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Fig. 51. Meeting of slip planes at a grain boundary in a bicrys-

tal: (a) Slip planes coincident and parallel, (b)

Slip planes coincident only, (c) Slip planes neither

coincident nor parallel. The cross-hatched region

represents the boundary. (0. McLean90) .......
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slip planes. McLean90 has pointed out that the effectiveness of a boun—

dary as a barrier arises from the fact that the slip planes do not con-

tinue from one grain to another. As shown in (b) and (c) of Figure 51,

the dislocations moving on a slip plane in grain A have to cross-slip

onto the planes when they coincide, or zig—zag frequently when they do

not. In case (a), however, there is no effective hindrance at the

boundary. Effects of differences of shear moduli of alpha and beta

phases in the present work and the difference in their Burgers vector

are considered later.

During the course of this work, slip was observed to continue from

segments of alpha to those of beta. In the polycrystalline two—phase

materials, similar observations on the continuation of slip from one

phase to another have been made by Honeycombe and Boas34 for polycrys-

talline alpha-beta brass. Greenfield and Margoling] have studied the

formation and growth of voids in a two-phase alpha-beta titanium alloy.

Microstructures were classified as (1) those containing equiaxed alpha

precipitates, and (ii) those containing Widmanstatten and grain-boundary

alpha precipitates. Void nucleation was observed at all kinds of phase

boundaries except where the alpha and beta were at Widmanstatten orien-

tation. For such a structure, slip was observed to continue from alpha

to beta phase.

A model based on dislocation pile-ups is not directly applicable

because of the blunting of the pile-ups caused by the cross-slip and

secondary Slip in the alpha phase. The model adopted here is similar

to that for explaining the continuation of yield across the grain

boundary in a polycrystalline material. 0n deforming a polycrystal, a

favorably-oriented grain deforms first by the occurrence of,slip. The
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slip band in this grain impinges on the grain boundary. Consider a

grain A with a slip band in it and a region of dimensions 'r' in a

neighboring grain, as shown in Figure 52. Following Johnston and

Feltner92 , the effect of the slip band produced in grain A can be

explained in dynamical terms. Let pA be the density of mobile dislo-

cations in the band, VA be their average velocity determined by the

resolved shear stress, 5 the Burgers vector, and 2A the average

mean free path. Then the rate of diSplacement imposed on the grain

boundary by the formation of the slip band in A is given by

D = pA b vA 2A . (22)

The total plastic relaxation rate R in the region bounded by r

is then given by the sum of the individual rates on each of the slip sys-

tems required to satisfy the local strain compatibility requirements,

{2 = (rhinmpBbv

5

B j = 1,2,3 , (23)

where pB is the density of mobile dislocations in grain B, b is the

Burgers vector, VB is their average velocity, and M is a dislocation

multiplication factor. Subscripts 1,2,3 refer to the individual opera-

tive slip systems, and m is the average orientation factor, which

increases with plastic anisotropy. The ability of the grain boundary

to act as an effective barrier depends on the relative values of D and

R. The difference between the rate of displacement imposed and the rate

of relaxation causes an additional stress At to act on the region

bounded by r. If R continuously increases with 0, no additional

stress is imposed on this region and as a result the grain boundary will

not be an effective barrier.
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Fig. 52. Stress concentration near a grain boundary during

deformation. Slip band in grain A imposes a shear

displacement upon a region of dimension r in grain B.

 

 



 

FIG 52
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For a given applied strain and displacement rate 0, the rate of

relaxation increases for (a) a smaller value of a, (b) a higher rate

of dislocation multiplication by cross slip, and (c) the ability to

deform on two or more systems.

The average orientation factor a needs further explanation. For

a single crystal under an applied tensile stress a, the shear stress

I on the most favorably oriented slip system is given by

'r = C/ITl , (24)

where a is the average orientation factor. In the literature, the

reciprocal of a has been called the 'Schmidt factor,‘ designated by m.

Then the equation for r is

T = am (25)

The Schmidt factor m can take a maximum value of 0.5, corresponding to

an average orientation factor a of minimum value of 2.0.

For the case of duplex crystals of alpha-beta brass, slip originally

occurs only in the alpha segments. The dislocations active in these seg-

ments impose a rate of displacement on the phase boundaries. The rate

of shear displacement 0 due to the single slip in alpha may be writ—

ten as

1.) = p b T! 9. s (26)

where pa, b, and Va are respectively the density, the Burgers vec-

tor, and the velocity of the mobile dislocations in the alpha phase.

The subscript '1' refers to the initially active slip system, and '2'

represents the width of the alpha segments. As observed in Figures 32.

and 33, at every phase boundary between alpha and beta segments, cross-

slip first occurs in alpha and then slip continues in the beta segments.
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Slipping in both segments helps to relax the rate of shear displacement

imposed on the boundary.

Equation 23, for the rate of relaxation in single-phase polycrys-

talline materials as given by Johnston and Feltner, can be modified for

the present case. The main consideration is the cross-slip in alpha

segments and the different Burgers vector for the beta phase. The rate

of relaxation in the alpha phase itself can be written as

11=£p bv.£ , (27)

where the subscript i = 2,3 refers to the other slip planes that have

become active in the alpha region near the boundary. With increasing

strain, slip in beta is activated, since the rate of deformation can no

longer be balanced by the relaxation rate in the alpha near the phase

boundary. The equation for the total relaxation rate becomes

2, ,..

1

3 .

,2,3.. (28)
R = 2 p b v z + 2 M p b v , 1

. - j Bj 8 SJ Ja :
2

3
1
h

In the equation above, r represents the width of the beta segment, and

a is the average orientation factor dependent on the orientation rela-

tionship between alpha and beta; DB.’ b8 and vsj are the density,

Burgers vector, and the velocity of the mobile dislocations in the beta

phase, respectively.

The equation above only qualitatively explains the interaction of

dislocations at the alpha-beta phase boundaries in duplex crystals. In

view of the uncertainties arising in the measurement of dislocation den-

sities and velocities, no attempt was made to measure these parameters

during the course of this work.



123

4.3 Deformation Behavior of Two-Phase Bicrystals

4.3.1 General Comments
 

The deformation of the two-phase bicrystals can be discussed on the

basis of the slip-line arrangement and the corresponding behavior of dis-

locations on the slip planes.

As shown in Section 3.3, three important features preVail during the

deformation of these specimens.

(1)

(2)

(3)

As shown in Figure 37, the slip lines approaching the phase

boundary decrease in their intensity and depth. This observa-

tion is explained on the basis of the resistance caused by the

phase boundary in Section 4.3.2.

On further deformation, the slip was observed to take place on

slip systems other than the primary, as illustrated in Figures

38 and 39. The reason for this cross-slip and secondary slip,

and their effect on the dislocations moving in the primary slip

planes, are discussed in Section 4.3.3.

The slip in alpha could continue on the parallel slip planes

in beta, as shown in Figures 39 to 42. This feature depends

on the relative crystallographic orientation of the alpha and

beta phases present in the specimens. For specimens T1, T3

and T5, slip was observed to continue into beta. When the

orientation relationship is such that the slip planes and slip

directions are not parallel to each other, viz. in specimens

T and T4, heavy slip was observed to take place at a stress
2

lower than the yield stress of the multicrystal. The explana-

tion for the initiation of slip in beta is provided in Section

4.3.4.
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4.3.2 Resistance Caused by the Phase Boundary

Slip lines present in the alpha were seen to decrease in their

depth and intensity as they approach the phase boundary, as illustrated

in Figure 37. This decrease is due to the resistance for deformation

caused by the boundary. The motion of the dislocation is influenced by

changes in the shear moduli of the phases present in the specimen. A

dislocation near a phase boundary has its strain field extending into

both the phases. The strain energy in the phase with a higher shear

modulus is larger per unit displacement than in the phase with a lower

shear modulus. Hence, a dislocation in a medium with a lower value of

shear modulus is repelled in order to reduce the energy of the system.

If an edge dislocation in a medium of shear modulus u] is at a

distance r from a region where the modulus abruptly becomes “2 across

a phase boundary, the dislocation experiences a repulsive stress 1”

given as

= u](u2 - u11510 9 b]

u 4n{1 - v])(u] + Hz)?

 

(29)'l'

where v] is Poisson's ratio of medium 1, and 8 is the angle that

the Burgers vector makes with the phase boundary. With the values of

12 12 2
u] = "a = 0.72 x 10 , "2 = ”B = 0.822 x 10 dynes/cm , v] = 0.33,

and r = (10b), the repulsive stress is

pa sin 8

Tu 2 "'T000"'

For a screw dislocation, this stress will be of the order of

(pa sin 8)/l400. Since this stress is inversely proportional to the dis-

tance from the boundary, it will increase rapidly as the dislocation

approaches the phase boundary.
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As a result of the repulsive stresses, secondary slip and cross-

slip are promoted and this provides more forest-type barriers for the

motion of dislocations present in the primary-slip system.

A change of crystallographic orientation across a grain boundary in

single-phase materials causes the resolved shear stresses (or Schmid fac-

tors) to differ for the slip systems most favored for the given applied

stress in the two neighboring crystals.

Although the resolved shear stress may exceed the critical value

for yielding in one grain, it may not cause plastic deformation in an

adjacent grain, because of its lower Schmid factor. This phenomenon

causes a constraint for deformation at the boundary. In addition, in the

case of two-phase bicrystals, the critical resolved shear stresses of the

individual phases will be different. When the Schmid factors in the two

phases are equal (i.e., the active slip-planes in two-phases are parallel

to each other and the active slip directions in these planes are parallel

to each other), the constraint for deformation is caused by the difference

in the critical resolved shear stresses.

The difference of Burgers vectors of slip dislocations present on

both sides of the boundary causes further resistance through the 'micro-

incompatibility.‘ If a set of dislocations in alpha is assumed to cross

the boundary and enter beta where it will have a different Burgers vec-

tor, a grain boundary dislocation has to be left behind for each pene-

trating dislocation.

In the case of the two-phase bicrystals of alpha-beta brass, the

lattice parameter changes from 3.6792Ao for face-centered cubic brass to

2.949Ao for the ordered beta brass. The corresponding Burgers vectors

are along [110] and [111] in alpha and beta respectively. The magnitude
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of the Burgers vector bu = (a/2)[110] in alpha is 2.6A°. Since beta

is a superlattice, the dislocations move as pairs of dislocations with

Burgers vector 68 = (a/2)[lll]. The magnitude of the Burgers vector

for these pairs is 5.10A°.

Across a phase boundary between alpha and beta, the Burgers vector

thus changes from ba to b8. Hence there is a reduction of (bu - 58)

as the dislocation in alpha crosses into beta. An interface dislocation

of this slip vector A5 is then retained at the boundary. If an inter-

face dislocation is present at the phase boundary, it causes a repulsive

stress Tb on the dislocation approaching from the alpha side. This

stress is given by

Ab

Tb ‘ 2n(:a- v11r
 

(30)

for an edge dislocation, where pa is the shear modulus of alpha, v]

is the Poisson's ratio, and r is the distance of the approaching dislo-

cation from the phase boundary.

For the values of bu and b given above, when an edge disloca-
8

tion in alpha is at a distance r = 10(5) from the phase boundary, it

experiences a repulsive stress of ” ua/1700. For a screw dislocation,

this stress is ” “a/ZSOO‘

All these repulsive stresses make slip in the primary slip plane

difficult and cause secondary slip and cross-slip at and near the boun-

dary. Creation of such barriers and their effect is detailed further

in the fbllowing section.
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4.3.3 Dislocation Pile-ups

93

 

Hall originally proposed a mechanism for yielding in polycrystal-

line materials with the aid of a model of pile-up against the grain boun-

daries. The external stress and the stress from dislocation pile-up can

provide the stress required to initiate yielding across the boundary.

Petch94 proposed that this stress concentration is at the boundary

region, which can activate grain-boundary dislocation source521. 0n the

other hand, Cottrell95 suggested that the stress concentration at the

boundary unpins a source near the grain boundary in the neighboring grain.

The large stress concentration created at the head of such a pile-up

can be obtained by the principle of virtual work45. Consider a set of n

dislocations in a given slip plane, where each of the dislocations is

subjected to an applied stress Ta and is moving along a slip plane.

If the leading dislocation encounters some obstruction in its path, a

dislocation pile-up can be created. Owing to increase in stress, if the

leading dislocation moves further by a distance d, each of the n dis-

locations in the pile-up will move by the same distance, and the work

done by the external stress will be nbrad. The work done by the leading

dislocation against the internal stress 1] due to the presence of the

obstruction is rlbd. At equilibrium, therefore,

bd

., 1] = nra . (32)

The number'of dislocations 'n' that can be piled up in a length

L of the slip plane isg6

n = EETLTa , (33)
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where K = (1-v) for an edge dislocation and unity for a screw disloca-

tion, u is the shear modulus, Ta is the resolved shear stress on the

slip plane due to the applied stress, and b is the magnitude of the

Burgers vector of the dislocation. The distance between the leading

dislocation and its nearest neighbor is

ub

ZnnKta

 

x1 = (1.84) (34)

The stresses in the neighborhood of the leading dislocation are as

followng:

(a) Near the leading dislocation, for distances r<<x], the piled-up

group exerts a shear stress in its glide plane given by

T] 3 n Ta . (35)

(b) At large distance, r = L, the piled-up group exerts the same

stress as a single dislocation of Burgers vector nb located at its

center of gravity; this stress is

T = (L ) T (36)
3 27' a °

(c) At intermediate distance (x1/lS<<r<<L) the stress is

.2 = [1 + (131013 . (37)

Chou97 considered linear dislocation arrays in materials composed

of soft and hard phases. He showed that for the same applied stress and

the span of distribution, the number of dislocations in a piled-up array

is less for a material containing hard particles than for the pure matrix

material. The number of dislocations n in a length L is given by

n = 2LTaK/ub (38)
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where K = (1-v) for an edge dislocation and unity for a screw disloca-

tion, u is the shear modulus, Ta is the applied shear stress on the

slip plane, and b is the magnitude of the Burgers vector of the dis-

location. The stress at the head of an array of n dislocations piled

up at a phase boundary is nra, the same as in the case of a homogeneous

material. .

In the present case, as the applied stress increases, slip starts

approaching the phase boundary. The dislocations experience repulsive

forces attributable to the presence of (i) another phase across the

boundary and (ii) barriers on the primary slip planes. Small pile-ups

from these two barriers cause enough stress concentration for secondary

slip to begin at the head of these pile-ups. Such secondary slip

relieves the stress concentration by the pile-ups. 0n the other hand,

45 barriers.secondary and cross-slip builds up a set of Lomer-Cottrell

Further pile-ups are necessary to overcome these.

Consider dislocations moving on a slip plane at 45° to the alpha-

beta phase boundary. From equation 29, the repulsive stress at a dis-

tance r = 10(b) stemming from the difference in the shear moduli is

given by

“a Sin 0 - ' “a - 2

Tu ‘ "T—ioo “ mm " 5-55k9/"m

2 whenThis stress will rapidly rise, however, to as much as 35 kg/mm

the dislocations move closer to the boundary. To overcome this repul-

sive stress, about 10-15 dislocations are required to pile up at an

applied stress level of 1.4-1.6 kg/mmz. The stress concentration imme-

diately ahead of the pile-ups will be such that the slip can initiate

in the secondary systems and in the cross-slip systems. This can explain

the observed cross-slip in alpha before slip reached the phase boundary.
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Such an initiation of secondary slip systems and cross-slip systems

will cause the Lomer-Cottrell locks to form as mentioned earlier. Fur-

ther pile-ups are essential to break these barriers.

4.3.4 Slip in Beta

One or more of the following three processes, in general, can be

considered to be acting when a beta grain immediately in contact with

the boundary starts deforming plastically.

(l) Dislocations in alpha continue into beta on a slip plane which

is parallel to the active slip plane in alpha.

(2) Dislocation sources at the phase boundary are activated.

(3) Dislocation sources within the beta grain are activated.

Nabarroas’98 has pointed out that a dislocation would not pass from

one grain to another when the slip directions in the two grains are dif—

ferent. If it were to continue in the next grain without changing its

Burgers vector b, the dislocation would be trailed behind by a fault

in which the atoms are badly distorted. This requires a stress 1 = e/b,

where e is the energy of a large-angle boundary, and therefore 1 is

of the order of the theoretical shear strength of the material. 0f the

specimens tested, in only two specimens, T2 and T4, the slip systems

in alpha were not parallel to those in beta, and as a result Nabarro's

analysis cannot be applied.

In specimens T1, 'T3, and T5 the slip systems in alpha and beta

are parallel. In spite of such a paralleleity, the movement of disloca-

tions through the boundary will be difficult. A single dislocation

crossing the phase boundary will leave in its wake a residual disloca-

tion of Burgers vector Ab, and this will cause a repulsive stress of

the order of ua/llOO as explained before. If 100 dislocations in alpha
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were to cross the phase boundary, the stress that must be overcome by

the following dislocations will be of the order of the theoretical shear

strength.

If a piled-up group of 15 dislocations is considered at a phase

boundary, the resolved shear stress of 2.5 kg/mm2 will cause a stress of

37.5 kg/mm2 immediately ahead of the pile-up. This stress is at least

two orders of magnitude lower than the theoretical shear strength.

Hence, crossing the boundary by the dislocation cannot be a process which

will cause slip in beta.

The two other possibilities open are (i) activation of sources at

the boundary and (ii) activation of sources within the beta grain. The

possible Burgers vectors of the phase-boundary dislocations are not

clearly understood at present. In the case of coherent boundaries that

exist between the Widmanstatten alpha precipitates and the beta matrix,

in a copper-37.8% zinc alloy, Hawbolt99 found that a dislocation-type

structure appears at the cylindrical face of the needles. He could not

identify the Burgers vectors and attributed it to the large elastic aniso-

tropy in beta brass. Kinsman and Aaronson100 have provided another expla-

nation. The habit planes of the alpha precipitates in beta are typically

irrational, having large indigits of Miller indices.

As shown in Figure 53, reasonably good fit over about 25% of the

area of the interface can be obtained through enlarging the proportion

of the total interfacial area occupied by small local areas of good fit.

These areas are produced by {111} alpha parallel to {110}B planes by

introducing monatomic steps in the interface at the apprOpriate posi-

tions. The resulting plane of irrational indices thus contains, as a

reasonable fraction of its area, regions which are of good atomic fit.
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Fig. 53. (a) Superimposed plot of the atomic configuration of

the {111} fcc and {110} bcc planes.

(b) Corresponding superlattice of 'good fit' as in

(a). The dashed lines show similar regions in

adjacent atomic planes (K. R. Kinsman and H. I.

Aaronson ) ...................
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Accumulated bands of bad fit remain, however, in a direction normal to

the broad faces of the steps which can be described as dislocations.

Since these dislocations lie at interface planes of irrational indices

separating two lattices of different symmetry, their strain field will

be different from that observed in the interior of either crystal. The

dislocations, therefore, either have markedly changed character at the

interphase boundary, or else they have Burgers vectors unique to the

boundary. They are called "interphase-boundary dislocations."

When the sources within beta grains are initiated, the disloca-

tions produced from the source must be either perfect dislocations of

Burgers vector a[lll] or coupled pairs of dislocations of Burgers vec-

tor a/2[lll]. This condition is necessary to maintain the ordered

structure in the wake of the moving dislocations.

The effect of the stress concentration from the pile-up of the

slip dislocations in the neighboring grain depends on the relative orien-

tation of the grains. The following analysis of the effect of relative

crystallographic orientation is based on the work of Chyung and Wei101.

Let [a] be the unit vector normal of the slip plane and [£1 the

unit vector in the slip direction. If is the applied shear1".

n s
l 1

stress on the slip system (fil,§]) of alpha, the resolved shear stress

on system (fi2,§2) in beta is

[alla22 * 312a21JTnls]

where

a]] = cos( )[§1] and [§2])

a22 = cos( )[61] and [62])

a12 = cos( )[fi1] and [52])

a2] = cos( )[fiz] and [§1])
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The geometry is shown in Figure 54. The total shear stress acting on the

system [n2,§2] in beta is

Ttotal = Tn252 + "[alla22 + a123211Tn151 ’ (39)

where Tn s is the applied resolved shear stress on [fiz,§2] system in

2 2

beta, and M is the stress-concentration factor resulting from the

piled-up group of dislocations in alpha.

When the orientation relationship is such that the slip planes and

the slip directions in alpha are parallel to those in beta,

In this situation the total shear stress acting on the system

[n2,sz] in beta is

TTotal = Tnlsll:1 + M] ' (40)

Consider the case of specimen T] when it shows slip in the beta

grain at a resolved shear stress of 2.4 kg/mmz. If the distance between

the tip of the pile-up and the source within beta is assumed to be of the

order of L, the length of the pile-up, then by equation 36, the stress—

concentration factor M is 1/2. Therefore,

3 2
—-r = 3.6 kg/mm ”
2 n151TTotal

Although the specimens tested in this work had single-crystal

regions of beta in contact with the alpha single crystal, their yield was

restricted by the grain boundaries of other beta grains above. The yield

strength of a coarse-grained beta specimen used in this work was found to

be 7-8 kg/mmz. If there exists a most favorably oriented slip system for
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Fig. 54. Schematic of the two-phase bicrystal with a slip system

[n151] in alpha and ["252] in beta phases......
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which the maximum Schmidt factor will be 1/2, the resolved shear stress

is 3.5-6 kg/mmz.

As can be seen by the example above, the yielding in beta is

observed at a lower resolved shear stress of 2.4 kg/mmz. This may be

attributed to the stress concentration caused by the piled-up disloca-

tions. Thus the piled-up group of dislocations in alpha helps the beta

to yield.

In conclusion, the deformation of the two-phase bicrystals of alpha-

beta brass results from the repulsive stress imposed by the phase boun-

dary on the oncoming dislocations, and the overcoming of this repulsive

stress by the pile-up of dislocations. The stress concentration from

the pile-up helps the initiation of slip inside beta.

4.4 Duplex Crystals and Two-Phase Bicrystals: A Comparison

Duplex-crystal specimens had the segments of alpha and beta phases

oriented in such a way that the relationships

{1111“ || {110}B and <110>a || <in>B

were always satisfied. In the case of two-phase bicrystals, the growth

process consisted of eliminating the transition zone; and, during this

growth process, a sharp two-phase boundary resulted. It can be expected

that the phase boundary will occupy the low-energy position. For the

alpha-beta phase boundary, the orientation relationship mentioned above

gives a lowest-energy configuration. However, only in three bicrystal

specimens, T1, T3, and T5, was this orientation relationship observed.

Whenever the crystallographic relationship stated above is satisfied,

the slip planes and slip directions in alpha and beta are parallel to

each other. Hence slip initiation inside beta is easy. Slip was always
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observed on the corresponding slip planes in beta in the case of duplex

crystals. In the case of two-phase bicrystals, slip was seen to take

and T .
3 5

In both kinds of specimens, a phase boundary initially acts as a

place in beta only for the three specimens T], T

barrier to slip. This resistance is experienced on a very large scale

in the two-phase bicrystals. When the stress was high enough to cross

the barriers imposed, slip in beta segments in the duplex crystals

occurred on fine scale. The slip in beta in two-phase bicrystals was

seen as fine slip lines or as a general rumpled surface. Many times a

depression was observed inside beta where several slip lines in alpha

met the phase boundary. This phenomenon may be due to the microincom-

patibility effects stemming from the difference in Burgers vectors.

These depressed areas in beta are expected to have a high density of

dislocationszo.

When the crystallographic orientation relationship was not satis-

fied, as in the case of the specimens T2 and T4, no slip could be

observed in beta regions near the phase boundary up to high stresses.

However, beta regions ultimately deformed and showed slip markings.

No void formation was observed at the phase boundary in any of

the specimens tested.



V. CONCLUSIONS

Two-phase bicrystals of alpha-beta brass can be prepared by melting

beta brass over substrates of single crystals of alpha brass. The

two-phase transition zone produced in such a joining process can be

eliminated by scheduling special heat treatments. Cyclic local

annealing is very effective in transforming the two-phase transition

zone into a sharp phase boundary.

The phenomena of diffusion, phase transformations, and grain growth

play major roles in such a growth process.

In the initial stages of deformation, the alpha-beta phase boundary

poses a barrier to slip propagation. This can be partly attributed

to the image stresses and to the difference in shear moduli and Bur-

gers vectors of the phases present on either side of the phase boun-

dary. The dislocations present at the boundary, however, are the

most effective barriers for slip propagation.

At high stress levels the effectiveness of this boundary as a bar-

rier for slip propagation depends on the relative crystallographic

orientation of the two phases.

In duplex crystals and in bicrystals having the slip planes and the

slip directions parallel in alpha and beta phases, slip cannot be

effectively stopped from crossing the boundary.

In bicrystals that did not have specific orientation relationship

between alpha and beta phases, slip propagation across the boundary

138



139

is more difficult. However, even in such cases. slip is initiated

ultimately in beta.

Irrespective of whether crystallographic relations are satisfied or

not, void formation is not necessary at these phase boundaries during

plastic deformation of alpha-beta brass.

Slip cannot continue in the beta grains immediately in contact with

the single-crystal alpha by dislocations merely crossing the phase

boundary. Slip initiation in beta was proposed to be caused by the

activation of dislocation sources present at the phase boundary

and/or within the beta grains.
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