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ABSTRACT 
 

ATOMIC SIMULATION ON CHEMICAL-MECHANICAL COUPLED DEFORMATIONS IN 
COMPLEX NANO STRUCTURES 

 
By 

 
Jialin Liu 

 
Nano-structured materials often exhibit very different mechanical properties comparing with their 

bulk counterpart and are more sensitive and active to chemical interactions with the environments 

due to the large surface-to-volume ratio. In this thesis, predictive modeling techniques including 

density functional theory (DFT) and reactive molecular dynamics method (MD) are designed and 

applied to understand the deformation mechanisms of complex nano-structured material and 

describe chemical-mechanical coupled interactions. Three technologically important materials are 

investigated, to understanding the high strain rate toughening mechanism in nacre, predicting the 

formation and fracture of aluminum oxide bifilms in aluminum castings, and revealing the lithium 

growth morphology as a function of oxygen partial pressure.  

For nacre, its hierarchical structure and toughening mechanisms have inspired many materials 

developments. Recently, a new toughening mechanism, deformation twins was observed in nacre 

after dynamic loading (103 s-1). The deformation twinning tendency and the competition between 

fracture and deformation twinning were revealed by DFT calculations. We discovered that the 

ratio of the unstable and the stable stacking fault energy in aragonite is hitherto the highest in a 

broad range of metallic and oxide materials and the bonding nature for this high ratio is explained. 

Both aluminum and lithium have high oxygen affinity. Their interaction with the oxygen 

environment affects the mechanical properties and vice versa. During casting of aluminum, it has 

long been proposed that the entrapped alumina “bifilms” are detrimental to the fatigue properties 



  

of the cast product. However, its properties have never been measured due to experimental 

limitations. Therefore, a ReaxFF based MD protocol was designed to simulate aging, folding, and 

fracture of oxide bifilms. The predicted fracture energy, fracture location, and differences between 

old and young oxides are explained a series of experimental observations. To illustrate the Li-

growth mechanism in a solid-state-battery testing platform, we modeled the morphology of Li 

nano-structure growth in oxygen environment via ReaxFF-based MD. The simulation revealed 

that the competition of the Li growth rate and oxidation rate leads to the sphere-nanowire-sphere 

morphology transition with increasing oxygen partial pressure. Understanding the impact of 

chemical reaction on Li dendrite growth mechanisms and morphology evolution provided insights 

on the formation of the solid electrolyte interface (SEI) layer in a Li-ion battery. 

Finally, a shortcoming of the current charge transfer scheme (qEq) used in the ReaxFF MD 

simulation is discussed. It is demonstrated that qEq method will lead to overductile ionic materials 

in the MD simulation. A new Force field method and new parameters are proposed to mitigate this 

problem.   
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CHAPTER 1. Background 

Materials with a feature length below 100 nm are classified as nano-structured materials [1]. Due 

to the large surface-to-volume ratio at the nanoscale and the high content of surfaces and interfaces, 

nano-structured materials exhibit unique mechanical properties that are very different from those 

with features sizes well above 100 nm. These properties include high fracture strength [2,3], 

modulus [4], and toughness [5,6].  For example, a Si nanowire with a diameter around 20 nm is a 

1D nano-structured material widely used in electronic and thermoelectric devices [7,8] with high 

strength. The ultrathin 2D materials, such as graphene[9,10], MoS2[11,12], h-BN [13,14], 

MXene[15] etc, provide flexibility, strength, and possibly enticing electronic properties for 

innovative applications, such as spintronics and quantum information processing [16–18]. 

Materials found in nature often have hieratical structures based on nano-size building blocks. For 

example, the building block in nacre is an aragonite grain with a diameter of 20 – 45 nm surrounded 

by biopolymers such as chitin [19]. The ingenious structure of nacre is responsible for its high 

fracture toughness. A polycrystalline metal with a crystallite size less than 100 nm can be 

considered 3D nanostructured materials. They fill the gap between amorphous materials without 

any long-range order and conventional coarse-grained materials. The behavior of defects and 

mechanisms of plastic deformation in nanocrystalline metals and conventional polycrystalline 

metals are rather different. These unique mechanical properties of nano-structured materials have 

attracted much research interest because nano-structured materials can be used as building blocks 

of electronic, optical and nanoelectromechanical devices [20–27]. This new research calls for 

breakthroughs in novel deformation mechanisms that lead to high-performance materials.  
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1.1. Complex deformation mechanisms in nano-structured materials 

From the long history of metal processing, metallurgists have always been aware that reducing the 

grain size can significantly increase the mechanical performance of a metal such as hardness, 

toughness, and strength [28,29]. With the development of nanotechnology, many nanoscale 

materials exhibit dramatically different deformation behavior than their bulk counterparts. This 

phenomenon is often quantified by Hall-Petch relation [30–33]. For example, when the grain size 

of Cu drops from 20�� to 22 nm, its yield strength increases from 290 MPa to 480 MPa [34]. This 

can be captured by Equation 1.1: 

�� = �� + ��
��� 

Equation 1.1 

where �� is the yield stress, �� is the frictional stress, �� is a positive constant and 
 is the grain 

size. The reason for the Hall-Petch relation is that a smaller grain size imposes a higher 

confinement effect on dislocation nucleation and movement, leading to harder and stronger nano-

structured materials. However, when the grain size is smaller than a critical length (e.g. ~15 nm 

for Cu [34]), this mechanism breaks down and results into an inverse Hall-Petch relation. The 

nano-structured materials can become softer with decreasing grain size [31,35–37]. This is because 

when grains are too small, it is difficult to nucleate a dislocation. Due to the large grain-boundary-

to-volume ratio in nanocrystalline metals, grain boundary diffusion and movement (including 

grain boundary sliding and grain boundary rotation) become the dominating deformation 

mechanism over dislocation interactions [38–41]. This deformation mechanism transition can also 

be triggered by the strain rate. For example, with nanoscale grain size, at appropriate high 
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temperature and slow strain rate, some aluminum and titanium alloys can show superplasticity 

with as much as 2000 percent deformation [42–45]. This is due to the plasticity enhanced grain 

boundary diffusivity [46,47]. The mechanism transition from Hall-Petch relation to inverse Hall 

Petch relation for nano-structured metals is illustrated in the schematic in  Figure 1.1 [48]. In 

regions 1 and 2, the Hall-Petch relation holds because the full and partial dislocation generation 

and motion are the dominating deformation mechanisms. In region 3, it shows inverse Hall-Petch 

relation because the grain boundary dominates the plastic deformation. 

 

Figure 1.1 A mechanism map for deformation behavior showing the nominal changes in the 
underlying mechanisms of plasticity at different grain sizes [48]. 

 

3D nano-structured inorganic materials can have even more complex hierarchical microstructures, 

enabling highly coordinated deformation mechanisms. Bio-materials such as nacre [49] and conch 

[50] have three to four levels of hierarchical structures as illustrated in Figure 1.2 (and Figure 2.1). 
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The first order structure of nacre is a layered structure with the thickness around	1	μm. Then it is 

divided into second-order structure which consisted of small platelets with a diameter of 1 � 5	μm. 

The thickness of platelets is around 200 – 500 nm. Biopolymers such as chitin filled between 

platelets act as an adhesive. Furthermore, the platelets can be divided into a third-order structure, 

sub-platelets with pseudo-hexagonal platelets with a diameter of 30 – 80 nm. The third order 

structure was considered as the lowest level structure until Huang et al. [51] discovered the fourth 

order structure, nanoscale grains with a diameter of 20 – 45 nm. Also, their major component, 

aragonite CaCO3, has a lower crystal lattice symmetry and mixed ionic and covalent bonds, adding 

more complexity to the nanostructure.  

 

Figure 1.2  Schematic of the bivalve molluscan shell anatomy. It is composed of periostracum (a 
prismatic layer) and nacre. The liquid-filled interlamellar space exists between the mineralized 
shell and the mantle part of the soft body of the organism. The schematic also illustrates successive 
magnification of the brick and mortar structure of nacre [52]. 
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Although nacre is composed of 95 vol% aragonite CaCO3 and 5 vol% organic materials, its fracture 

toughness is much higher than that of CaCO3, because of its integrated hierarchical structure. 

Different deformation mechanisms corresponding to the hierarchical structures are discovered in 

nacre. At the platelets level, macroscopic deformation mechanisms, such as interlock mechanism 

[53] and the short/long molecule model [54], have been proposed to explain the extraordinary 

toughening properties of nacre. According to the interlock mechanism, the edges of each platelet 

are not smooth but have small kinks that can lock with kinks on another platelet to prevent the 

relative rotation. During deformation, these interlocks require extra energy to break. The short/long 

molecule model states that the biopolymer consists of short and long polymer chains. The short 

ones can provide high strength at smaller strain and absorb energy when they break. The long 

chains are folded into multiple modes that can be unfolded under stress to maintain the integrity 

of structure and strength at high strain. This mechanism has been used to explain the step-wise 

behavior during the stretching of bio-polymer. These combined features and deformation 

mechanisms lead to a remarkable combination of stiffness, high strength per weight, and high 

toughness per weight.  

The 1D and 2D nano-structured materials’ mechanical performance experience much greater 

influence by the environment, due to the large exposed surface-to-volume ratio. Since the most 

stable state of most elements is as an oxide, the surface of metals and alloys are often covered by 

an oxide layer when exposed to air. Early reviews reported that surface oxide tend to increase the 

yield stress of the metals and change the work hardening and fatigue strength [55]. The surface 

chemical reactions, such as oxidation, can also be coupled with the mechanical deformation 

process. Chang et al. reported the morphology difference between quasi-static stretching of fine 

grain Al-Mg AA5083 alloy in air and in vacuum [56]. As shown in Figure 1.3, the nanoscale 
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ligament can be seen on the fracture surface of the sample deformed in air while it showed a clean 

fracture surface in the vacuum. This work proved that the formation mechanism of the ligament is 

a mechanism of dynamic oxidation of alloy.  

 

Figure 1.3 Photomicrographs from fracture surface of superplastically deformed AA5083 
specimens tested in (a) air and (b) vacuum. In air the ligment is formed on fracture surface while 
in vacuum it showed a clean surface. 

 

As the surface-to-volume ratio increases, the influence of the oxidizing environment on the 

mechanical properties becomes more dominant. This effect is especially significant for metals with 

high affinity to oxygen, such as Al, Mg, Li, and Ti. For example, even under an ultrahigh vacuum, 

e.g., at 10-8 Torr sec O2, an oxide layer can form on Al within seconds. In previous studies of 

mechanical properties of nano-wires, both in-situ transmission electron microscopy (TEM) and 

molecular dynamics (MD) simulations were often conducted in vacuum chambers, ignoring the 

environmental effect. But in practical application scenario, the chemical reaction between the 

material’s surface and the environment is often inevitable, especially for metals with high oxygen 

affinity such as Li and Al [57,58]. Due to the large surface-to-volume ratio in nano-structured 
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material, the chemical reactions occurring on the surface play more critical roles on the mechanical 

properties than the bulk part. It is now well accepted that the plasticity of metallic NWs deformed 

under vacuum follows a relationship of “smaller is stronger,” as its plastic deformation is 

controlled by the nucleation and escape of dislocations from the free surfaces. In contrast,  Sen et 

al. reported oxidation induced softening and superplasticity in aluminum nanowires in the year 

2014 via reactive MD simulations [59] and the results have been confirmed recently by 

environmental in situ TEM experiments in the year 2018 [60]. These new experiments and 

simulations have opened up many new questions on chemical-mechanical coupling in various 

nano-structures. One of the nano-structures that will be investigated in this thesis is the oxide-bi-

films formed in cast aluminum [61]. 

The “environment” includes gas, such as air or oxygen, and liquid, such as water or even liquid 

electrolyte. The chemical reactions occurring on the surface involve oxidation and reduction 

reactions in more complicated operating environment. One particular environment for Li-metal is 

the electrolyte inside a Li-ion battery, containing LiPF6 salt dissolved in liquid ethylene carbonate 

and dimethyl carbonate. Li metal is not chemically stable in most organic electrolytes used today, 

just like metals are not chemically stable in air.  The 10- to 100-nm thick passivation layer formed 

on the Li-metal electrode is called solid electrode interface (SEI). The major component of SEI is 

the decomposition product of electrolyte. The SEI ideally should allow the ion diffusion but block 

electron transportation, as electron leaked from the electrode into the electrolyte will reduce 

electrolyte. The mechanical and chemical properties of nanometer thick SEI, especially on the 

anode side, is critical to battery performance and durability. For Li anode, one of the unsolved 

challenges is Li dendrite growth. The formation of Li dendrite will consume Li metal which then 

leads to capacity loss and most importantly, can cause short circuit of the whole battery. Due to 
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the high activity of Li and the continuous formation of the surface layer (SEI layer), the surface 

morphology becomes rough, mossy, and dendritic during cycling. The morphology of Li dendrite 

is impacted by its complicated chemical environment and stress state. To restrain the formation of 

Li dendrite growth, it is important to understand the chemical-mechanical coupled effect on the 

morphology evolution and growth mechanism of Li metal [62,63]. 

 

Figure 1.4 Computational and experimental techniques for a variety of length and time scales 
[68] 

 

Novel experimental techniques were developed to measure the mechanical properties and 

characterize the deformation mechanisms of nanostructured materials with complex structures and 

coupled chemical reactions. Nano-indentation and atom force microscope (AFM) can accurately 

select a small region of the sample to perform indentation, pressing, bending, and twisting 

deformations. The measured results can be combined with the finite element method (FEM) 



9 
 

modeling to extract mechanical properties such as yield strength and modulus on nano-structured 

material. [64] However, due to the difficulty in conducting experiments on nano-structured 

material, the reported experimental measurements on their mechanical properties showed 

significantly scattered values [65–67].  

Figure 1.4 shows different characterization techniques to observe features and investigate 

deformation mechanisms at different length scales. Among them, the transmission electron 

microscopy (TEM) and its branching techniques can achieve the atomic level spatial resolution 

during in-situ observation and environmental effect. The high-resolution TEM (HRTEM) 

observation on crystal lattice is first pioneered by Iijima [69] and Cowley [70] in the 1970s. After 

that, the HRTEM has been used to reveal the atomic structure of grain boundaries [71], dislocation 

core structures [72], and surface reconstructions [73]. Hashimoto et al. developed the 

environmental TEM (ETEM) which further extended the experimental window from vacuum to 

various gas environments[74]. After the year 2000, ETEM techniques grows rapidly that enabled 

its capability to observe the chemical-mechanical coupled phenomenon of nano-structured 

materials, such as carbon nanotubes and whiskers, in a controlled chemical environment that 

resembles the true experiments [75,76]. Li et al. implemented ETEM to study the degradation 

effect of hydrogen gas on the protective thin aluminum oxide layer. The effect of hydrogenation 

on metal/oxide interface detachment is shown in Figure 1.5. They proposed that the hydrogen-

induced interfacial failure is due to the formation and recombination of proton interstitials and 

vacancies which have higher mobility at elevated temperature [77]. Another example is the impact 

hydrogen on dislocation movement in aluminum studied by Xie et al. [78] By observing the 

dislocation response under cyclic loads using ETEM, they concluded that the notorious hydrogen 
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embrittlement effect is due to the hindering effect of hydrogen-vacancy complexes rather than the 

previously proposed hydrogen interstitial – dislocation interaction. 

 

Figure 1.5 Comparison of the heating effect on (a,b) hydrogen-free and  (c,d) hydrogenated 
pillars using ETEM. After annealing, the dislocations escaped from the surface for both pillars. 
But the hydrogenated pillars also formed a cavity between metal and surface oxides on the top of 
this pillar. 

 

Although many advanced experiment techniques such as TEM, HRTEM, ETEM [79] are 

developed to directly characterize the materials’ structure and morphology at the atomic level, only 

samples with the stable condition under electron beam can be examined [80–83]. These techniques 

do not apply to the chemically reactive and electron beam sensitive nano-structured material. With 

the state-of-art cryo-electron microscopy, the static atomic level information can be collected on 

electron beam sensitive materials such as Li nanowire since the instrument operation and sample 

transfer is under cryogenic temperatures [84]. Overall, due to experimental limitations, many 

deformation mechanisms for nano-structured materials are unknown.  
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 Currently, the major challenges to understanding the deformation mechanism of complex nano-

structured material are the complexity of structure and the chemical-mechanical coupled effect. 

Experimentally, it is difficult to isolate the contributions from individual components in a complex 

nanostructure, where multiple structure levels exist. While some experimental techniques are more 

sensitive to chemical change and others are more precise for mechanical responses, capturing 

chemical-mechanical coupled phenomena in nano-structures remain challenging. However, it can 

be envisioned that the interaction between nano-structured material and the environment is 

inevitable and are often enhanced because of the high surface and interface reactivity. The 

chemical reaction with the environment can have coupling effect with the mechanical properties 

and even alter the deformation mechanism. To overcome and compensate the experimental 

limitation, we proposed and implemented the multiscale modeling techniques to gain insight into 

the chemical-mechanical coupled atomic level deformation mechanism of complex nano-

structured materials. As shown in Figure 1.4, the modeling methods covered the length scale of 

nano-structured material and have the capability of modeling mechanical-chemical response with 

the desired accuracy. 

Therefore, the focus of this thesis is to explore the nano-scale deformation mechanisms of complex 

nano-structured materials using predictive modeling techniques at the electronic and atomistic 

level. Three examples are given including the high strain rate toughening mechanism of nacre, the 

aluminum oxide bifilm fracture mechanism, and the lithium nanowire morphology change in the 

oxygen environment. While the nacre and Li-metal examples are motivated by experimental 

observations, the mechanical properties of aluminum oxide bifilm formed during aluminum 

casting have never been measured. The advantage of predictive modeling is to calculate the 

material properties without empirical experimental parameters. To simulate such a broad range of 
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materials and deformation mechanisms, new simulation protocols will be developed in this thesis. 

These modeling results not only provide new understanding of the nano-materials deformation 

behaviors but also give directions to further improve the materials performance, due to the 

predictive nature. Overall, these simulation methods open up a new forefront for modeling of 

nanomechanics and gaining mechanistic understanding.  

1.2. Multiscale modeling techniques on deformation mechanisms 

Complementing traditional experimental techniques, multiscale modeling techniques including 

quantum mechanics methods (QM), forcefield based molecular dynamics (MD) and finite element 

methods (FEM) are used to understand the fundamental deformation mechanisms associated with 

hierarchical and complex structures. As shown in  

Figure 1.6, multiscale simulation techniques can be implemented to different length scale. 

Extremely High accuracy results of total energy can only be achieved at the lowest length scale. 

The accuracy is compromised as increasing of the system size since larger scale structures are 

approximated by a series of assumptions to reduce the complexity. The higher-level results can be 

calibrated using lower level information such that the important physical properties are reproduced 

at a satisfied accuracy. Meanwhile, new constitutive equations, material properties, physical 

insights provided by the lower length scale can be carried out to the higher length scales.  Here, 

the strength and limitations of each modeling method will be introduced along with example 

deformation mechanisms they have revealed.  
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Figure 1.6 The multiscale simulation techniques for materials modeling at different length scale 
and time scale. Methods applied to the larger system usually need to compromise on calculation 
accuracy 

 

1.2.1. Individual Deformation mechanism study using DFT 

At the lowest length scale, the quantum mechanics based first principles method is used. The total 

energy and electron structure of a system can be accurately calculated by solving Schrodinger’s 

equation (SE) without any empirical parameters. The most stable structure can also be obtained by 

minimizing the total energy with respect to the atomic positions. Due to the difficulty in solving 

the SE for systems with many-body electron interactions, a series of assumptions are introduced 

to simplify SE. A straightforward method is the Hartree-Fock method (HF) which ignores the 

electron correlation term in the Hamiltonian[85]. Many Post-HF methods are developed such as 
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configuration interaction (CI) [86], coupled cluster (CC) theory [87] and Møller–Plesset 

perturbation (MPn) theory [88]. These methods can be applied to small molecules and achieve 

highly accurate results. However, the computation cost is too high to be applied to meaningful 

structures in material science. Density functional theory (DFT) method is a more scalable and 

computationally less costly quantum mechanical method for total energy and electron structure 

calculation comparing with previously mentioned wavefunction-based methods. It is mainly based 

on two theorems from Hohenberg and Kohn [89,90]: The ground-state wave function is a unique 

functional of electron density and a defined energy functional is minimized by the ground-state 

electron density. DFT method, especially the plane-wave DFT enables the study of bulk crystals 

with relatively high accuracy. More detailed descriptions of theories for DFT can be found in 

references [91–93].  

Some individual deformation mechanisms, involving hundreds to one thousand atoms, can be 

accurately studied using DFT method. For metals, the formation of stacking fault and twinning are 

important basic deformation mechanisms along with dislocation nucleation and interaction. This 

is often discussed in FCC metals, where the close-packed (1 1 1) planes packed in a sequence 

of …ABCABC…in the perfect crystal.  Under the external stress during the deformation, the 

close-packed planes may slide along < 112 > directions and lead to a “fault” in the stacking 

sequence such as ABC|BCA stacking. The energy difference between the faulted structure and the 

perfect structure is called the stacking fault energy (SFE). The total energy change as a function 

of sliding distance is called the generated stacking fault energy (GSFE) curve [94]. The GSFE can 

be evaluated by the DFT method with a slab model, and the energy barrier can be calculated using 

the nudge elastic band (NEB) method [95]. If a second sliding event happens on the adjacent layer 

to the first fault plane, it forms a stacking sequence of ABC|BCA, which is called deformation 
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twinning since the stacking sequence is mirrored with respect to the twin boundary. On both sides 

of the twin boundary, their stacking sequence in the perfect crystal is maintained. The energy 

change in this process can also be accurately calculated using DFT method [96,97]. By comparing 

the activation barrier of forming a stacking fault or twin, the preference of forming a stacking fault 

(along with a full dislocation) or a twin in an FCC metal can be predicted by an indicator, twinning 

tendency [98]. From this indicator, the competition between dislocation emission and deformation 

twins can be predicted.  The GSFE also reveals other important features during deformation such 

as dislocation migration barrier, fracture energy, and strain energy. However, the concept of GSFE 

has not been widely used to analyze deformations in ionic materials.  

Dislocation nucleation, motion, and interaction are the most critical deformation mechanisms for 

plastic deformations in metallic materials. The dislocations can interact through elastic fields 

created by distortion of crystal lattice from a dislocation core. So the actual core structure is 

essential information towards prediction of the elastic fields and dislocation interactions. In f.c.c 

metals, a full dislocation can reduce its energy by splitting into two partial dislocations. The 

splitting distance is determined by the stacking fault energy. In high stacking fault energy materials 

such as Al, the core radius can be quite small and hard to observe in experiment [99]. So the DFT 

method has been used as a powerful tool to model the dislocation core structure [100–102]. The 

information collected from the correct prediction of dislocation core structure can be used as input 

of the plasticity modeling methods at larger length-scales [103]. However, due to the size 

limitation, so far DFT calculations are limited in identifying dislocation core structure and 

calculating solute-atom and dislocation interactions.  Overall, the DFT method is highly accurate 

but computationally intensive. Currently, the system size is usually limited to hundreds to a 
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thousand atoms. Also, DFT can directly calculate only ground state energy which means the 

dynamics at finite temperature and stress-field are often ignored.  

1.2.2. Deformation process and mechanisms studied using the traditional forcefield 

based molecular dynamics 

To predict mechanical properties at a larger length scale and finite temperature, the forcefield 

based molecular dynamic (MD) method need to be implemented. Due to its high scalability for 

parallel computing, MD simulations can simulate systems with more than one million atoms [104]. 

Thus direct simulation of deformation of nanostructures similar to experimental settings can be 

achieved [93]. 

  

Figure 1.7 Typical terms contained forcefield for organic materials. The total energy consists of 
bond stretching, bond angle bending, bond twisting, van der Waals interactions, and Coulomb 
interactions. [105] 
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In classical forcefield method, the interactions between atoms are described by a set of analytical 

equations and the atomic motion is governed by Newtonian physics. The analytical equations 

summarize the contributions of atomistic interactions explicitly based on the understanding from 

quantum mechanics or experimental observations. Different force fields have been tailored for 

different class of materials based on their bonding nature. For metallic systems, the embedded 

atom method (EAM) captures the shared electrons in metallic bonds [106].  For ionic systems, 

Bush potential [107] uses a core-shell model that consists of a core and shell carrying opposite 

amount of charge and connecting with a spring to describe polarization. For organic materials, 

many famous forcefields were developed, such as AMBER [108–110], CHARMM (Chemistry at 

HARvard Molecular Mechanics) [105], Universal force field (UFF) [111–114], and DREIDING 

forcefield [115].  The total energy in these force fields consists of bond stretching, bond angle 

bending, bond twisting, van der Waals interactions, and Coulomb interactions, as shown in Figure 

1.7.  

The parameters in the forcefields are developed by fitting various material properties from 

experiments and energies (sometimes forces) provided by DFT calculations. So intrinsically it is 

not guaranteed that the models can correctly capture all material properties. Most forcefields have 

their applicable systems with limited transferability to other systems. For example, embedded atom 

method (EAM) [106] can only be applied to a metallic system because of the delocalized electron 

assumption. In practice, the accuracy of a forcefield heavily relies on the optimization algorithm 

for parameter searching, the training data to be fitted and experience from the researcher. 

Formulation of the forcefields and more information can be found in references [91,92]. 

Although the forcefield based method is less accurate in energy calculation than DFT, it has the 

capability to model larger systems and properties at finite temperature. Embedded atom method 
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(EAM) has been widely used to investigate the plastic deformation mechanism in metals in the 

form of single crystals, bicrystals, nanowires and polycrystalline nanocrystals [116–119]. 

Deformation mechanisms involving dynamics, such as dislocation sliding [120], dislocation cross-

slip under stress field[121], grain boundary migration [122] and grain boundary sliding [123], can 

be carefully studied. For example, the deformation mechanism transition on metallic nanowire 

induced by cross-section area difference is investigated by Lao et al. using EAM potential. It was 

observed that the cross slip is responsible for the plastic deformation of nanowires with large cross-

sectional area while the crystalline slip is dominating the deformation mechanism of small cross-

sectional area nanowires [124]. Diao et al. proposed that for small cross-sectional area nanowires, 

the phase transformation and crystallography reorientations may also happen [125–128]. With the 

help of large scale EAM based MD simulation, Yamakov et al. explored the low-temperature 

deformation mechanism map for f.c.c metal polycrystals with different grain sizes [129]. As shown 

in Figure 1.8, this map correctly captures the deformation mechanism transition from dislocation-

based to grain-boundary-based deformation mechanism with the decreasing grain size. It showed 

the complete extended dislocations or partial dislocations dominate deformation in the region I 

and region II. Grain boundary related mechanism dominates the deformation in region III. It 

provided direct evidence and explanation for the transition from Hall-Petch to inverse Hall-Petch 

relationship, as observed in Figure 1.1.   

However, the EAM potential applies only to metallic systems such as pure metals and alloys. It 

lacks the ability to incorporate chemical reactions into the deformation process. To study nano-

structured material with complex structures and chemical-mechanical coupling effect, more 

advanced forcefield, such as ReaxFF reactive forcefield, needs to be implemented.  
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The classical forcefield cannot model chemical reactions because the accurate prediction of atomic 

charge change requires quantum mechanics approaches. In classical forcefield method, for systems 

with less variation on charges (e.g., ionic system), fixed formal charges are often assigned to each 

element and remain constant during the simulation [130]. For metallic systems, the embedded 

atomic method (EAM) treat electrons as uniformly distributed electron fields [106] without 

defining explicit atomic charge. The classical force fields for organic materials, such as AMBER, 

CHARMM, UFF, and DREIDING, all keep covalently bonded atom pairs bonded during 

simulations. These force field model cannot describe covalent and ionic bonding change during 

deformation and chemical reaction. Thus, it is difficult to observe the impact of environment on 

the deformation process with these classical forcefields.  

 

Figure 1.8 Proposed deformation mechanism map. σ/σ"  is the normalized stress; r�/
  is the 
inverse of normalized grain size. [129] 
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To model the chemical reactions during mechanical deformation, the bond order (typically for 

covalent bonds) and atomic charges need to be calculated dynamically. Different than the classical 

forcefields, the forcefield with the ability to model chemical reactions are called reactive forcefield. 

Currently, successful reactive forcefield includes ReaxFF developed by Adri van Duin[131] and 

COMB developed by Susan Sinnott[132]. The ReaxFF has been successfully implemented in 

hydrocarbon systems[133], ceramics[134], metal-and-oxide, and many other more 

systems[135,136]. 

With the development of ReaxFF reactive forcefield, it is possible to study the chemical-

mechanical coupling effect on mechanical properties and deformation mechanism of materials 

using MD simulations. The first ReaxFF parameters that can capture both metallic and oxide was 

developed in 2004 by Zhang et al. for studying the non-wetting to wetting transition of an 

aluminum droplet on the #-Al2O3 surface [137]. Sazgar et al. simulated the fracture behavior of 

Al/Al2O3 interface with different termination and orientation using ReaxFF. It is demonstrated that 

during the deformation, the ReaxFF can correctly capture the high tensile and shear strength of O-

terminated interface which is due to higher bonding strength of Al-O bond. This is in consistent 

with more accurate DFT calculation on fracture energy of Al/Al2O3 interface [138]. They also 

observed two deformation mechanisms in shear mode at different orientation: the planar sliding 

and amorphous transformation [139]. Sen et al investigated the oxidation effect on the tensile 

deformation of the aluminum nanowire using ReaxFF. The simulation showed that the formation 

of oxide shell can decrease the yield strength by increasing the umber of dislocation nucleation 

sites and lower the activation volume as demonstrated in Figure 1.9 [59]. Also, the amorphous 

oxide shell showed superplasticity due to the dynamic healing effect of enhanced Al/O diffusion 

in the O2 environment. This mechanism predicted the ductility enhancement of aluminum 
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nanowire in an oxygen environment below a critical strain rate. Later on, this superplasticity 

phenomenon of alumina was observed in experiments conducted by Yang et al. [60]. Not only 

aluminum, the mechanical properties of nickel nanowire is heavily impacted by oxidation. Aral et 

al. studied the deformation mechanism of nickel nanowire in O2 environment. The oxidation layer 

have similar dislocation nucleation effect which leads to early initiation of plastic deformation and 

lower yield stress on oxide-coated Ni NW with a smaller diameter (~5.0 nm) [139].  

 

Figure 1.9 Stacking fault formation in deformed aluminum nanowire in (a, b) vacuum and (c, d) 
O2 environment. Color bar indicates the central symmetry parameters. More dislocation nucleation 
events are observed in the O2 environment. 

 

The impact of lithiation reaction on mechanical properties of silicon has also been studied using 

ReaxFF. Silicon is one of the most promising anode material candidates for Li-ion battery due to 

its high theoretical specific capacity (3750 mAh/g, ten times higher than graphite). However, it 

application is limited by the 300% volume expansion during lithiation process which may lead to 
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dramatic structural change and fracture of electrode and SEI layer. The brittle to ductile transition 

of Si during the lithiation process is studied by Wang et al. using ReaxFF. The LixSi slab showed 

brittle fracture when x is less than 2.5. When x is larger than 2.5, the fracture tip is blunt because 

Li can form chemical bond with Si during the fracture process. To mitigate the mechanical failure 

issue, many techniques have been developed such as applying a protective coating layer on Si 

[140–142]. By implementing ReaxFF, Kim et al. simulated the lithiation process of Si-core/Al2O3-

shell and Si-core/SiO2-shell nano-structured cluster in the anode of Li-ion battery [143]. It showed 

that Al2O3 coating could provide more resistance to the volume expansion of the Si core, and avoid 

stress concentration which potentially decreases the capacity loss. This stress gradient difference 

is due to the different chemical reaction nature between lithiating Al2O3 and SiO2.   

This thesis will use ReaxFF to simulate the formation and fracture of oxide bifilms in cast 

aluminum and the Li growth morphology in different oxygen partial pressure. Both examples 

require designing new MD protocols to mimic the experimental conditions.  

1.2.3. Deformation mechanism studied using FEM   

At the macroscopic level, the material’s mechanical responses to various load conditions can be 

predicted from finite element methods.  In the FEM method, the material is subdivided into small 

domains (finite element), whose deformation is continuous and is governed by constitutional 

partial differential equations. With known boundary value conditions applied to each domain, the 

numerical solutions of internal stress can be solved for the deformation process. FEM can also 

resolve the deformation details of microstructures, with the information of crystallographic 

orientation, elastic modulus, yield strength, and plasticity. However, the FEM method relies on the 

known constitutive relationship, which must be provided as input information. It can model 
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macroscopic deformation behavior but lack of the ability to discover new deformation mechanism 

at nanometer length scale [144,145].  

This thesis will not utilize FEM simulations. However, one aim of the predictive modeling is to 

provide material properties as inputs to simulate the macroscopic performance of materials at 

components level using FEM methods. This connection will be constructed for the fracture energy 

and strength of aluminum-oxide bifilms in virtual casting simulations at the FEM level.  

1.3. Motivation and Dissertation Outline 

This thesis will design and apply predictive modeling techniques, including DFT method and 

forcefield based MD methods, to understand deformation mechanisms of complex nano-structured 

material and describe the chemical-mechanical coupled interactions. The thesis is organized as 

follows: 

In CHAPTER 2, atomic level deformation mechanism under dynamic loading condition in 

nacre is proposed. This study was motivated by recent experimental work by Huang et al., who 

reported higher strength and the same level of toughness of nacre under dynamic tensile loading 

conditions at a strain rate about 103 s-1 [51]. In the specimens fractured under high strain rate, they 

observed deformation twinning or stacking faults with HRTEM [146]. These observations raised 

a series of interesting questions: what is the toughening mechanism under dynamic loading 

condition at the atomic level? Why stacking fault and deformation twins can be formed in 

biomaterial nacre but not the mineral aragonite CaCO3, although they share the same crystals at 

the nanoscale. To address these questions, we implemented DFT method combined with the 

nudged elastic band method (NEB) to calculate the generalized stacking fault energy (GSFE) curve 

and twinning tendency in aragonite CaCO3. Although GSFE has been routinely computed for FCC 
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metals, it has not been used to analyze twinning and stacking fault formation in crystal structures 

as complex as CaCO3. Therefore, we carefully designed the slip planes and twin formation 

according to HRTEM reported crystalline orientations. We also applied different mechanical 

constraints normal to the sliding direction to mimic the condition in a bulk crystal or nano-grains 

surrounded by soft bio-polymers. It was discovered that a critical difference between biomineral 

and mineral material is the strain relaxation during sliding, which can change the competition 

between twinning vs. fracture. Another observation was the highest ratio of the unstable stacking 

fault energy and the stacking fault energy in aragonite compared with a broad range of metals, 

semiconductors, and oxides. We further explained the underlying physics for this high ratio is the 

multi-neighbor shared ionic bonds and the unique relaxation process during sliding in the aragonite 

structure.  This nanometer level deformation mechanism triggered by the high strength under high 

strain rate works together with other energy dissipation mechanisms to achieve the overall 

extraordinary mechanical performance of nacre. Overall, the understanding of the orchestrated 

multiscale deformation mechanisms in nacre brings new insights for the design of high toughness 

materials at high strain rate.  

In CHAPTER 3, the formation and deformation mechanism of oxide bifilms in cast 

aluminum is investigated. This study was motivated by a long-lasting question in the aluminum 

casting process. During the aluminum casting process, the liquid aluminum will be exposed to air 

inevitably and then form aluminum oxides rapidly [61]. Next, the aluminum oxides will be folded 

by the turbulence of injected liquid aluminum and trapped into the final casting product. This 

folded alumina thin film is called oxide bifilm in the casting industry. The initially formed bifilm 

is called “young oxide” with an amorphous structure. After holding in furnace for serval hours, 

the “young oxide” will undergo a series of phase transition from amorphous to gamma phase and 
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eventually become “old oxide” with alpha phase. Furthermore, the surface of bifilm can react with 

CO2 and H2 from the surrounding environment or dissolved in the aluminum matrix. So the actual 

bifilm surface may be covered by contaminations such as aluminum hydroxide or aluminum 

carbonate. The thickness of oxide bifilm is only a few nanometers [57,58], but it is highly 

detrimental to the casting product’s mechanical properties such as cycle life and toughness [147]. 

Due to the difficulty to characterize this ultrathin bifilm, complex crystallography and its complex 

chemical reaction with the environment, the fracturing and deformation mechanism is still 

unknown.   

Meanwhile, at the macroscopic level, virtual casting based on the FEM method has been 

implemented to simulate the distribution of bifilms in the cast aluminum components [148,149]. 

The result agrees well with x-ray radiography experimental techniques. By implementing 

immersed element-free Galerkin method, the resistance of bifilm to deformation can also be 

modeled. This model can be used to investigate the oxide bifilm folding process during 

solidification [150]. However, to simulate the impact of oxide bifilms on the mechanical property 

of the final cast components require the knowledge of the mechanical strength or fracture energy 

of the oxide bifilms.  

To fill this gap, we designed a protocol to form oxide bifilms starting from modeling the oxidation 

process of aluminum. We built the oxidized amorphous layers to mimic the “young” oxide and α-

Al2O3 layer to represent the “old” oxide. We further included the hydrogen termination in “old” 

oxides. The folded oxide bifilms were then subjected to uniaxial tensile MD simulations. The 

oxidation and deformation processes were simulated by ReaxFF reactive forcefield based MD. 

Overall, we explored the impact of surface contamination, crystallography evolution and folding 

process on the mechanical properties of the ultra-thin Al oxide bifilm trapped in the aluminum 
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casting products.  The results showed that the toughness and fracture strength of oxide bifilm is 

sensitive to the formation of hydroxyl group surface contaminations. We also proposed a bridging 

method to transfer the MD predicted fracture energy and strength to FEM simulations. The 

understanding of deformation and fracture mechanisms of bifilm under the influence of chemical 

and structural evolution provided insights into a more rational design of casting procedure to 

achieve high-quality casting product.  

In CHAPTER 4, the morphology change Li grown in different oxygen environment was 

simulated, and the competition between oxidation rate and Li growth rate was discussed. 

This simulation was motivated by recent experiments by Alexander Yulaev et al.  To examine the 

Li dendrite formation process closely, a carbon/LiPON/LiCoO2 solid-state battery was synthesized, 

and the Li-growth under a voltage bias on the back of the carbon anode was observed by in-situ 

SEM [151]. A bias is applied to the solid-state battery such that the Li moves from LiCoO2 layer 

to the carbon layer and grows out from the back of the carbon layer (the top surface from view of 

SEM). The result showed that the Li nanowire growth morphology is heavily influenced by oxygen 

partial pressure and the electric current density. Under the ultrahigh vacuum condition, the Li 

growth on anode showed 3D mode. As oxygen partial pressure increased, the growth mode become 

1D nanowire growth at 5.7 × 10�( Pa. However, if the partial pressure increases to 4.8 × 10�+ 

Pa, the growth mode become 3D again. The growth mode of Li nanowire is closely related to the 

notorious Li plating and dendrite formation problem on the anode that damages battery 

performances and may cause safety issue [152]. So, the understanding of Li growth mechanism 

under the impact of the oxidation reaction and electric current density coupling effect is critical to 

better and safer battery design. It is proposed that the morphology transition is due to the difference 

of Li nanowire structure under different oxygen partial pressure.  
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To clarify the competition between Li-growth rate and the oxidation rate, MD simulation based on 

ReaxFF reactive forcefield was performed. The atomic model showed the competition between 

oxidation rate and Li nanowire growth rate (controlled by the current density) changes the 

microstructure of Li nanowire which leads to different growth mode. From the MD observation at 

the atomic level, we proposed the formation mechanism of Li nanowire with different oxygen 

partial pressure and electric current density which explains the 3D-1D-3D morphology change of 

Li nanowire formed on top surface of the carbon layer in the stacking battery. When the oxidation 

rate is in deficient comparing to the growth rate of Li nanowire, the formed oxide layer is too thin 

to support the Li-1D growth. When extra oxygen is present, the oxide layer is too thick, so the 1D 

growth is suppressed. This result demonstrates the importance of trace amounts of preexisting or 

ambient oxidizing species on lithiation processes in solid-state batteries. Understanding the impact 

of chemical reaction on Li nanowire deformation mechanism and morphology evolution also 

provided us insights on the formation of the SEI layer in Li-ion battery. 

In CHAPTER 5, we discuss why ReaxFF might over-ductile ionic materials. Despite the 

successful simulation of chemical-mechanical properties with ReaxFF, there might be an intrinsic 

limitation of the current ReaxFF, which dynamically determines the charge with the qEq method. 

The qEq charge transfer method is known to have an unphysical long-range interaction and 

residual charge when atoms are far apart. This will bond two atoms with Coulombian interactions 

even they are far away to each other. Thus the bond breaking may not be appropriately described, 

which leads to ductile fracture even in brittle materials. To mitigate the charge transfer problem 

and have an accurate description of the charge transfer process during large deformation and 

fracture process, we applied the ACKS2 charge transfer method to ReaxFF reactive forcefield. 

The ACKS2 method was one of the recent techniques to eliminate the residual charge 
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problem known for qEq [153], and it has been implemented in PuReMD code by our 

collaborators in Dr. Aktulga’s group [154,155]. To compare the impact of the charge transfer 

process on the deformation process between qEq and ACKS2 method, a Li2O slab model with a 

sharpy test notch was built. This slab was subjected to a tensile test using both qEq and ACKS2 

method. The ACKS2 parameters are fitted with high-level quantum chemistry calculations. The 

results showed that qEq method predicted ductile fracture in Li2O. The tensile test is simulated 

using ACKS2 method with exactly the same procedures.  
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CHAPTER 2. Chemical bonding origin of deformation twinning 

formation in the biomineral aragonite 

(Part of this chapter is adopted from Ref. [156]) 

2.1. Summary 

Deformation twinning rarely occurs in mineral materials which typically show a brittle fracture. 

Surprisingly, it has recently been observed in the biomineral aragonite phase in nacre under high 

rate impact loading. In this chapter, the twinning tendency and the competition between fracture 

and deformation twinning were revealed by first principles DFT calculations. The ratio of the 

unstable stacking fault energy and the stacking fault energy in orthorhombic aragonite is hitherto 

the highest in a broad range of metallic and oxide materials. The underlining physics for this high 

ratio is the multi-neighbor shared ionic bonds and the unique relaxation process during sliding in 

the aragonite structure. Overall, the unique deformation twining along with other highly 

coordinated deformation mechanisms synergistically work in the hierarchical structure of nacre, 

leading to remarkable strengthening and toughening of nacre upon dynamic loading, and thus 

protecting the mother-of-pearl from predatory attacks.  

2.2. Introduction 

2.2.1. Hierarchy structure of nacre 

Nacre, also known as mother-of-pearl, is the shiny inner layer of the mollusk shells. The main 

component of nacre is aragonite (a metastable polymorph of CaCO3 with PMNA symmetry), 
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which occupies 95% of the total volume. The other 5% (volume) is biopolymer interlayers between 

the aragonite platelets and the aragonite nanoparticles inside the platelets. 

In the effort to design new materials, Mother Nature is always a good guide for material scientists 

to study and mimic. The shells of mollusks, such as nacre (mother of pearl), are excellent examples 

of toughening design for us to learn from[156]. Nacre is the shiny inner layer of the mollusk shells. 

95 vol% of nacre is composed of aragonite, which is a meta-stable phase of CaCO3 at room 

temperature. The other 5 vol% is a biopolymer[157]. Nacre has a hierarchical structure. As shown 

in Figure 2.1, the first order structure is 1μm thick layered structure. The layered structure is 

divided into small platelets with a diameter of 1-5 μm and thickness of 200-500 nm, which is the 

second order structure. Between platelets, a biopolymer is filled in. Furthermore, the second-order 

platelets consist of pseudo-hexagonal platelets that are 30-80 nm width [19,146,158]. Previously, 

the third order platelets are treated as single crystal materials that have the same mechanical 

properties with bulk calcium carbonate. With the development of TEM and SEM technology, later 

studies showed that they consist of smaller structures [19].  
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Figure 2.1 Top: the hierarchical structure of nacre[52]. Bottom: The first order structure is a 
layered structure. The second order structure is platelet that’s further divided into smaller sub-
plates [159]. 

The “Brick and Mortar” structure in nacre shell can be observed by microscopy directly. As shown 

in Figure 2.2 [160], multiple layers of aragonite layers are piled up and interlocked with each other. 

Between each platelet, there is a 20-30 nm gap that filed with β- chitin, a bio-polymers, acting as 

the “glue” to connect each platelet. Zhi-Hui Xu et al. measured the elastic modulus of the bio-

polymer to be 11±3 GPa using AFM tip and finite element method[64]. What is more, Schäffer et 

al. observed nanopores on the biopolymer matrix indicating the platelet are also connected by 

mineral bridges [161]. F. Song et al. [162] observed that on each of the individual platelet, small 

pillars with 45 nm diameter are connecting adjacent platelets which validated the existence of 

mineral bridge. A schematic illustration of the platelet structure is shown in Figure 2.1 where the 

polygonal platelets are the “brick” and bio-polymers between the gaps are “mortar.” 
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Figure 2.2 The TEM imagine of platelet structure in nacre shell [160]  

 

A further examination of nacre shell showed that on the top of each pile, we could see several 

nanoparticles as seeds which also indicating the growth process of each platelet [160]. Gangsheng 

Zhang et al. directly observed that at first, aragonite nanoparticle self-assembled into a core-shell 

structure and then form a dome-shaped platelet. Previously, the platelets are treated as single 

crystal that has the same mechanical properties as bulk aragonite because the small angle 

diffraction (SAD) measurements of platelet clear showed a single crystal pattern [163]. However, 

the self-assemble growth mechanism implies that each platelet consists of many small grains 

instead of being a single crystal.  
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Figure 2.3 A schematic illustration of nacre shell structure including the platelet, biopolymer and 
mineral bridges [162] 

 

2.2.2.  Toughening mechanisms of nacre under quasi-static loading  

Compared with the mineral aragonite, nacre’s toughness is a thousand times higher, and its 

mechanical strength is two times higher[163–165]. Such attractive physical properties have been 

intensively investigated and ascribed to nacre’s hierarchical structure, where the brick-mortar 

microarchitecture can regulate crack propagation in a zigzag manner[51,156,166,167]. Yet, little 

attention has been paid to the protection mechanism activated in nacre to maintain its mechanical 

integrity in the event of penetrating impact such as predatory attack, tidal current[168] and so on, 

which often occurs at high speeds. 
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Figure 2.4 Illustration of feature of platelet protruding in interlock mechanism [53] The platelets 
are locked at the circles to prevent relative displacement and rotation 

 

Under static loading, the generally accepted toughening mechanisms are the following. The 

inorganic platelets are the most fundamental component of nacre shell. It undertakes most of the 

load and absorbs large percent of the energy during inelastic deformation. The hierarchical 

platelets directly improve the toughness by guiding the propagation of crack and allowing slight 

inter-platelet slip to increase the ductility. Other than these, there are still many other features the 

shell evolved to increase toughness. The interlock mechanism proposed by Katti et al. [53] is one 

of the most representative mechanisms based on the platelet structure. The edge of platelet 

protrudes out about 20-30 nm and locks the rotation and pull out of next platelet (see Figure 2.4) 

when the tensile load is applied parallel to the surface of shell. A FEM model is established in 

order to evaluate the impact of interlock. The results showed the interlock mechanism can improve 
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the ultimate tensile stress from 14 MPa to 50 MPa [169]. But this is still not comparable to a real 

shell which has a 170 MPa tensile stress[156]. 

 

Figure 2.5 The short/long molecule model [54] (a) Schematic drawing of the biopolymer chain 
between two platelets. The long molecule chains on the top can be folded to modules and become 
short chain on the bottom. (b) The response of a short/long molecule chain under extension. The 
elongation can be increased while maintaining the flow stress by opening up modes on the 
molecule chain.  

 

The biology effect of biopolymer is to regulate the deposition and assemble of inorganic platelet 

at every level. But in fact nacre shell contains far more bio-polymer than the need for regulating 

platelet growth. This indicates that although the bio-polymer only occupied about 5% volume 

fraction, it played an important role in the mechanical properties [170]. The main component of 

biopolymer is chitin and there are also a small fraction of proteins [157]. The stickiness of 

biopolymer is the first property people focused on. In the theory of composite materials, adding a 

polymer matrix will greatly improve toughness. This is also verified by synthesizing model 



36 
 

materials. Furthermore, Smith et al. [54] stretched the exposed bio-polymer on a freshly cleaved 

nacre and discovered the step-wise manner in the elongation process. They proposed a short/long 

molecule model to explain the step-wise behavior (See Figure 2.5). The short molecule can sustain 

high strength when the strain is low while after the break of short molecules, the long molecule 

can still absorb energies. Also, instead of breaking all the molecule at the same time, short ones 

are sacrificed first to dissipate the stored energy into heat.  

During the quasi-static deformation, a large amount of crack goes through the bio-polymer instead 

of the inorganic platelet because of its relatively low modulus [51]. Most energies are absorbed by 

bio-polymers in quasi-static deformation. The crack deflection mechanism proposed that the crack 

tend to propagate along different directions in adjacent layers which will prolong the crack path, 

absorb more energy and generate a tortuous fracture surface.  As the deformation keep going, 

platelets near the fracture surface will be pulled out eventually. In the pullout process, bio-polymer 

matrix bridging between two platelets is observed by R.Z. Wang et al. [171]. Implementing finite 

element method, Katti et al. [172] estimated the elastic modulus of the interface between 

biopolymer and inorganic platelet to be 15 GPa while Xiaodong Li et al. [64] measured the overall 

elastic modulus of biopolymer matrix is 11 GPa. This ensured the binding in the interface during 

stretching of biopolymer and indicates more energy can be absorbed during the pullout process. 

2.2.3. Experimental observations under dynamic loading  

Recent uniaxial compression tests showed that the fracture strength of nacre under the impact 

loading (strain rate: ~103/s) is approximately three times higher[146,173] than that under quasi-

static loading (strain rate: 10-3/s). The actual strength was increased from 170 MPa to 500 MPa as 

shown in Figure 2.6 (a). At the same time, the compressive plastic strain remains the same or even 
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further improved[51]. Moreover, its toughness (characterized by the strain energy on the true 

stress-strain curve) increased from 2.4 to 6.1 mJ/m3 as the loading condition changes from quasi-

static to dynamic.  

 

Figure 2.6 Experimental observation after deformation of nacre (a) Stress curve of nacre shell 
under different deformation rate and the HRTEM imagine of specimens after deformation. After 
quasi-static deformation, only (b) grain rotation is observed. But after dynamic deformation, (c) 
twinning and (d) partial dislocation emission can be observed. [146] 

 

High-resolution TEM images are collected from the samples after deformation at different 

conditions. After quasi-static deformation, twinning and partial dislocation are observed in nacre 

as shown in Figure 2.6 (c) and (d). Under quasi-static loading condition, only grain rotation is 

observed in HRTEM as shown in Figure 2.6 (b). No deformation twin or partial dislocation was 
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found. The grain size is only about 20 nm in diameter which is only observable using HTREM. 

This is the smallest sub-structure of nacre shell and different than previous understanding that the 

platelet is a single crystal structure.  

These are identified as deformation twins rather than growth twins. Previous literature has 

extensively documented that growth twins are ubiquitous in cross lamellar seashells[174,175] but 

seldom in gastropod class. Typically, the length scale of growth twin crosses throughout the tablet 

[176] and deformation twins are confined within an individual aragonite nano-grains owing to the 

extremely small activation volume. This is contrary to the nano-grain deformation and rotation 

that occurs under quasi-static loading[49,177]. 

Typical engineering materials, such as metals and polymers, become stronger but more brittle 

under impact loading, since many deformation mechanisms, i.e., chain relaxation, dislocation 

climbing, grain boundary sliding et al., do not have enough time to be activated at high strain rates 

[178–180]. Only a few composite materials have been engineered to enhance both the strength and 

ductility under dynamic loadings [178,181]. The record amount of 2.5-fold increase in toughness 

and 3-fold amplification in strength holds a fascination to guide the design of stronger-and-tougher 

materials, exceeding typical engineered materials to date as shown in Figure 2.7 (a) [146,178,182]. 

However, the deformation mechanism and the reason for nacre’s extraordinary mechanical 

condition remains unknown.  

We proposed that the remarkable strain rate induced strengthening-and-toughening manifestation 

is a result of the highly coordinated deformation mechanisms synergistically working in the 

hierarchical structure. Under high strain rate compression, the typical polymer chain relaxation 

between aragonite platelets and nanoparticles do not have time to participate in deformation. Thus, 
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strengthening and toughening are primarily carried by the inter-nanoparticle deformation/rotation, 

in combination with the emission of partial dislocations and the onset of deformation twinning 

within individual aragonite nanoparticles. These nanoscale deformation mechanisms have been 

held responsible for the extremely small activation volume (~ a few b3).  

 

Figure 2.7 Nacre’s extraordinary strengthening and toughening and its multi-functional 
deformation mechanisms. (a) The normalized toughness performance of different materials under 
high strain rate (~103) and low strain rate (~10-3). Nacre shows dramatic toughness increase over 
metals, polymers and even traditional composites under high deformation rate. (b) The 
deformation mechanisms that can be activated at the atomic level. When the deformation rate is 
high, only the mechanisms illustrated in grey platelets can be activated.  

 

However, the atomistic origin of deformation twinning in aragonite under impact loading remains 

completely unknown. Moreover, why mineral aragonite (monocrystal form) behaves brittle, while 



40 
 

the nanoscale deformation twining/partial dislocation can be triggered in biomineral aragonite, 

need to be further elucidated. But due to the nano-scale length of the deformation mechanism, it’s 

extremely difficult to conduct in-situ experiments. In this study, we implemented atomistic 

modeling techniques based in density functional theory (DFT) method to present the atomistic 

insights into the unique twinning formation mechanisms in the biomineral aragonite phase and 

uncover the competition mechanism between nanoscale plastic deformation and brittle fracture.  

2.3. Model Construction and Computational Methods 

2.3.1. Compute the GSFE and Twinning Tendency 

GSFE was first introduced by Vitek et al.[183] to quantify the energy change during stacking fault 

formation due to atoms sliding after a partial dislocation emission in f.c.c metals. It is easy to 

illustrate twinning and stacking fault in face-centered cubic (fcc) crystals. Its stacking sequence of 

(1 1 1) plane is …ABCABC… in a perfect crystal. During deformation, if some (1 1 1) layers slide 

along the <112> direction, the layers shift positions accordingly, (A→B, B→C, C→A), and the 

stacking sequence will become …ABC|BCA…, which forms a stacking fault, or partial dislocation. 

If the structure keeps on shifting on the same slip plane, the stacking sequence will be restored and 

left a full dislocation behind. But if the structure slide on the plane next to the stacking fault plane, 

the stacking sequence will become …AB|C|BAC… and the sequence is mirrored with the twinning 

boundary, the C plane in the middle. This is called a twin structure with the thickness of 2 layers.  

From the fault structure, either a full dislocation or a small unit of twin structure will form 

depending on whether the next slide is on the same slip plane or next to the stacking fault plane. 

The fault energy γ per unit area can be calculated as a function of sliding displacement, u, and the 

fault energy profile of γ(u) is defined as GSFE landscape. The valleys on the GSFE correspond to 
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the stacking fault energy, SFE, and twin formation energy, TFE. The peaks of the GSFE represent 

the energy barriers to form a stacking fault or a twin, thus defined as the unstable stacking fault 

energy, USFE, and the unstable twin formation energy, UTFE, respectively.  

Initially, embedded atom potential (EAM) has been used to evaluate the GSFE curve, but the 

accuracy varies with the quality of the fitting of forcefield. Swygenhoven[94] calculated GSFE 

curve in nanocrystalline Ni, Cu and Al systems with different EAM potentials. Although the 

stacking fault and full dislocation formation were captured in the simulation, the SFE, USFE, and 

TFE calculated from Cleri–Rosato’s potential was three times higher than Mishin’s potential. G. 

Lu[99] compared the GSFE curve of Al calculated by density functional theory (DFT) with Local 

Density Approximation (LDA) with that from Ercolessi-Adams’ EAM potential. The results 

showed although EAM gave the general trend of GSFE, it failed to calculate the exact energy 

values and predict dislocation core structure. To overcome the large variation of GSFE computed 

by empirical potential, Siegel[184] and Wu[185] calculated the GSFE using DFT calculations and 

twinning tendency of Ni and Ni-based alloys.  Their results confirmed the accuracy of DFT 

calculated GSFE and indicated alloying with transition metals will decrease SFE and increase the 

twinning tendency which agreed well with experimental results. In this study, the GSFE curve was 

calculated using climbing image nudge elastic band method (NEB)[186–189] method based on 

DFT calculation. NEB is a widely used method to find the transition state between two different 

configurations. It maximizes the force along reaction direction that connects the starting and end 

configuration while minimizing the force perpendicular to the reaction direction.  
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2.3.2. A short introduction to DFT method 

Schrödinger equation (SE) is the governing equation of classical quantum physics. The solution of 

the Schrödinger equation, also known as wavefunction, contains all information of the particles in 

a given state. But the analytical solution of Schrödinger equation can only be found in a few simple 

systems such as one electron in an infinite potential well and hydrogen-like systems which don’t 

contain the electron-electron interactions. Even for the numerical solution, the computational cost 

is too high to be applied to practical systems. To get an approximated result under proper time 

complexity, a series of assumptions are introduced to simplify the Schrödinger equation. 

Since the mass of nuclei is much higher than electrons, it is assumed the nuclei do not move the 

position and electrons respond more rapidly to the external potential in Born-Oppenheimer 

approximation (BO). So the wavefunction of nuclei and electrons can be separated in SE. BO leads 

to the time-independent, non-relativistic Schrödinger equation as shown in Equation 2.1: 

,� ℏ�2�./0�
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02� 8Ψ = iℏ∂Ψ∂t  

Equation 2.1 

where m is the electron mass; Ψ is the wavefunction; N is the number of particles. The three terms 

in the bracket are called Hamiltonian which contains kinetic energy of electrons, the interaction 

between electron and nuclei, and the interaction between electrons. The third term, electron-

electron interaction is the most challenging part to solve since we cannot apply the separation of 

variables tricks in the Coulomb term.  
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To further simplify the SE, Hartree method is proposed that treat the electrons as non-interactive 

particles so the total wavefunction can be replaced as the multiplication of wavefunction of each 

electron. But this treatment ignored the anti-symmetry property of wavefunction. Fock 

implemented the anti-symmetry constrain by introducing the Slater determinate. In Slater 

determinate, swap of two particles’ wavefunction will naturally lead to a negative sign in the total 

wavefunction which satisfies the anti-symmetry constrain. With the introducing of Slater 

determinate, by applying variations theorem, we can get the Hartree-Fock equation (HF). In HF, 

the Coulomb term is approximated by the central field approximation which assumes each electron 

only interact with an electron density distribution rather than all other electrons. HF method 

considered the electron exchange contribution but ignored the electron correlation contribution. 

The exchange energy is the direct result of introducing Slater determinate. The missing of 

correlation energy is because the electron density is not accurate near the location of each electron. 

To solve for the correlation energy, many methods are developed such as perturbation theory 

(MP2). Currently, the most widely used method is the density functional theory (DFT). In 1964, 

Kohn and Hohenberg proposed the two theorems as the foundation of DFT [90]: 

Theorem 1: The ground state energy of a many-electron system are uniquely determined by the 

electron density distribution in the space 

Theorem 2: The electron density that minimizes the energy of overall functional is the correct 

electron density.  

The first theorem reduced the degree of freedom of SE from 3N to 3 dimensions which converted 

the intractable many-body problem to a tractable problem. The second theorem provided a method 
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to calculate the ground state electron density and the corresponding energy. In fact, it is a result of 

applying variational theory. 

Later, the HK theorem was further developed by Kohn and Lu Jeu Sham. They proposed the Kohn 

– Sham (KS) equation by replacing the interacting, whole system functional with non-interacting, 

separate functional [89]. All errors are collected by an extra exchange-correlation term as shown 

in Equation 2.2. 

=� ℏ�2�/� + 3(>) + ?� @ A(>B)|> � >B| + D�EF(>)DA(>) GΨ = iℏ ∂Ψ∂t  

Equation 2.2 

In the Hamiltonian of the KS equation, the first and second term is still the kinetic energy of 

electrons and the electron-nuclei interaction term. The third term is also called Hartree potential, 

which describes the electron-electron Coulomb interaction. The last term is the exchange-

correlation (XC) potential which does not have an exact formula for now.  

To find an approximated XC term, many approximations methods are proposed such as local 

density approximation (LDA) and generalized gradient approximation (GGA) [92]. LDA assumes 

the XC term is only related to the EXC rather than the gradient of EXC. This simple approximation 

leads to surprisingly well results. GGA pushed one more step by taking the gradient into 

consideration.  

In actual DFT calculation, pseudopotentials are implemented instead of all electron density 

distribution. It is unnecessary to calculate the exact electron density of all electrons since only shell 

electrons will participate in the bonding process. Also, the core electron density experiences rapid 
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fluctuations due to the nodes in wave function. This breaks down the assumption of LDA and 

makes it somewhat unreliable in the core region unless a large number of basis set is used. To 

serve our purposes, we can neglect the core electrons and only solve for the electronic structure of 

valence electrons. The fluctuation of core electron is replaced by a smoothly fitted curve called 

pseudopotential. 

To process the wavefunction in a computer, they are usually projected into basis sets as shown in 

Equation 2.3: 

ΨH = ΣJcJφJ 

Equation 2.3 

where cJ is the coefficients and φJ is the basis sets. There are mainly two category for basis sets: 

the atomic orbitals and plane waves. For plane wave basis sets, it assumes that the nuclei are 

periodic perturbations to the free electrons. More accurate results are usually achieved by including 

a greater number of basis, but in turn, it takes more time to compute.  

When implementing DFT method in the material system, the atoms are usually in the periodic 

crystal structure. This means all atomic positions will repeat themselves after a certain distance. 

According to Bloch’s theorem, if the atomic structure is periodic, the solution of the KS equation 

must satisfy Equation 2.4: 

ΨH(M) = exp(iM ∙ 4) uS(4) 
Equation 2.4 
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where TU(4) is a periodic function in real space. With this form, it indicates that we can solve the 

KS equation for each k individually. In this case, it is more convenient to solve the DFT problems 

in the space vector k lives in, which is called reciprocal space or k space. In practice, it is 

unnecessary to compute every point in k space. We can sample some important points in the k 

space with assigned weights and numerically calculate the integral over the whole space. Also, 

due to the symmetry of k space, we can reduce our sampling to the first Brillouin zone to reduce 

computation time. If too few numbers of k points are used in DFT calculation, the result will have 

a larger systematic error. So, for every DFT calculation, the number of k points must be carefully 

tested to ensure the convergence of final results. 

If we compare Equation 2.3 and Equation 2.4, the TU(>) actually contains a special set of plane 

waves as shown in Equation 2.5: 

TU(4) = .VWXYexp	(Z(� + Y) ∙ 4)Y  

Equation 2.5 

where G is defined by unit cell vectors in k space: Y = ��[� + ��[� + �\[\ with m as integers. 

Since it is unrealistic to calculate infinite terms over all possible G, we also need to truncate the 

summation to some extent. The G is related to kinetic energy in solving KS equation: 

� = ℎ�2� |� + Y|� 

We usually refer the amount of G used in DFT calculation as cutoff energy. The choice of 

reasonable cutoff energy is selected by evaluating the energy of a unit cell and choosing the lowest 
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cutoff energy that satisfies the accuracy requirement. This process along with choosing of k points 

are part of the convergence test.  

In this chapter, to address the unique deformation twinning in bio-mineral aragonite, the 

generalized-stacking-fault energy (GSFE) curve along the sliding direction was computed from 

density functional theory (DFT) method implemented in the Vienna ab initio simulation package 

(VASP)[183,190–197]. Generalized gradient approximations (GGA) with Perdew-Burke-

Ernzerhof (PBE) parameterized pseudopotential was used to evaluate the exchange-correlation 

function. The valance electron configurations were: C-2s22p2, O-2s22p4 and Ca-3s33p64s1. The 

total energy was converged to 1 meV/atom with 550 eV cutoff energy and 4×4×2 k points for the 

unit cell structure. The total energy of all the slab models was calculated by relaxing only atom 

positions while fixing the cell dimension. The energy minimization was performed with the 

conjugate gradient algorithm by minimizing Hellman-Feynman forces to less than 0.02 eV/Å. To 

calculate the unstable stacking fault energy and unstable twinning energy, the climbing image 

nudge elastic band method (NEB) is used in the transition state search[186–189,198]. By maximize 

the Hellman-Feynman forces along the sliding direction and minimize in every other direction, the 

saddle point is reached with a deviation of less than 0.02 eV/cell.  

2.3.3. Construction of nacre slab and computation details 

The atomistic model for aragonite CaCO3 was constructed based on the slip systems observed in 

samples harvested after quasi-static and dynamic compression tests of natural nacre under high-

resolution transmission electron microscope (HRTEM). The formation of stacking fault structures 

and deformation twinning (Figure 2.8 a) was identified and was believed to dominate the 

deformation process upon dynamic compression[146]. The atomic-scale lattice image (Figure 2.8b) 
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reveals that the twinning structure has a twinning boundary of (110) planes with an interlayer 

distance of 4.2 Å, the angle between (110) and (010) planes is 31.9° [146]. Based on the HRTEM 

findings, a slab model of aragonite with (110) planes was constructed. The projections of the 8-

layer slab with three layers of the twinning structure are shown in Fig 2c. The dashed lines indicate 

the corresponding twinning planes in Figure 2.8b. The slab model is periodic along [1 10] and 

[001 ] directions, with a 10 Å vacuum layer added between (110) surfaces. The simulation cell 

dimension is 5.81Å×9.47Å×47.62Å along the x, y, and z directions, respectively.  

 

Figure 2.8 The atomic structure of deformation twinning (a) Upon impact along nacre’s cross 
section, deformation twinning/stacking fault takes over the deformation process, rather than the 
full-dislocation slipping[146]. (b) The atomic-scale measurement of white box area in (a) clearly 
demonstrates the twinning relationship between (110) and (11 0) planes. (c) The atomic 8-layer 
slab model is built according to (b) and is shown in two projections 
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2.4. Results and Discussion 

2.4.1. Surface Energy of Aragonite CaCO3 

The slabs with perfectly stacked (110) planes at different thickness were constructed in the middle 

of simulation cell so at least 10 Å of vacuum was added above and below the slab to prevent the 

interaction between top and bottom surfaces. The surface energy of the (1 1 0) plane is given by 

Equation 2.6 

�` = a ∗ �cdeU � �`efg2 ∗ h  

Equation 2.6 

where Es is the surface energy, N is the number of layers in the structure, EBulk is the relaxed total 

energy per layer obtained from the bulk structure, ESlab is the relaxed total energy of the slab model 

with surfaces and A is the cross section area of the simulation cell. Assuming Ebulk and ES are 

constant numbers, Equation 2.6 can be transformed into Equation 2.7 [199]: 

�`efg = a ∗ �cdeU � 2	 ∗ �` ∗ h 

Equation 2.7 

By fitting the total energy of the slab, ESlab, as a function of the number of layers, N, in the slab 

model, the bulk energy for one layer, EBulk, can be obtained from the slope. Plug in this value into 

Eq.1, the surface energy for slab with different number of layers can be calculated and the results 

are plotted in Figure 2.9. 
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Figure 2.9 The surface energies of different layers and their relative errors comparing with 6-
layer slab model. 

 

Figure 2.9 shows how surface energy converges with slab thickness. The surface energy for 1-

layer slab is much lower than the other slabs. This is due to the weak interaction between the top 

and bottom surfaces in the 1-layer slab. As the number of layers increases, the surface energies are 

converged to 491.52 mJ/m2 and for the slab with more than three layers, the relative errors 

comparing with 6-layers slab is less than 0.2%. This means the surface energy converges quickly 

with the slab thickness, thus the center of the slab is mimicking the bulk behavior and the self-

interaction between the top and bottom layers is negligible. As the surface energy is converged 

with three layers, in order to eliminate the surface impact on the stacking fault structure, it is 
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reasonable to have three layers of atoms between the stacking fault plane and the surface. In this 

study, a slab model with six layers is built in the calculation of stacking fault energy.  

2.4.2. Generalized SFE and Fracture in CaCO3 

In the original GSFE model, sliding proceeds by single atomic layer in metals. However, as shown 

in Figure 2.8c, the aragonite crystal structure is much more complicated than metals. In aragonite, 

each (110) plane includes four CO3
2- groups and four bonded Ca2+ ions (green). The four CO3

2- 

groups are parallel to (001 ) plane but at different positions along the [001 ] direction, as indicated 

by their dark blue to light blue color. In the slab with perfect stacking sequence, the position of 

each (110) layer is equally shifted with respect to the adjacent layer by 2.65 Å along  [	1 10]	 
direction. Thus, the stacking of the (110) planes in aragonite can be considered 

as …GABCDEFG…. The structure repeats itself every seven layers. In order to create the first 

stacking fault, the top four layers are shifted along the [	1 10] direction at a distance of 4.161Å. 

The stacking fault structure has a stacking sequence of …BC|DEDE|FG… By shifting the top 3 

layers once more, the twinning structure in Fig 2c has the stacking sequence of …DE|FEDEF|G...  

The calculated GSFE obtained from the 6- and 8-layer slabs show less than 5% difference (see 

Figure 2.10), indicating that the 6-layer slab is thick enough to mimic GSFE in bulk aragonite.  

By comparing the NEB computed USFE structures with the perfect slab and the stacking fault 

structure, it is noteworthy that the USFE slab thickness increased by 0.22Å along z-direction, 

corresponding to a 0.73% expansion. To understand the effect of mechanical constraints, two more 

GSFE curves were calculated for the 6- layer slab as rigid sliding (no relaxation) and constrained 

sliding (only allowing layer expansion) as shown in Figure 2.10. The rigid sliding structures are 

built by simply changing the shift displacement between 0 and 4.161 Å upon perfect slab and 
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stacking fault slab without relaxation. The single point energies for these structures were calculated. 

The constrained sliding slab is constructed in the same way as the rigid sliding slab. But they are 

allowed to relax only along z-direction. The rigid sliding slab is built to mimic the deformation in 

mineral aragonite which does not have the nano-scale subgrain structure and biopolymers that 

allows the expansion along z-direction. The constrained sliding slab is mimicking the situation of 

no out-of-plane rotation of CO3
2- groups. 

 

 

Figure 2.10 The computed generalized stacking fault energy (GSFE) landscape and the fracture 
energy of aragonite. The USFE is higher than the fracture energy during rigid sliding, but drops 
below the fracture energy when layer expansion is allowed. Moreover, the USFE/SFE ratio is the 
highest in a broad range of metallic and oxide materials (as shown in Table 2.1). 
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Comparing the GSFE curves with and without constraints, the USFE dropped from 1400 to 900 

mJ/m2 after allowing expansion along z-direction, and to 776.4 mJ/m2 after full atomic relaxation. 

In the USFE structure during rigid sliding, the CO3
2- is directly on top of each other and the closest 

O-O distance is only 2.04 Å, causing a large repulsion. If the layer expansion was allowed, this 

repulsion led to bending of the planar CO3
2- and increasing of the O-O distance to 2.66 Å in the 

NEB computed USFE structure. This causes the large energy drop of the USFE with layer 

expansion. More importantly, the computed fracture energy for aragonite is 980 mJ/m2. Therefore, 

if expansion along the [110] direction is not allowed (such as in mineral aragonite), a fracture will 

occur before sliding of (110) planes can be activated. However, the platelets in nacre are not a 

single crystal aragonite. Instead, it consists of nanocrystals with soft and viscoelastic biopolymer 

in between. As such, expansion along the [110] direction becomes possible in biomineral aragonite, 

and the USFE will be lower than the fracture energy. This renders activation of sliding in the form 

of stacking faults or partial dislocations prior to fracture. This mechanism may be the key 

difference between brittle mineral aragonite and toughened bio-mineral aragonite. Another bio-

mineral, the bivalve Placuna placenta, also exhibits deformation twinning, while the mineral 

calcite is brittle[200]. For comparison, we also computed its SFE and TFE. The constrained USFE 

was obtained by the constrained method. 

2.4.3. Compare the twinning tendency of CaCO3 with other materials 

The twinning tendency is a criterion to make comparisons between full dislocations (T>1) and 

twinning (T<1) based on GSFE curve as defined in Equation 2.8. It has been widely used to analyze 

the competition between full dislocations, stacking faults and twinning [201–205] in metals. It has 

been validated for many FCC metals,  [206–208] 
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i = jk1 + 2 ∗ l1 � �`mn�o`mnpq ∗ �o`mn�ormn 

Equation 2.8 

Tadmor and Bernstein[206] have calculated the twinning tendency for eight fcc metals. The result 

showed the metals have a twinning tendency order of Pt<Al<Ir<Au<Cu<Pd<Pb<Ag which is 

consistent with experiments. This criterion has also been widely applied to other metals[209] and 

alloy[184,210] systems. Juan et al.[211] calculated the GSFE on (1 0 0) and (1 1 1) planes in Si 

using DFT method with LDA and conclude that (1 1 1) slip plane was more favorable for 

dislocation emission comparing with (1 1 1) slip plane due to the lower of unstable SFE in the 

range of 2.15 J/m2 to 1.81 J/m2. Hirel et al.[212] calculated the GSFE curve of perovskite oxides 

using DFT approaches and empirical interatomic potentials. 

The computed twinning tendency of aragonite is 1.684. It then transpires that deformation twinning 

should outplay full dislocations in aragonite. The ratio between the two barriers, USFE and UTFE, 

is 0.95, which indicates that once the strain energy is high enough to overcome the USFE, it is also 

easy to overcome the UTFE.  Therefore, deformation twins, partial dislocations, and stacking faults 

are observed after dynamic loading due to the higher accumulated strain energy. Under quasi-static 

deformation, however, the strain energy is insufficient to overcome such a high barrier. Instead, 

because of the low deformation rate (10-3/s), grain boundary sliding is activated, thus nano-grain 

rotation is observed.  



55 
 

Table 2.1 Comparison of USFE, SFE UTFE and TFE values (mJ/m2) in metals, Si, perovskite 
oxides, calcite and aragonite, which has the highest �o`mn/�`mn ratio 

 

The absolute values of USFE, UTFE, SFE, and TFE also point to the stability of the stacking fault 

and twinning structures, so they have been calculated for metals[209], alloy[184,210], 

 �o`mn �`mn �ormn �rmn 
�o`mn�`mn  Reference 

Al 224 164   1.4 [99] 

Mg 92 36 111 39 2.6 [213] 

Cu 173 33 190  5.2 [94] 

Ni 270 120 330 110 2.3 [214] 

Ag 190 18 105  10.6 [206] 

Al 175-224 99 207  1.8-2.3 [206] 

Pd 265 107 355  2.5 [206] 

Si 1810 50-70   35-25 [211], [215] 

SrTiO3 1225 925   1.3 [212] 

Be 937 557   1.7 [214] 

Ti 394 287   1.4 [214] 

Zn 120 102   1.2 [214] 

Zr 261 223   1.2 [214] 

CaCO3 

(Calcite) 
810.4 262.6  99.2 3.1 This work 

CaCO3 

(Aragonite) 
776.4 9.5 814.8 11.1 81.7 This work 
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semiconductor (Si), and even perovskite oxides[212], as listed in Table 2.1. For metals, both USFE 

and SFE are lower than 300mJ/m2, which is consistent with easily activated dislocations and 

deformation twinning.  For Si and perovskite oxides (SrTiO3), both USFE and SFE are above 

900mJ/m2, and as a consequence, deformation twinning cannot easily form at room temperature. 

However, for aragonite, the SFE is extremely low while the USFE is comparable with Si and 

perovskite, which leads to the largest USFE/SFE ratio among all the listed materials. Comparing 

calcite and aragonite, their USFEs are comparable, while the SFE of calcite is higher due to 

flipping of CO3
2- group in the stacking fault structure. The TFEs in calcite and aragonite are very 

low, suggesting that twinning structures will be very stable after generation. The very high 

USFE/SFE ratio in aragonite gives rise to the unique deformation twinning tendency for aragonite.  

2.4.4. The Atomic Structure and Bonding for the high USFE/SFE ratio  

The largest USFE/SFE ratio in aragonite comes from its unique bonding nature and structure.  In 

general, due to the shared electrons of metallic bonding, the USFE is relatively low in all metals, 

compared to materials with primary covalent and ionic bonding structures, such as Si or SrTiO3. 

From the structure point of view, the atoms of (111) planes slide along the [112] direction (the 

Burgers vector, b) to form USF and SF structures in FCC metals, such as Cu, as shown in Figure 

2.11c (projected along the [110] direction). In this 2D projection, the (111) planes above the 

stacking fault plane (orange line) has slid by a displacement of u. When u/b=1, the SFE is at a 

minima; when u/b=0.5, the atoms above and below the fault plane are on top of each other, 

rendering the USFE structure.  

In ceramics, each species can form its own sub-lattice, at a repeating length of b’. But not all of 

them can satisfy the u/b ratio in the SFE landscape simultaneously. For example, three sub-lattices 



57 
 

exist in perovskite SrTiO3, only O slides to s/tuB  = 1 in the USF structure and s/tuB = 0.5 in the 

SF structure. As shown in Fig 4d, the grey octahedron represents Ti-O6 complex. In the SF 

structure, the Ti-O6 and Ti are on top of each other, leading to very high SFE because of the 

interatomic repulsion of the cations. In the USFE structure of SrTiO3, O-O atoms are on top of 

each other and the smallest O-O distance is 2.383 Å, which gives rise to a very high USFE. 

Interestingly, for aragonite, the Ca2+ slides to s/tFfB = 0.5 in the USF structure and s/tFfB = 1 in 

the SF structure, while the CO3
2- sub-lattices slide to s/tFuvB  = 0.64 and s/tFuvB  = 0.75 in the USF 

and SF structures, respectively. This is consistent with the very high USFE of 1400mJ/m2 (after 

rigid sliding), but still has not explained why the SFE is very low compared to other ceramics. The 

ionic bonds in aragonite CaCO3 are shared by many Ca-O pairs, since each Ca2+ cation is 

surrounded by 9 O from 6 CO3
2- anions, (within a bond distance cutoff of 2.70 Å) shown by the 

red polyhedrons in Figure 2.11a. The polyhedrons also naturally form hexagonal patterns around 

each C in the CO3
2- group. Compared with the perfect and the SF structures, some Ca-O bonds are 

broken while some new bonds are formed, while the total number of Ca-O bonds remains 

unchanged, leading to a very small energy difference between the two structures (SFE). Thus, it is 

reasonable for one to believe that the Ca-O ionic bonds are more shared than that in SrTiO3 because 

of the large number of first nearest Ca-O neighbors. 

The atomic relaxation process will further reduce the SFE. Figure 2.11b shows the details of atomic 

displacement. The standalone purple diamond cell shows the structure feature in the perfect 

structure. Small triangles are the CO3
2- groups and the solid circle and squares are Ca2+ in different 

depths in the [001] direction. (Compare with dashed line in Figure 2.8c). The brown cells are after 

rigid sliding and relaxation. In the perfect cell, the two shortest bonds between Ca2+ and CO3
2- 

(2.42Å) are in the short diagonal direction.  With this bond cutoff, they become bonded along the 



58 
 

long diagonal direction after rigid sliding, resulting in higher local energy. Therefore, during 

relaxation, the Ca2+ move to the sites closer to the short diagonal CO3
2- and the CO3

2- rotated 5° to 

bond with Ca2+. Eventually, the Ca-CO3 bonds reach an equal length on this plane. This shuffling 

process gives the atoms in twinning structure exactly the same relative atomic neighborhood with 

the perfect structure [216]. Thus, the energy difference (SFE) between the two structures is very 

small.  

 

Figure 2.11 Structural origin of different USFE/SFE ratio and the relaxation mechanism of 
stacking fault. Perfect slab, USFE and SFE structures of (a) aragonite, (c) Cu and (d) SrTiO3 show 
the lattice structure and Burger’s vector combination leads to high USFE/SFE ratio. The orange 
line is indicating the slipping plane. (b) Detailed analysis of one diamond shape crystal cell 
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Figure 2.11 (cont’d) indicates Ca2+ prefers to bond with CO3
2- in the short diagonal and maintain 

the same mass center in each CaCO3 column. In the fault plane, the equal tendency of jumping to 
two sites (crosses) lead to equalization of CO3-Ca bond. The triangles are CO3

2- groups and dots 
in square and round are Ca2+. Different transparency indicates different depth 

2.5. Conclusion 

In summary, we calculated the USFE, SFE, UTFE, SFE, fracture energy and the twinning tendency 

of (110)[1 10] slip system based on the HRTEM findings in dynamically deformed nacre. The 

results showed that the fracture energy is larger than USFE when the (110) normal direction is 

allowed to relax, and as a consequence, SF and twinning can be triggered prior to fracture. 

Different from metals at large, and covalent compounds or perovskite oxides in particular, 

aragonite is found to show the highest USFE/SFE ratio. The high ratio is due to multi-neighbor 

shared ionic bonds and the unique relaxation process during sliding in the aragonite structure.  

Overall,  the unique deformation twinning in conjunction with other highly coordinated 

deformation mechanisms in nacre synergistically provide the striking strengthening and 

toughening under high strain rate loading.  
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CHAPTER 3. Coupling the Formation Chemistry and the 

Mechanical Fracture of Oxide Bifilms in Cast Aluminum 

(Part of this chapter is adopted from Ref. [61]) 

3.1. Summary 

The formation and entrainment of double layer oxides (bifilms) in aluminum casting is inevitable 

due to the high oxidation rate of liquid aluminum and particularly turbulence during the mold 

filling process. The final mechanical properties of the aluminum castings suffer from these 

inclusions but neither the formation process nor fracture mechanism is fully understood due to the 

difficulty of in-situ observation on nano-scale aluminum oxide thin film. To understand the impact 

of bifilms on the fracture mechanism at different bifilm formation stages and the aging processes, 

atomic level bifilm slab models were built according to their formation history. ReaxFF reactive 

forcefield-based molecular dynamics (MD) method was used to simulate the formation and 

deformation of different types of bifilms. The MD simulations showed that an incomplete “healing” 

process happened at the oxide/oxide interface during bifilm formation and the fracture occurred at 

the Al/oxide interface instead of the oxide/oxide interface. When the oxide transformed from 

amorphous to α-Al2O3 due to aging, the fracture energy increased from 0.43 J/m2 to 0.53 J/m2. 

With 30% coverage of hydroxyl group surface contamination, the –OH terminated oxide bifilm 

fractured at the oxide/oxide interface and the corresponding fracture energy dropped to 0.30 J/m2. 

This is most likely due to the H2 bubbles being trapped in the aluminum oxide bifilm interface. To 

facilitate multiscale modeling, such as casting process simulation and component durability 
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analysis, the MD predicted oxide bifilms fracture energy and fracture strength were converted to 

cohesive zone parameters, via a simple size bridging relationship. 

3.2. Introduction 

Oxide inclusion is a common defect in aluminum casting.[217–221] Because of the high oxygen 

affinity, liquid aluminum is rapidly oxidized to a few nanometer thick aluminum oxide films on 

the surface within seconds.[57,58] Due to the complex shape of the mold, strong surface turbulence 

can be generated when liquid aluminum fills the mold cavity, particularly in gravity pouring and 

high pressure die casting processes. The turbulence can fold the aluminum oxide thin films into 

“bifilms” and trap them into the final casting product.[222,223] Campbell first pointed out the 

importance of aluminum oxide bifilms, as he observed that the formation of many defects like 

porosity in cast aluminum is associated with the presence of aluminum oxide bifilms and the 

mechanical properties of the final product are significantly degraded by the entrapment of 

aluminum oxide bifilms.[224,225] Liu and Samuel demonstrated that oxide bifilms have a much 

more deleterious effect on the mechanical properties compared to other inclusions.[226] Wang et 

al. showed that the fatigue life of cast aluminum would drop monotonically with increasing of 

oxides area.[147] Campbell proposed two reasons for these phenomena: the brittleness of 

aluminum oxide bifilm comparing with aluminum metal and some residual gas left in the gap 

between the bifilms serving as the initiator of fatigue cracks.[223,224] As a result, Campbell called 

for an action in aluminum casting to stop pouring,[227] although it is hard to realize in every 

foundry. Therefore, the formation of aluminum oxide inclusions is almost inevitable in cast 

aluminum. 
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In order to simulate the effect of oxides on the formation of other defects such as porosity and 

particularly to predict the mechanical performance of cast aluminum alloys and optimize the 

casting process to achieve high-quality casting, it is extremely important to understand and 

quantify the structure and mechanical properties of the aluminum oxide bifilms. “Virtual casting” 

based on computational fluid dynamics (CFD) techniques have started to predict the distribution 

of oxide bifilms in the casting [148–150,228] by merely assuming that the excess free surface 

obtained in CFD simulations has the potential to be entrained into the bulk of the liquid. However, 

the actual folding process and the resulted aluminum oxide bifilm have not been characterized or 

modeled. Furthermore, the important structural and chemical information due to casting conditions 

and aging of aluminum oxide bifilms has not been incorporated into CFD models yet. Models that 

correlate the aluminum oxide bifilms with the mechanical properties of the cast aluminum alloys 

are also absence. Liu and Samuel fitted their experimental data into a relationship that the 

percentage elongation decreases linearly with a log of the area percentage of inclusions normalized 

by the oxide films.[226] Theoretically, knowing the location and distribution of the oxide bifilm, 

finite element modeling (FEM) can be performed to predict the mechanical responses of the cast 

aluminum with microstructure details by treating the aluminum oxide bifilms as cracks. However, 

this approach is hindered by the lack of direct measurement of the fracture properties of the ultra-

thin aluminum oxide bifilm.  

Both the fracture of aluminum oxide bifilms and their impacts on the overall mechanical properties 

of cast aluminum alloys are complicated because the structure of aluminum oxide evolves with 

time and temperature. Introduced by Campbell, the aluminum oxides formed within a very short 

time (a few seconds) were called “young oxides” [217] while those stayed in a furnace for a long 

time (minutes or even hours) were called “old oxides.” The structural differences between the 
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young and old oxides are not fully understood due to the experimental difficulty of analyzing the 

nanometer thin bifilms. However, there were a few indirect studies on other forms of aluminum 

oxide reported in the literature that have shed light on the evolution of oxides. Nyahumwa et al. 

[229] first suggested the bifilm structure evolves from amorphous to � and then # phase. Wefers 

[230] showed that various aluminum hydroxides would decompose and form � � hw�x\ and # �
hw�x\ when heating up to the melting temperature of Al. Studies on aluminum oxide nanoparticle 

[231] as well as the chemical and physical vapor deposited aluminum oxide coatings [232–234] 

also showed the same evolution process: initially forming an amorphous thin film with a few 

nanometers thickness;[235] then transforming into	γ � Al�O\ , which is accompanied by crack 

opening due to densification; as more oxygen diffuses through these cracks, the oxide film 

gradually becoming thicker with cracks being closed; and eventually all aluminum oxide being 

transformed into	α � Al�O\. Besides the structural evolution, the chemistry evolution also takes 

place in the bifilm aging process. During the casting process, the moisture in the environment can 

react with the exposed liquid Al and release hydrogen gas. The H2 gas will dissolve into liquid 

aluminum due to its high solubility at high temperature. However,  H2 gas will be released during 

solidification due to the low H2 solubility in solid aluminum.[236,237] These gas bubbles are 

believed to be trapped in the aluminum bifilm as well.[238] Therefore these H2 will react with 

aluminum oxide,[223,239,240] leading to the formation of hydroxyl groups on the oxide surface. 

These structural and chemical change of aluminum oxide bifilms will alter their fracture properties.  

Because of the lack of knowledge of the mechanical properties of the ultra-thin oxide bifilms, they 

are always considered as brittle material. Although the bulk aluminum oxide is brittle, the fracture 

behavior of very thin (nano-scale) aluminum oxide bifilm can be very different from its bulk form. 

Calvié et al. [241,242] observed aluminum oxide nanoparticles with a diameter of 40 nm do not 
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show brittle fracture under compression. Sen et al. predicted that the oxide film covering the 

aluminum nanowire exhibits soft, ductile, and even superplastic behavior with a balanced 

oxidation rate and strain rate[59,134] based on molecular dynamics simulations. Recently, Yang 

et al. confirmed the “liquid-like” aluminum oxide deformation with in situ transmission electron 

microscope (TEM) experiments to stretch pure aluminum nanotips under O2 gas environments[60]. 

These studies also suggest that accurate atomistic simulations can be used to predict the structure-

property relationship of the nano-scale oxide bifilms.  

Therefore, the goal of this paper is to apply molecular dynamics (MD) simulations to reveal the 

atomistic details of the formation and fracture of aluminum oxide bifilms. Specifically, the impact 

of structure and chemistry change during the aging process will be taken into consideration at the 

atomistic scale. To ensure the accuracy of the simulation, a reactive force field, ReaxFF 

[133,151,243] parameterized for Al-O system [134,137] was used, as it has been successfully used 

to describe the oxidation process, mechanical properties of aluminum and alumina at room 

temperature. Its accuracy in predicting the aluminum oxide properties at the melting temperature 

of aluminum was tested and validated in Chapter 3.4. With the reactive MD simulations, we first 

devised an atomistic bifilm construction procedure based on the formation, folding, and aging 

mechanisms of the oxide films that have been discussed in the introduction section and 

summarized in Figure 3.1. With this procedure, three representative aluminum oxide bifilms were 

constructed. As discussed in the oxide evolution process, the key structural difference between 

young and old oxides can be represented by the difference between amorphous and	α � Al�O\. 

Due to the aging process, the “old oxide” also has more chance to pick up H2, therefore a hydroxyl 

group-terminated α � Al�O\  bifilm was investigated for comparison. Thus, three oxide bifilm 

models were constructed and the details of their structures were discussed in Chapter 3.5.1. These 
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nano-meter thick oxide bifilm structures were then subjected the uniaxial tensile simulations 

normal to the bifilm direction, to understand their fracture behaviors in Chapter 3.5.2. Finally, to 

facilitate casting process simulation and casting structure durability analysis considering the 

impact of oxide bifilms, Chapter 3.5.3 demonstrated a scale bridging method to predict the 

micrometer-scale fracture strength data based on nano-meter scale MD simulation results.  

 

Figure 3.1 Schematic illustration of oxide bifilms formed during aluminum casting and their 
evolution with time and temperature change. 

 

3.3. Model Construction and Computational Methods 

3.3.1. Forcefield based MD methods 

DFT method is highly accurate but also computationally intensive which confines the system size 

to less than one thousand atoms with current computational power. To model the fracture behavior 

of bifilms, a much large simulation system size is required. So forcefield-based molecular 



66 
 

dynamics method is used in this study. In the next two sections, the basic principles of the 

forcefield (focusing on inorganic materials) based MD method is briefly discussed.  

Forcefield is a set of analytical models that can describe the interaction between atoms in a system. 

For example, a simple van de Waals interaction can be described by 12-6 Lennard-Jones potential 

as shown in Equation 3.1: 

V~,� = 4�[��>��� � ��>�(] 
Equation 3.1 

where r is the interatomic distance and V is the potential energy. 12-6 Lennard-Jones potential is 

a pair-wise (or a two-body) potential that only considers the interaction between two atoms. These 

analytical models typically contain parameters that can be tuned to fit different systems. There are 

two parameters in 12-6 Lennard-Jones potential, ϵ, and σ. By calculating the derivative of energy 

with respect to atom position, the force between each atom pairs can be calculated. The total force 

on each atom is the summation of all pairwise forces. To increase the accuracy of simulation results, 

many forcefields have been proposed. M.P. Tosi et al. proposed Born-Mayer-Huggins (BMH) 

potential which considers only the two-body interactions in ionic systems [244]. This potential 

achieved relative accurate crystal lattice on various ionic materials with the error less than 0.05 Å 

and served as the basics for later developing of ionic system forcefield. BMH can also predict the 

silica structural reconstruction phenomena around the vacancy by the proper fitting of the 

forcefield parameters [245]. However, it is impossible for the two-body forcefield to have the 

correct description of bond angles, so three-body terms are added to ionic potentials such as the 

Vessal potential [246] which consists the Buckingham potential term and an additional angle term. 
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Feuston et al. [247] also proposed the Feuston-Garofalini (FG) potential which is a combination 

of BMH and Stillinger-Weber (SW) potential [248]. These three-body potentials can have correct 

predictions on the bond angle, radial distribution function, and structure factor comparing with 

diffraction and scattering results.  

In this study, we are implementing ReaxFF reactive forcefield which has the capability of 

modeling chemical reaction along with other materials properties. In ReaxFF, the total energy 

contains the following terms [131,249]: 

������� = �g��� + ����� + �d���� + �e� + ��fe + ���� + ����ffe� + �F�de��g 

Equation 3.2 

where each term represents bonding energy, over-coordination penalty, under-coordination 

penalty, lone-pair energy, valence energy, torsion energy, van der Walls energy and Coulomb 

energy. In each interaction, the calculation is performed in the flow illustrated in Figure 3.2. All 

interaction terms can be classified into two groups: (covalent) bonded interactions and non-bonded 

interactions.  

For the bonded interactions, the first step is to determine the bond order from atomic positions. As 

shown in Figure 3.2, the bond order is determined as a function of interatomic distance, and the 

dependence on distance is continuous and smooth. To model the transition state, the bond order 

allows long term interactions. But this will lead to unrealistic interaction with the second neighbor 

of one atom. So the over-coordination correction term is introduced. The angle and torsion terms 

are three-body and four-body interactions based on the bonded pairs. So when a bond is broken, 

the bond order decreases, and the strength of a bond can decay continuously and smoothly.  
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Figure 3.2 Schematic of the ReaxFF iteration. The non-bonded interactions are on the left and the 
covalent/bonded interactions are on the right [131] 

The non-bonded interactions including Coulomb interaction and van der Walls interaction. These 

two energies are calculated across all atom pairs regardless of their bonding situation. They are 

also shielded at the short distance by introducing a shielding term to avoid unphysical large values 

due to the small distance on the denominator. The atomic charges are dynamically allocated by the 

electronegativity equalization method (EEM). More details of the EEM method will be discussed 

in Chapter 5.  
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Figure 3.3 The bond order of a carbon-carbon interaction with respect to distance. [131] 

 

Based on the analytical formulation of the forcefield, the potential energy of the system and the 

forces on each atom can be determined. The dynamic motion of the atomistic system will be 

tracked over time. For the given atomic system, the temperature is defined as the kinetic energy of 

a system by Equation 3.3: 

T = 23Nk� �U 

Equation 3.3 
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where N is the number of particles, ES is the total kinetic energy and k� is the Boltzmann constant. 

At the beginning of dynamics, all atoms are assigned an initial velocity randomly based on the 

desired simulation temperature. The motion of the atoms is governed by the Newton’s Law. To 

actually solve the trajectory of each atom as different time steps, the problem becomes an initial 

value problem. The numerical solution is computed by Verlet algorithm.  

For the microcanonical ensemble, the total energy, total number of atoms, and volume of the 

system are constant. Thus it is also called NVE ensemble. Usually, the temperature will deviate 

from the initial temperature due to the transfer of energy between kinetic and potential energy. In 

order to achieve a relative constant temperature during the simulation, NVT (constant atom 

number, volume, and temperature, also refer as canonical ensemble) is applied. Instead of simply 

scale all velocities together according to the desired temperature and result into unphysical results, 

a thermostat is used to achieve the trajectory that is consistent with statistical mechanics of the 

NVT ensemble during adjusting the velocities. Currently, Nosé–Hoover thermostat is widely 

implemented in the simulation to control the temperature[92,250]. In Nosé–Hoover thermostat, 

fictitious thermal bath is added to the existing system, and a new Hamiltonian is defined for the 

extended system.. The constant pressure can be achieved using NPT ensemble (constant atom 

number, pressure, and temperature, also refer as isothermal-isobaric ensemble) by applying a 

barostat using the similar idea as thermostat.  

3.3.2. Simulation of the forming process of oxide bifilms  

In this chapter, all MD simulations were carried out using LAMMPS package[251,252]. The 

parameters used in this study were presented and used by Sen et al. [134] to investigate the 

oxidation of crystalline aluminum nanowire. 
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Figure 3.4 The procedure to build aluminum oxide bifilm structures with different formation 
history 

 

To compare the change in oxide bifilm mechanical properties during the aging process, a protocol, 

shown in Figure 3.4, was developed for the aluminum oxide bifilm structures with different 

formation history. The corresponding structure details are listed in Table 1. As illustrated in Figure 

3.1, the formation history of the bifilm is complicated in terms of both time and temperature change. 

However, the typical MD timescale (~ns) is too short to observe the crystallization and the aging 
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process of aluminum oxide occurring in hours. Therefore, two representative structures and 

conditions, young oxides and old oxides, were built on aluminum metal.  

Table 3.1 Simulation details for monolayer and oxide bifilm structures shown in Figure 3.4 

Structure name 
Number of 

Al 

Number of 

O 

Number of 

H 
Cell size/Å 

Figure 3.4(c) Monolayer young 
oxides 

6708 1539 - 80×40×140 

Figure 3.4(d) Monolayer old 
oxides 

7885 1879 - 80×40×140 

Figure 3.4(e) -OH terminated 
Monolayer old oxides 

7885 1879 200 80×40×140 

Figure 3.4(f) Young oxides 13416 3077 - 78.49×39.93×140 

Figure 3.4(f) Old oxides 15770 3758 - 81.18×41.64×140 

Figure 3.4(f) -OH terminated old 
oxide 

15770 3758 400 80.86×41.49×140 

 

 

As shown in Figure 3.4(a), for young oxide, its formation was directly simulated using MD 

simulation by allowing an 8 nm thick Al (1 0 0) slab reacting with the O2 environment. To 

accelerate the oxidation process, the pressure of O2 was set to 200 atm and the temperature was 

set to the melting point of Al. After 200 ps NVT (constant number of particles, volume, and 

temperature) MD simulations, a ~1 nm thick aluminum oxide passivating layer was formed on the 

Al surfaces on both sides. Then, a 4 nm thick slab (3 nm thick of aluminum covered by 1nm 

aluminum oxide) was taken from the oxidized Al-slab as the structure of monolayer young oxides 

(see Figure 3.4(c)).  
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As shown in Figure 3.4(b), the old oxide structure was built by attaching 1 nm thick # � hw�x\ to 

a 3nm thick Al (1 0 0) slab, then relaxing the structure with 50 ps NVT MD simulations at the 

melting point of Al. However, the sharp interface between the Al and the oxide indicates limited 

inter-diffusion at the melting point of Al (See section 3.2 for more details). To have a fully smeared 

Al/oxide interface that is formed due to oxidation, the Al/oxide interface was heated to the melting 

point of aluminum oxide, as indicated in Figure 3.4(d).  

The –OH terminated old oxide surface was simulated by terminating ~30% surface oxygen atoms 

with hydrogen atoms. Therefore, 200 hydrogen atoms were added to the old oxides monolayer 

slab surface. The –OH terminated old oxides structure was minimized and equilibrated using NPT 

(constant number of particles, pressure, and temperature ensemble to release any stress in the x-y 

plane) ensemble at the melting temperature of Al. The relaxed structure is shown in Figure 3.4(e). 

Finally, three monolayer oxide/Al slabs were formed via a series of MD simulations and the 

Al/oxide interface in all three cases was considered to be the “wetted” side of the oxide[221]. 

The folding process that forms the oxide bifilm was simulated by duplicating the monolayer, 

flipping it and placing it on top of the original monolayer slab. Forces that correspond to 1 GPa 

pressure was applied to the aluminum atoms at the top and bottom of the bifilm slab for 50 ps 

using NVT ensemble followed by 10 ps NPT (to relax the stress on the x-y plane). As discussed 

earlier, more bonding may form across the bifilm interface with increasing aging time and 

temperature.  Therefore, to compare the two extreme folding conditions, young oxides were folded 

at the room temperature (and compared with folding at high temperature) and old oxides were 

folded at the melting temperature of Al then quenched to the room temperature followed by a 10 

ps NVT MD relaxation (see section 3.2 for more discussion). The –OH terminated old oxide was 

folded at room temperature because the H2 will only escape from aluminum matrix after 
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solidification at low temperature. The interface between the folded aluminum oxide slabs is 

considered to be the “dry” or “inner” interface[221].  

3.3.3. Simulation of the fracture process of the aluminum oxide bifilms  

Uniaxial tensile simulations at room temperature were performed along the direction that is 

perpendicular to the slab surface. The length of the simulation cell was increased by 0.5% of strain 

along the tensile direction every 1ps, followed by structure relaxation at room temperature with 

NVT dynamics. To maintain the applied strain in a cell with vacuum, the atoms in the top and the 

bottom layers in the bifilm structure were fixed in the z-direction during structure relaxation. This 

simulates an applied constant tensile strain rate of 5×109/s.   

3.4. Validation of ReaxFF 

To validate the accuracy of this ReaxFF reactive force field [134], the modulus, melting 

temperature and density of different oxide structures were calculated and compared with 

experimental values. The results are described in this Section.  

3.4.1. Scaled temperature 

The melting temperature of Al was first calibrated in this study. To avoid the overheating and 

overcooling effect in MD simulation due to the lack of defect as nuclei, we implemented a two-

phase method to calculate the melting point[253], which is defined as the temperature for liquid 

and solid to co-exist. In the two-phase method, the crystal Al and liquid Al was built separately at 

700K and 800K. Then the liquid structure was quenched to 400K and stacked with crystal Al to 

form a solid-liquid interface. The different initial temperature was applied to the two-phase 

structure with NVE (constant number of Al, constant volume and constant total energy) ensemble. 
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The interface will move towards the solid side or the liquid side depending on the different initial 

temperature. When the final temperature reached equilibrium with a clear solid-liquid interface, 

this final temperature is considered to be the melting point of Al. The details of two-phase 

simulation and a case with low initial temperature is shown in Figure 3.5. It clearly showed the 

liquid phase solidified and the crystalline phase grew and the solid/liquid interface move toward 

the liquid phase. Several stacking faults (red atoms) were formed during crystallization.  

The melting point of Al calculated using the ReaxFF is 670K, which is lower than the 933K 

experimental melting temperature. This is partly because the melting point data is not explicitly 

included in the ReaxFF training set. To compensate for this effect, we used scaled temperature in 

all simulations in this study. A similar approach has been taken in previous MD 

simulations[59,134]. Considering the room temperature, 300K, which is about 32% of actual Al 

melting temperature, we used 32% of calculated Al melting temperature as the scaled room 

temperature, meaning RT=210 K=32% Tm(Al) ≈ 32% × 670 K.  
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Figure 3.5 Build structure for two-phase simulation. The initial temperature of 200K is applied to 
show the moving of interface toward crystal side 

 

3.4.2. Density and Elastic Modulus of the oxides 

The density is validated across different aluminum oxide phases. The density is calculated by 

applying NPT dynamics to bulk Al�O\ structure until the system reaches equilibrium. At the scaled 

room temperature, the calculated densities of amorphous, γ � and α � Al�O\ are 3.47, 3.46 and 

3.74 g/cm3, respectively. The experimental values are 3-3.5, 3.66 and 4 g/cm3, 
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respectively[254,255]. The relative errors are less than 7%. At the scaled melting point of 

aluminum, the corresponding density values of amorphous, γ � and α � Al�O\ are 3.45, 3.43 and 

3.72 g/cm3
, which are reasonably smaller than the density at room temperature due to volume 

expansion. The corresponding linear thermal expansion coefficients are 4.2×10-6/K, 6.3×10-6/K, 

and 3.9×10-6/K, which are consistent with the experimental value of 7.5×10-6/K[256].  

Tensile simulations were performed for amorphous-Al2O3 at scaled room temperature (0.3 Tm) 

and Al melting temperatures (Tm) to obtain the Young’s modulus. According to the predicted Tm, 

room temperature (0.3 Tm) is 210K. Amorphous structure with 5500 atoms of Al2O3 is generated 

by heating κ-Al2O3 crystal structure to 4000K then rapidly quenching to the 0.3 Tm and Tm. For 

comparison, a series of structures with a density ranging from 2.0 g/cm2 to 4.0 g/cm2 at different 

O/Al ratios ranging from 1.1 to 1.5 is built by resizing the cell length and randomly deleting O 

atoms. Before deformation, each structure is heated to 4000K for 10 ps to form the liquid and 

quenched down to 0.3 Tm and Tm for 10 ps to reach equilibrium with NVT dynamics. The tensile 

simulation is performed along z-direction while the cell lengths in the transverse direction are fixed. 

The relation between modulus and Poisson's ratio for an isotropic material is described in Equation 

3.4: 

��������\\� = 1�	� 1����		
��1��		

����1 ���������\\� 

Equation 3.4 

where σ, ε, ν and E are stress, strain, Poisson’s ratio, and Young’s modulus, respectively. Since we 

have applied (0, 0,  �\\) strain and computed the stress (���,���,�\\) with NVT dynamics, the 

Young’s modulus can be obtained by fitting the stress-strain data and the result is shown in Figure 
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3.6. In the experiment, the Young’s modulus for amorphous Al2O3 with 2.8 g/cm2 density is 

ranging from 95-110 GPa [257,258]. Using NPT dynamic, the equilibrium density of Al2O3 at 

room temperature is about 80 GPa. Comparing with the experimental data, the ReaxFF predicted 

about 10% lower result, which is within a reasonable deviation for modulus calculation.  

 

Figure 3.6 The ReaxFF predicted room temperature Young's modulus of Al oxide with different 
oxygen content at different density  

The elastic bulk modulus of the three aluminum oxides was calculated by fitting the energy of the 

bulk structure under hydrostatic deformation in the range of  �5% strain. These fully periodic 

structures, without any defects, tend to deform mainly elastically within this strain range. The 

calculated bulk modulus of amorphous, gamma and alpha aluminum oxide are 80, 143 and 191 

GPa, as plotted in Figure 3.7. The open and solid dots are moduli data measured by experiments 

or calculated using DFT method from the literature [233,259–270]. Although the absolute modulus 

values are scattered, the order of the modulus in amorphous, γ− and then α− (from low to high) is 

consistent. The absolute value of the bulk modulus calculated in this work is slightly lower than 
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the literature data but the trend reminds the same. Overall, the ReaxFF can provide reasonably 

accurate quantitative results on the bulk modulus.  

 

Figure 3.7 The predicted room temperature bulk modulus of bulk aluminum oxides at different 
phases in comparison with experimental values in the literature [233,259–270] 
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3.5. Results and Discussion 

3.5.1. Interface analysis in oxide bifilms 

To characterize the “wetted” Al/oxides interface and the “dry” oxide/oxide interfaces, the atomic 

charge distribution and the bond density at these interfaces were analyzed for the fully-developed 

aluminum oxide bifilm structures. Figure 3.8 shows the atomistic structures of the “wetted” 

Al/oxide interface in the mono-slab and the projected charge distributions normal to the interface. 

The z position, or the surface normal direction, is labeled on the vertical axis of Figure 3.8. The 

right panel shows the relaxed interface structure with red, gray and black points representing 

oxygen, aluminum and hydrogen atoms. Their “atomic charges” are projected on the left panel 

with the same color scheme.  The oxygen charges are about -1.0 in the oxide layer and the charges 

on Al atoms change from neutral in the metallic phase to as high as +1.5 in the oxide phase. The 

Al/oxide interface region has a finite thickness, which is bracketed by the dashed lines highlighting 

the positions of the top of the neutral Al atoms and the lowest position of oxygen in aluminum. 

For clarification, the structures in Figure 3.8(a), (c) and (d) are room temperature ones and the 

structure in Figure 3.8(b) is at the melting temperature of Al.  

Figure 3.8(a) shows a ~1.1nm thick amorphous young oxide layer on the top of an aluminum slab, 

under which there is an Al/oxide interface region with a thickness of ~0.8 nm. This interface region 

was formed during direct oxidation of the aluminum metal in an oxygen atmosphere at the melting 

point of Al. The oxidation process was accompanied by the inter-diffusion of oxygen and 

aluminum atoms, which generated a smeared and well-bonded interface.  

 



81 
 

 

Figure 3.8 The charge on each atom of (a) the young oxides, (b) old oxides without extra heating, 
(c) old oxides and (d) –OH terminated old oxides with respect of their position along the surface 
normal direction. The corresponding atomic structures are shown 
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Figure 3.8(b) shows the mono-slab structure after relaxing the as-built amorphous Al2O3/Al 

interface for 50 ps at the melting temperature of aluminum. Comparing to the monoslab with young 

oxide, the interface thickness region in Figure 3.8(b) is only 0.2 nm. This sharp interface is due to 

insufficient interdiffusion within the limitation of total simulation time in MD simulations even at 

the melting temperature of aluminum.  Considering the actual interface of the old oxides grown on 

aluminum should have at least similar smeared thickness with the young oxides, if not thicker due 

to its longer formation time, a local heating process was added to enhance the interdiffusion at the 

Al/oxides interface (step (d) in Figure 3.4). More specifically, a 7 Å thick interface region was 

heated to the melting temperature of aluminum oxide (Al2O3) for 50 ps while the bulk Al part is 

still at room temperature. This resulted in the old-oxide/Al interface structure shown in Figure 3.8 

(c), in which the interface region thickness increased to 0.6 nm. This thickness is comparable with 

that in young oxides formed due to oxidation.  

Figure 3.8(d) shows the –OH terminated oxide/Al interface at room temperature. The H atoms are 

~ +0.4 charged and located within the top layer of the oxide. It has a width in the charge distribution 

plot because the top surface is not smooth. The top position of the oxide surface, in fact, fluctuates 

within ~5Å.  Since it was built upon the relaxed interface structure in Figure 3.8 (c), the interface 

region thickness remains 0.6 nm. So, all three structures have well “wetted” and smeared Al/oxides 

interfaces.  
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Figure 3.9 (a) The Al-O bond density of (b) young oxides, (c) old oxides and (d) -OH terminated 
old oxides and their bifilm structures  

 

The mono-slab structures shown in Figure 3.8 (a), (c), and (d) representing the young oxides, old 

oxides, and –OH terminated old oxides, are then folded to form the oxide bifilms. Figure 3.9 shows 

the fully relaxed bifilm structures and the Al-O bond density distribution normal to the interface 

for these three types of oxide bifilms. The bond density is the number of Al-O bonds (with a cutoff 
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distance of 2 Å) in the cross-section parallel to interface plane. In Figure 3.9 (a), the blue, red and 

yellow curves indicate the Al-O bond density of young oxides, old oxides and –OH terminated old 

oxides at the dashed box regions, respectively. The zero point on the vertical axis corresponds to 

the middle plane of the oxide/oxide interface. As a comparison, the bond density in the amorphous 

aluminum oxide is plotted in dash line. In the Al layer, only the Al-Al bond exists. So, the bonding 

density of Al-O decreases to zero at the two ends. At the Al/oxide interface, Al-O bond density is 

increased gradually. The gradual transition is also consistent with the smeared Al/oxide interface. 

The dashed line indicates average bond density for bulk amorphous aluminum oxide. It is slightly 

lower than the bond density at the center of the oxide layer since the oxide slab is compressed in 

the folding process. It also indicates that the oxide slab thickness is sufficient, as its structure can 

represent the bulk structure. 

The “dry” oxide/oxide interface has much lower but non-zero Al-O bonds density. This means that 

the oxides are partially “healed” by forming some Al-O cross the “dry” interface for all three 

structures. The bond density of young oxide is lower than that of old oxides. This is because young 

oxides are folded at a lower temperature. We also simulated folding at the melting temperature of 

Al. By folding young oxides at high temperature, the bond density increased to 0.06/A2, as the 

same as the old oxides. Also, the oxygen content difference on the “dry” interface contributes to 

the lower bond density. During the oxidation process, the oxygen content in the surface oxides 

increased gradually. For young oxides, the actual O/Al ratio is less than 1.5, which was also 

observed in other MD simulation studies[134] and experiments.[271] But the old oxide retains the 

exact 2:3 Al/O ratio as it is the α-Al2O3 and more Al-O bonds can form at the interface. The –OH 

terminated old oxide interface has a much lower bond density comparing with the old oxide 
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interface due to the hydrogen atoms on the surface preventing the Al-O bond formation across the 

“dry” interface.  

In all three oxide bifilm structures, the Al-O bond density at the “dry” interface is about 50% to 

75% of the bond density in the bulk amorphous Al2O3. This means that the two oxide layers will 

not fully “heal” although a pressure of 1 GPa is applied during the bifilm formation process.  Even 

though there are a partial “healing” process and some Al-O bond forms across the oxide/oxide 

interface, the oxide bifilm indeed has a two-layer structure with significant low bonding density 

gap in the middle. This is consistent with the “non-wetted” assumption of the inner interface of 

the bifilms.[221,272,273]  

3.5.2. Deformation of the aluminum oxide bifilms under tension 

The oxide bifilm structures, including the two kinds of interfaces in the whole Al-oxide-oxide-Al 

slab, were subjected to uniaxial tension at room temperature. Figure 3.10 (a) shows the fracture 

feature of young, old, and -OH terminated old oxide bifilms at 20% strain, where a fully detached 

crack surface can be observed. Note these oxides are much more ductile than their bulk form or 

even considered to be “super plastic”[59,134]  or “liquid-like”[60], therefore a large strain is 

required. It is seen that both young and old oxide bifilms fracture at the “wetted” Al/oxides 

interface, and some aluminum metal transfers to the oxide after fracture. Unlike young and old 

oxides, the –OH terminated old oxides fracture at the “dry” oxide/oxide interface.  
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Figure 3.10 Deformation analysis of bifilms. (a) The fracture feature of young, old and –OH 

terminated old oxide bifilms. (b) The stress-strain curves of the three bifilms. 

 

The stress-strain curves of the three oxide bifilms are plotted in Figure 3.10 (b). The blue, red and 

yellow curves represent young, old and –OH terminated old oxides, respectively. During the 

deformation process, the stress for the old oxide bifilm increases to the ultimate tensile stress and 

then drops immediately to zero stress at ~6.5% strain, exhibiting a brittle-fracture behavior. The 



87 
 

following stress oscillation is due to the stretching of several aluminum nano-ligaments developed 

during the fracture process, as shown in Figure 3.10(a). For the young oxide bifilm, a small stress 

plateau following the ultimate tensile stress indicates a more ductile tensile behavior comparing 

with the old oxide bifilm. However, the simulated ultimate tensile stress of young oxides is 1.1 

GPa, which is 0.45 GPa lower than that of the old oxides (1.55 GPa). For the –OH terminated 

oxide bifilm, the ultimate tensile stress is 1.2 GPa, similar to that of the young oxide bifilm, but 

the stress drops gradually, due to the plasticity exhibited in the nano-scale oxide films. Similar to 

young and old oxides, several nano-ligaments between the fracture surfaces are still connected 

after fracture. For all three oxide bifilms, major cracks are formed across the fractured interface 

around 6% strain.  

We notice that although the Al-O bond density at the oxide-oxide “dry” interface in the bifilm is 

lower than the rest of the oxides, the oxide/oxide interface is still stronger than the Al/oxides 

interface. Increasing the folding temperature of the young oxide will not change the location of the 

fracture, as it will further increase the bond density and enhancing the bonding at the “dry” 

interface. This is different from the general belief that the “wetted” Al/Al2O3 interface is well-

bonded and stronger than the “dry” side. In fact, the strength of metallic Al-Al bonds is intrinsically 

weaker than the ionic Al-O bonds, supported by a density functional theory (DFT) study by Wang 

et al.[138]  They compared the work of separation at different positions in the Al/oxide slab and 

found that the Al/oxide interface had the lowest work of separation of 0.79 J/m2. But the work of 

separation only characterizes the energy change in equilibrium state since the DFT calculations 

did not take the temperature effect, nor plastic deformation into consideration.  

In the MD simulation, the fracture energy can be calculated by integrating the area under the stress-

strain curve from zero strain to the fracture strain. In this way, the temperature effect and energy 
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change due to plastic deformation can be included.  In our study, the calculated fracture energy for 

young and old oxide slabs is 0.43 and 0.53 and J/m2, respectively. The fracture energy, especially 

for the one fractures at the Al/old-oxide interface, is in good agreement with the DFT results. The 

fracture energy of the –OH terminated old oxide is only 0.30 mJ/m2, which explains why fracture 

occurs at the “dry” oxide interface. Also, all three structures show higher ductility than typical 

experimental observation of bulk aluminum oxide. This is because, at the nanoscale, the surface 

diffusivity is greatly enhanced. During the deformation process, the Al-O bond can be stretched to 

break and then healed by reconnecting with neighboring atoms.[134] This is similar to the findings 

reported for the compression test on aluminum oxide nanoparticle[241,242] and nano-indentation 

on TiO2.[274]  

Comparing our simulation results with experimental observations also reveals some interesting 

conclusions.  Wang reported that after deformation of the casting samples in the experiment, young 

oxides always appear on one side of the fracture surface, which is consistent with our simulation 

observation. But old oxides always appear on both sides of fracture surfaces which means old 

oxides fracture at the oxides/oxides interface.[147] Also, SEM images acquired by Dr. Jianfei Sun 

from Harbin Institute of Technology on fracture morphology of bifilms at different stage agrees 

well with our MD simulations. 

Our calculation shows that the phase transition from amorphous oxide to α-Al2O3 and the folding 

temperature from the room temperature to the melting point of aluminum will not change the 

location of the fracture. Therefore this difference is more likely due to the impurities or the 

hydrogen trapped at the old oxide bifilm interface during the aging process.  It has been suggested 

in the literature that the –OH termination on the contaminated surface repels each other and at the 

same time occupies possible reactive sites for Al-O bond formation during the folding 
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process.[236–238,275,276] This is proved by the Al-O bond density plot shown in Figure 3.9. The 

H atoms at the bifilm interface also prevent dangling Al-O bonds (after bond breaking) to be 

reconnected with other Al and O atoms,[134] thus reducing the fracture energy. Overall, the 

fracture energy of the –OH terminated old oxides is much lower than that of the non-contaminated 

old oxides. Therefore, the simulation results further conclude that the contribution of –OH group 

surface contamination to the initiation of cracks at the “dry” interface is more significant than the 

reduced Al-O bond density and the brittle nature of the oxide.    

3.5.3. Scale bridging to microscale for cohesive zone model 

Simulations of the oxide distribution during the casting process and its fracture in the solidified 

cast aluminum parts are both important. Pita and Felicelli have proposed an immersed element-

free Galerkin (IEFG) method to model the deformation of the oxide film in liquid aluminum[150]. 

They assumed the total volume and density of oxide bifilms remain unchanged due to the lack of 

information on oxide properties. In most engineering applications, finite element method (FEM) 

is used for solid structure analysis and a cohesive zone model (CZM) can be adapted for 

deformation and fracture calculation.[277] Therefore, it will be extremely useful to pass the MD 

predicted aluminum oxide bifilm fracture properties to the CZM and other continuum models for 

engineering design of aluminum castings. It is noted that the predicted fracture strengths of all 

three aluminum oxide structures are above 1 GPa which appears to be much higher than the 

measured values for a typical metal/oxide interface (hundreds of MPa).  This is a well-known size 

effect due to two reasons: first, the lack of defects such as stacking faults and dislocations to initiate 

the yield process[278]; second, the limited size of simulation cell at atomistic level forbidding the 

gradual propagation of cracks. In the FEM model, the smallest step for crack propagation is the 

mesh size. In MD simulation, due to the cell size and the periodic boundary condition, the crack 
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tends to open up the whole interface at the same time. Xia et al. compared the MD predicted 

interface property and the CZM parameters needed to predict the experimental measurements for 

the Al/Si interface in cast Al-Si alloys.[279] They showed that the fracture energy is conserved in 

both MD and CZM simulations. They proposed the relationship between fracture strength in the 

MD simulation, �∗, and the fracture strength in FEM, ��, can be scaled by Equation 3.5: 

ln l��p = �12 ln =���∗G 

Equation 3.5 

where L is the mesh size in the FEM model and a is the intrinsic cohesive zone of length.  

 

Figure 3.11 The fracture strengths of the three bifilms under different mesh size in finite element 
methods. 
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Assuming the oxide bifilm will be treated as crack nucleation in FEM with a CZM [279], we scaled 

the fracture strength with the mesh-size used in FEM, as shown in Figure 3.11. More theory 

derivations for this size bridging method can be found in Ref. [279]. The results showed that under 

100nm mesh size, the fracture strength of young, old and –OH terminated old oxides are 50.7, 71.1 

and 63.7 MPa, respectively. These values can be used as basic oxide properties to predict the 

fracture behavior of aluminum castings. 

Due to the difficulty of conducting experiments to probe the mechanical properties of the oxide 

bifilms [280], there is no direct verification of our prediction yet. This is indeed the opportunity 

and motivation to apply accurate atomistic modeling to predict properties that are hard to measure.  

The MD simulation results are consistent with several previous experimental and computational 

studies indirectly. For example, Nyahumwa [281] reported that in unfiltered casting samples 

(consist of both young and old oxides), fractures occur at the young oxides. This indicated that the 

fracture strength of the young oxides should be lower than that of the old oxides, which agrees 

with our MD results. In the IEFG model [150], it was assumed that the oxide bifilm was stretchable, 

which is consistent with the ductile behavior observed in MD simulations.  Based on equation 1, 

it can be derived that when mesh size is at the magnitude of a millimeter, the corresponding fracture 

energy is on the order of 5 × 10� MPa, which is close to zero.  This is the assumption used for 

analytical fatigue life models, which assume that fatigue crack initiation life is zero if the crack is 

initiated from defects like porosity and oxides[239,282]. These agreements collectively supported 

the simulation results. Therefore these MD results can be used to quantify oxide bifilm deformation 

and fracture properties at different aging stage and different chemical environments. These 

predictions will then serve as inputs to a multiscale modeling framework to simulate the oxides 

distributions in the casting process and the fracture of the casted components during operation.  



92 
 

3.6. Conclusion 

Based on the formation history of oxide bifilms, a set of reactive MD simulation procedures were 

carefully designed to predict the mechanical properties of the oxide bifilms formed in aluminum 

casting. During oxide bifilm formation, the Al-O bond density at the “dry” interface is about 50% 

to 75% of the bond density in the bulk amorphous Al2O3, indicating an incomplete “healing” 

process occurred in the oxide. During the oxide aging process, the oxide transforms from 

amorphous to α-Al2O3 and the fracture energy also increases from 0.43 J/m2 to 0.53 J/m2.  

Despite the “healing” process, both young and old oxide bifilms fracture at the “wetted” Al/oxides 

interface with some aluminum metal transferred to the oxide after fracture. In comparison, with 

30% coverage of hydroxyl group surface contamination and similar Al-O bond density across the 

oxide/oxide interface, the –OH terminated (old) oxide bifilm tends to fracture at oxide/oxide 

interface and the corresponding fracture energy drops to 0.30 J/m2. The MD predicted fracture 

strengths are 1.1 GPa, 1.55 GPa, and 1.2 GPa for young, old, and –OH terminated old oxide bifilms, 

respectively. The hydrogen is likely to come from the H2 bubble trapped in the aluminum oxide 

bifilm interface. 

Therefore, the simulation results indicate that the contribution of –OH group surface contamination 

to the initiation of cracks at the “dry” interface is more significant than the phase change during 

aging, the interface healing process during bifilm formation, and the brittle nature of the oxide. 

Therefore, removing H2 trapping, via degassing or adding compounds that react with hydrogen 

more favorably than the oxide, will reduce a possible source for –OH termination, thus allow the 

oxides heal and strengthen at the bifilm interface. For large scale cast aluminum part design, the 

oxide bifilm initiated crack opening can be described by a cohesive zone model (CZM) in finite 
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element method (FEM). Therefore, a simple size-bridging relationship was used to scale the MD 

predicted fracture strengths to CZM parameters.  
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CHAPTER 4. Oxidation modulated Lithium nano-structure 

growth morphology change during extrusion 

(Part of this chapter is adopted from Ref. [151]) 

4.1. Summary 

Li metal is the preferred anode material for all-solid-state Li batteries. However, a stable plating 

and stripping of Li metal at the anode-solid electrolyte interface remains a significant challenge, 

particularly at practically feasible current densities. This problem is usually related to high and 

inhomogeneous Li-electrode-electrolyte interfacial impedance and to formation and growth of 

high aspect ratio dendritic Li deposits at the electrode-electrolyte interface which eventually shunt 

the battery. To assist the understanding the details of Li metal plating, operando electron 

microscopy and Auger spectroscopy were used to probe nucleation, growth, and stripping of Li 

metal during cycling of a model solid-state Li battery as a function of current density and oxygen 

pressure. Molecular dynamics simulations were performed to illustrate the impact of the oxygen 

partial pressure on the Li-growth morphology. We find a linear correlation between the nucleation 

density of Li clusters and the charging rate (growth rate) in an ultra-high vacuum, which agrees 

with a classical nucleation and growth model. However, the trace amount of oxidizing gas (≈ 10-6 

Pa of O2), promotes the Li growth in the form of nanowires due to fine balance between the ion 

current density and growth rate of a thin lithium oxide shell on the surface of the metallic Li. 

Interestingly, increasing the partial pressure of O2 further (to 10-5 Pa) resumes Li plating in the 

form of 3D particles. Our results demonstrate the importance of trace amounts of preexisting or 

ambient oxidizing species on lithiation processes in solid-state batteries. 
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4.2. Introduction and Experimental Observation  

4.2.1. The Li metal and Li2O in battery applications 

Li metal is an attractive anode material for all-solid-state Li batteries (SSLBs) due to its high 

theoretical capacity (3.86 mAhg-1) and low potential vs. standard hydrogen electrode (-3.04 

V)[283,284]. In order to match the practical energy capacity, a relatively thick Li metal film of ≈ 

20 µm is needed for a typical Li-ion SSLB[285]. The current major experimental effort is dedicated 

to achieving homogeneous plating/stripping of such a thick Li layer to avoid destructive 

mechanical strains in the anode and to minimize the impedance of electrode/SSE interfaces.[286–

290] Though significantly mitigated compared to liquid electrolytes,  the shunting of the battery 

by metallic Li filaments growing through grain boundaries of crystalline SSEs remains to be an 

issue.[291] During the battery charging and discharging process, one of the most severe safety 

concern is the dendrite growth problem at the Li/SSE. [292–294] After serval cycles, the Li 

dendrite formed on this interface will penetrate through the electrolyte and cause short circuit. The 

aforementioned SSLBs challenges become particularly important for current densities exceeding 

≈ 1 mA/cm2, which is still well below the >10 mA/cm2 requirement for portable electronics and 

electric vehicle applications.[291] 

Another challenge is the capacity loss due to the side reactions that form the solid electrolyte 

interphase (SEI). This thin layer should be electronically insulating and Li-ion conductive. Due to 

the complex morphology change of Li anode during cycles, achieving a stable plating and stripping 

of Li metal deposits in contact with a solid-state electrolyte (SSE) in such a cell yet remains a 

significant technological challenge, even when the Li/SSE interface is thermodynamically or 

kinetically stabilized [285,295].  
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The lithium oxide is a major component found in all the solid-electrolyte interphase (SEI) for many 

energy storage devices such as for Li-ion battery [296], all-solid-state battery, and Li-air battery 

[297]. Due to the high chemical reactivity and oxygen affinity of Lithium metal, the oxidation of 

lithium is inevitable [57,58] and result in nanometer thick lithium oxide. Due to the volume change 

of the lithium electrode, the previously formed passivating SEI layer may still crack during the 

charging and discharging process, causing degradations of battery performance [298–300]. Thus, 

it is important to first use Li2O as a repressive SEI layer and investigate its formation and impact 

on Li-morphology change dynamically. The coupled chemical-mechanical process will be 

insightful for battery design. 

 

Figure 4.1 (Left) A schematic of the experimental setup used to cycle the all-solid-state batteries 
in an operando SEM with the controlled pressure of O2. The grounded tungsten (W) tip is used to 
contact the top C-Al anode. A potential is applied to the bottom Pt-Ti current collector electrode 
to charge/discharge the electrochemical cell. (Right) Real-color optical image of C-Al anode in a 
representative device. 
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4.2.2. Experimental observations 

To further understand the evolution of Li anode morphology during the charging process, 

experimental techniques are developed to characterize Li metal plating and stripping on a model 

ultra-thin carbon anode deposited on amorphous, nitrogen doped lithium phosphate (LiPON) SSE 

/LiCoO2 cathode stack.  

A schematic of the thin film battery and the experimental set-up are illustrated in Figure 4.1. Arrays 

of SSLBs are fabricated on a Si (001) wafer covered with a 100 nm thermal SiO2. A 90 nm Pt /30 

nm Ti current collector is deposited using an electron beam evaporation followed by a ≈345 nm 

thick LiCoO2 cathode sputtered using previously described conditions.[301] Following deposition, 

the LiCoO2 is annealed in the O2 atmosphere at 700 oC for 2 h to form the high-temperature phase. 

A ≈340 nm thick LiPON electrolyte layer is sputtered on top of the cathode layer. Next, an array 

of amorphous carbon (C) anodes with a thickness of ≈ 35 nm is evaporated through a stencil mask 

with a diameter of 0.51 mm. Then ≈ 210 nm thick Al pads have been evaporated through the same 

shadow mask but with an offset to leave most of the C anode surface exposed. The Al pads are 

used to make electrical contact with the C anodes.  

To elucidate the role of oxidizing species from the ambient environment, The Li morphology 

change at different O2 partial pressure in the range from ≈ 5 × 10-7 Pa to ≈ 5 × 10-5 Pa is studied. 

The observations showed that the morphology of metallic Li deposition is highly sensitive to the 

oxidizing ambient and drastically changes from mostly in-plane 3D particle growth mode under 

UHV conditions to out-of-plane whisker-like growth once the oxygen pressure in UHV chamber 

increases from ≈ 10-7 Pa to ≈ 10-6 Pa. The in-plane Li growth mode reestablishes once the oxygen 

pressure further rises to 10-5 Pa.  
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SEM images in Figure 4.2 depict the galvanotactic Li plating at 0.77 mA/cm2 current density under 

5.7 × 10-7 Pa, 5.7 × 10-6 Pa, and 4.8 × 10-5 Pa oxygen pressure, respectively. Interestingly, Li 

deposit morphology changes from the mainly in-plane 3D growth of metallic Li islands with a 

negligible fraction of nanowires, to one dominated by nanowire growth as the O2 pressure 

increases one order of magnitude from ≈ 6 × 10-7 Pa to ≈ 6 × 10-6 Pa. In-plane Li 3D particles 

growth mode is again re-established as the O2 partial pressure is further increased to ≈ 5 × 10-5 Pa. 

Moreover, the nucleation density of Li particles increases three-fold across the oxygen pressure 

span from ≈ 6 × 10-7 Pa to ≈ 5× 10-5 Pa (Figure 4.1 a-c).  

 

Figure 4.2 Effect of oxygen pressure on Li plating morphology. SEM images of Li plated at (a) 
5.7 × 10–7, (b) 5.7 × 10–6, and (c) 4.8 × 10–5 Pa residual oxygen pressure, respectively; 0.77 
mA/cm2 current density. The SEM images are acquired at ≈ 0.04 mAh/cm2 capacity of 
deposition Li nanowire growth mechanism and critical thickness of the oxide layer 

 

It is postulated that the change in the Li growth mode to the formation of an encapsulating lithium 

oxide surface layer that controls the morphology of growing Li nanoparticle. But due to the 

extremely thin thickness of surface oxides and small diameter of Li nanowire, it is challenging to 

conduct in-situ experiment to observe and quantify the growth mechanism of Li nanowire during 
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the charging process. Therefore, to understand the competition between oxidation rate and current 

density, ReaxFF reactive forcefield based MD simulation is implemented in this study. The 

methods to control oxidation rate and Li growth rate is introduced in Chapter 4.3. Then the 

observation in MD simulation is presented in Chapter 4.4.1. Based on MD observation, the Li 

growth mechanism and reason for its morphology change is discussed in Chapter 4.4.2. Also, we 

predicted the morphology of Li nanowire change under different experimental conditions in 

Chapter 4.4.4. 

4.3. Computational details 

To simulate the growth of Li nanowire under different O2 partial pressure and current density, 

ReaxFF reactive forcefield based molecular dynamics is implemented[302]. Different from 

classical forcefield, the ReaxFF reactive forcefield can predict the charge on each atom and model 

the chemical reaction between different molecules. 

4.3.1. Oxidation of Li and Al slab 

In the experiment, Li metal will be rapidly oxidized when exposed to air or even under ultra-high 

vacuum condition. So, the surface is also oxidized in MD simulation for 10 ps at 10 atm under 150 

K to mimic the thin oxide layer formed in the experiment. In our study, an 8nm×8nm×9nm Li slab 

was built first. Then, the slab is placed in a simulation box with the size of 8nm×8nm×20nm as 

shown in Figure 4.3. To simulate the experiment environment, a certain number of oxygen 

molecules were randomly distributed in the vacuum region to achieve a given pressure. For 

example, 335 O2 molecules in the volume of 8nm×8nm×10nm = 6.4×103 nm3 empty space in the 

simulation cell to achieve 10 atm at 150 K. The high pressure is used to achieve a reasonable oxide 
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layer thickness within the ps level. The initial oxide layer thickness, h,  is estimated using a linear 

growth relationship, as shown in Equation 4.1: 

ℎ = ¡¢u£ 

Equation 4.1 

where C is related to the temperature dependent reaction rates.  For the experimentally applied 

oxygen partial pressure of 10-5  Pa, it takes minutes to observe the oxide layer up to 10~100 nm 

thickness. Therefore ¡	 = 	10	A�/(10�¤	¢� × 100	¥). With the same C, to form ~1nm oxide 

layer within 10~100 ps level in MD simulation, it requires PO2 = h/Ct = 1 nm/(10 nm×100 ps) × 

(10-5 Pa×100 s) =  10-6
 Pa×1012 s = 106 Pa = 10 atm. Therefore, a much higher oxygen pressure was 

used. The oxidation rate under this condition is estimated by oxidizing pure Li slab in MD 

simulation. The number of oxygen atoms reacted with Li on the surface is 4~5 O atoms per 10 ps 

per nm2 under P = 20 atm. 

After adding oxygen molecules to the simulation cell the first time, the Li will be oxidized to Li 

oxide and consume oxygen molecules. To maintain a relative constant oxygen partial pressure, a 

special method is implemented in our simulation to maintain the constant oxygen partial pressure. 

First, we calculated the desired number of oxygen molecules needed in the simulation cell at 

different temperature and pressure. Then the oxygen molecules are filled into the simulation with 

the random position. After 4 ps of simulation, part of the oxygen molecule is reacted with surface 

Li. So we remove all unreacted oxygen molecule based on their charge and fill in new oxygen 

molecule to correct partial pressure again. In our simulation, the surface oxidation rate is about 0.5 

ps-1 nm2 at 20 atm. 
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To compare with the morphology of oxidized Li surface with oxidized Al surface, a similar method 

is implemented to oxidize Al (0 0 1) slab for 250 ps. The simulation temperature is at scaled room 

temperature for Al. Details are explained in Chapter 4.4.1. 

4.3.2. Extrusion of Li nanowire 

 

Figure 4.3 Schematic for slab model in MD simulation. The growth of Li nanowire is simulated 
by applying stress in oxygen environment. The oxidation rate is controlled by applying different 
temperature.  

 

To simulate the Li nanowire growth, extrusion of Li is applied to the slab model. As shown in 

Figure 4.3. the Li atoms in an 8 nm × 8 nm × 20 nm Li slab were extruded from a 2 nm diameter 

circle (dash region) on the surface, as the rest of the surface atoms and 1nm thick bottom (blue 

region) atoms are fixed. The fixed atoms on the top surface are subject to a constant velocity of -

0.2 nm/ps along normal of slab surface direction. In every 4ps, the velocity is applied for 2ps then 
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followed by 2 ps relaxation with surface position fixed. The atoms in 2 nm diameter circle as well 

as the bulk region (purple region) are subject to full relaxation for all simulation time. 

Other ways of simulating extrusion are also tested. For example, we applied a constant force on 

the surface atoms. But due to the diffusivity of Li atoms, the fully relaxed bulk Li atoms will 

penetrate the top surface when stress is large enough. We also tested the method to apply the stress 

by scaling the whole simulation cell along z-direction. But this will lead to continuously increasing 

of oxygen partial pressure during the extrusion. So, we used the extrusion method as introduced 

above.  

4.3.3. Different conditions in MD simulation 

Corresponding to the different conditions used in the experiment, the oxidation rate and growth 

rate are carefully controlled in MD simulation. Three different conditions are designed in this study. 

For condition 1, the simulation temperature is 100 K with no additional oxygen. This temperature 

corresponds to 40% of Li melting temperature predicted in current ReaxFF forcefield (0.4Tm). At 

condition 1, the extrusion rate is ~ 243 Li atoms per 10 ps in nanowire, estimated from the growing 

nanoparticle from 25~35ps. For condition 2, the simulation temperature is lowered to 10 K with 

additional oxygen molecules of 20 atm partial pressure. The temperature is around 5% of Li 

melting temperature for a low oxidation rate. For condition 3, the oxygen partial pressure is set to 

20 atm and the simulation temperature is 40% of Li melting temperature. Under this oxidation 

condition 3, the Li grew out were almost completely oxidized into oxide, reaching a Li:O ratio of 

3:1.   

It is worth noting that, in condition 2, the Li extrusion rate is also slower than that in vacuum due 

to the oxide passivation. As a combined result, the Li growth rate ~5 times faster than the oxygen 
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atom incorporation rate, thus a thin surface oxide layer was formed. Indeed, the Li/O ratio in the 

nanowire in condition 2 is 5:1, since the center and the bottom of the NW is not completely 

oxidized.  We have compared the following two cases: in case one, O2 pressure is applied for 10 

ps until extrusion occurs. In the other case, the O2 pressure is applied 10 ps after the Li is extruded. 

Both cases show similar trends.  

4.4. Results and discussion 

4.4.1. Validation of ReaxFF reactive forcefield 

The accuracy of forcefield based molecular dynamics depends on the formulation and the 

corresponding parameters of the forcefield. The ReaxFF reactive forcefield is fitted to the Li-O 

system in previous works. [302] Due to the limitation of ReaxFF formulation, not all properties 

can be accurately predicted in the MD simulation. However, as long as the properties related to 

our research question are reasonably accurate, we can still gain useful insight from MD simulations. 

Therefore, the validation of forcefield is critical for the MD simulation.  

We calculated the melting point of Li using the current forcefield to be 250 K. It is lower than 

experimental value of 453.7 K because the melting point is not specifically included in the training 

data of fitting the forcefield. Although the absolute temperature is not accurate, we can still 

compare relative temperature and control the oxidation rate by changing the temperature in our 

MD simulation. [61]  The melting point of Al is 670 K. So the absolute temperature of 500 K is 

used in the simulation, which has similar scale ratio as Li. 

 

 



104 
 

4.4.2. MD simulation of the oxidation process on Li and Al 

During the oxidation process (NVT dynamics under oxygen partial pressure of 10 atm and 150 K)  

the oxides gradually formed on the surface of Li slab. The top view and the side view of structures 

at different time step are shown in Figure 4.4. As a comparison, the Al morphology evolution is 

shown in Figure 4.5.  

The Al oxidation in MD simulation showed initially the oxides nucleate and grow non-uniformly, 

then form a continuous film,  after which the oxide grows layer-by-layer and the thickness 

increases, which agrees well with the previous MD simulation [303]. A passivating oxide layer 

was formed with 1.5 nm thick after 250 ps of oxidation. This is also in consistency with 

experimental observations. The side view shows that the oxide layer is flat after oxidization.  

However, the Li surface showed a different pattern during oxidation. At the early stage (before 30 

ps), the oxygen combines with Li atoms at the uniformly distributed location as shown in Figure 

4.4. Then the oxides gradually aggregate to specific locations and become isolated clusters on the 

surface. Eventually, instead of forming a smooth passivating layer, a big crack is formed in the 

oxide layer. More cracks can be initiated from the location with thinner oxide layers under longer 

oxidation time. The side view shows the oxide has a non-uniform thickness and the Li-surface is 

not smooth anymore due to the deformation of the oxide layer.  
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Figure 4.4 Surface morphology evolution of Li slab under oxidation at different time step. For 
each structure, the top view and the side view is showed. The red atoms indicate oxygen and purple 
atoms indicate Li. Only Li and O in the oxides are shown for a clear view.  
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Figure 4.5 Surface morphology evolution of Al slab under oxidation at different time step. For 
each structure, the top view and the side view is showed. The red atoms indicate oxygen and grey 
atoms indicate Al. Only Al and O in the oxides are shown for a clear view. 
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The number of oxygen atoms reacted with metal in the two slabs is shown in Figure 4.6. At the 

early stage before 30 ps, the two slabs showed similar growth rate. After the Al slab surface being 

covered by oxides, the oxidation rate slows down following √§., indicating a diffusion controlled 

growth model after a passivation layer is formed.  But the oxidation rate of Li maintains almost 

constant slope until 90 ps, indicating Li2O is non-passivating.  

 

Figure 4.6 Number of oxygen atoms reacted with metal during the oxidation process. The Al slab 
shows more passivating effect than Li. 

 

The oxidation simulation shows that Li2O is not an effective passivation layer compared to, for 

example, Al2O3, it shrinks in volume, cracks and exposes new pristine Li surface for oxidation. 

Cracking of oxide layer has also been observed at micron level experimentally. This interesting 
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observation is consistent with the empirical criteria for passivation oxide layer, known as the PB-

ratio (PBR). The PBR was proposed by N.B. Pilling and R.E. Bedworth as an empirical relation 

for mechanical stability of simple surface metal oxides. It assumes stress generation in the surface 

oxide layer can cause crack formation, spallation of the surface oxide due to volume mismatch. 

Thus, PBR is defined as the molar volume ratio of the oxide and the metal. When PBR < 1, the 

coating layer may easily break; when PBR > 2, coating delaminates; when 1 < PBR < 2, the coating 

is passivating and provides a protecting effect against further surface oxidation.  

The density of Al oxides ranges from 3.5 to 4.0 g/cm3, which is 30% higher than the density of Al 

(2.7 g/cm3). So the PBR ratio for aluminum oxide is 1.3, (1<1.3<2).  So a thin and dense 

passivating layer can form to prevent further oxidation. But the density of Li oxide is 2.0 g/cm3 

while the density of Li is 0.5 g/cm3. After oxidation, the volume will shrink ~50%. So the PBR 

ratio is 0.6, less than 1. As expected, the lithium oxide layer will aggregate and lead to cracks on 

the surface. The opened cracks will expose fresh Li to oxygen. This explains the higher oxidation 

rate of Li comparing with Al. After 110 ps, the oxidation rate of Li also slows down because the 

Li oxide layer covered more and more surface area. Eventually, the Li oxides will also cover and 

passivate the Li surface.   

The Li oxides formed on the surface is curved in the end as shown in the side view in Figure 4.4. 

This is because, after the formation of thick Li oxides, the region covered by the oxide stopped 

reacting with oxygen. Li is only consumed from the cracks. Driven by the large Li oxides/Li 

interface energy, the newly formed oxides in the crack naturally diffused to the thick Li oxides 

region. So eventually, the previously covered region has a higher height along the surface normal 

direction. For Al slab, since the formation of Al oxides does not expose fresh Al, the whole surface 

can be oxidized at the same rate and result in a flat oxide layer. 
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4.4.3. Li growth morphology in oxygen environment   

 The Li nanowire growth is simulated with different oxygen partial pressure and temperature. The 

cross-section of the final structures is shown in Figure 4.7. Li atoms are purple and oxygen atoms 

are yellow. For Figure 4.7(a) in condition 1, no extra oxygen is added and the simulation 

temperature is 40% of Li melting temperature. For Figure 4.7(b) in condition 2, oxygen with 20 

atm partial pressure is added under the simulation temperature of 10K. For Figure 4.7(c) in 

condition 3, oxygen with 20 atm partial pressure is added under the simulation temperature of 40% 

Li melting temperature. The different growth mode of Li nanowire can be identified using the 

aspect ratio of the primitive cluster formed by Li atoms pushed out from the top surface. For 

condition 1, the Li formed a cluster with a height of 4.0 nm and diameter of 6.5 nm with aspect 

ratio less than 1 which indicates 3D growth mode. For condition 3, the height and diameter of Li 

cluster is 0.8 nm and 1.8 nm which as shows 3D growth mode. For condition 2, the height and 

diameter of Li cluster is 4.0 nm and 3.4 nm with aspect ratio larger than 1. It shows similar 1D 

growth mode in analogy to experimental observations.  

Also, we observed that a Li-core/oxide-shell structure is formed on the surface during the charging 

process as shown in Figure 4.7 (b). In the cross-section, most oxygen atoms aggregate on the 

outside layer of Li atoms which indicate the formation of Li oxides shell. These MD observations 

are consistent with experimental results discussed above. Specifically, in condition 2, the oxygen 

is consumed from the freshly exposed root of nanowire during the extrusion. This is due to the 

passivating effect of Li oxides on the outside of nanowire and will be further discussed in the next 

chapter. 
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Figure 4.7 MD simulation snapshots of Li grown under (a) UHV, (b) oxygen atmosphere, and (c) 
oxygen atmosphere at an increased temperature to reach a higher oxidation rate after 50 ps for 
parts a and c and 55 ps for part b, respectively 

 

The proposed mechanism for the effects of surface oxidation on the Li deposit morphology is 

depicted in Figure 4.8.  We propose that it is surface oxidation of growing Li nanostructures and, 

more specifically, the interplay between the Li current densities and oxidation rate that are 

responsible for drastic changes in morphology of Li deposits: from 3D particles under the inert 

(Figure 4.7 a and Figure 4.8 a) and highly oxidizing ambient (Figure 4.7 c and Figure 4.8 c) to the 

formation of quasi-1D submicron thin nanowires when plating takes place at ≈ 6 × 10-6 Pa of 

oxygen partial pressure (Figure 4.7 b and Figure 4.8 b). The formation of Li-core/oxide-shell 

structure around growing Li structures is known from previous studies[301]. AES 

measurements[151] also show brightness reversal of corresponding SEM images due to higher 

secondary electron yield of Li oxide and its surface charging. The development of Li-oxide shells 

around the growing metallic nanowires is further evidenced via SEM imaging[151] of the same 
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anode region before and after Li discharge. The SEM images show bright, solid shells with a 

thickness of few tens of nanometers remaining after the metallic Li core is intercalated back into 

LiCoO2 during battery discharge.  

 

Figure 4.8 Schematics showing models of the Li nucleation and growth for the images presented 
in Figure 4.7. In the presence of O2, a lithium-oxide sheath is developed. Schematics are drawn 
not to scale.  

 

For an intermediate oxygen pressure range ≈ 6 × 10-6 Pa, the O atomic flux rate is ≈ 5 × 1013 

(s·cm2)-1, which is 100 times smaller than the Li current density ¨. Therefore, the Li nucleation at 

the anode surface proceeds initially similarly to UHV conditions. The difference however is that 

the growing Li surface become immediately oxidized. The thickness h of the newly formed oxide 

depends of the Li ion diffusion D in the oxide (Li ions/vacancies diffuse significantly faster than 

oxygen ones), oxygen partial pressure PO2 and exposure time t [304]:   
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ℎ = j2©ª¢u£a� § 

Equation 4.2 

here N1 is the number of oxygen atoms in Li oxide unit cell and K is the Henry’s law constant. The 

presence of a thin oxide sheath prevents the surface from rapid bulk oxidation and inhibits Li 

surface diffusion[305,306] due to the high activation energy. Therefore, the volume expansion 

during charging can only occur only at the footprint of the Li particles through the out-of-plane 

elongation resulting in lifting of particle out-of-plane (Figure 4.7 b). As the Li nanowire grow, 

newly emerged Li surface at the wire footprint gets immediately oxidized and encapsulated, thus 

promoting a one-dimensional growth (Figure 4.7 b) similar to the vapor-liquid-solid growth 

mechanism of metal oxide nanowires or the oxygen assisted growth of Si nanowires. Similarly, a 

thin oxide layer is formed also at the surface of Li saturated carbon anode. This eventually prevents 

unimpeded Li diffusion towards the free anode surface and explains the observed lower number 

density of Li nuclei. Since more Li will be accumulated inside the C-anode, a developing 

compressive stress is channeling Li to existing growth spots. Finally, an additional driving force 

for 1D growth develops due to progressive Li nanowire surface oxidation. Due to the higher 

density of Li2O compare to metallic Li the surface oxide layer shrinks in volume and compressive 

stress is developed inside NW. The stress is released via the directed flow of the metallic Li core 

towards the NW footprint.    

This 1D Li growth proceeds until partial oxygen pressure reaches the level where a sufficiently 

thick oxide layer is formed around the Li nuclei and at the surface of the lithiated carbon. At this 

pressure, the thickness of the oxide near the Li particle footprint reaches the critical thickness  
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ℎ�f« ≥ ­®�¯�°  

Equation 4.3 

where it will not fracture upon the given compressive stress in the C-anode, here ­® is the shear 

stress at the Li/Li2O interface, �° is the oxide fracture strength, �¯ is the distance of the Li growth 

front to the stress-free end of the oxide layer.[307] Note, this mechanically robust oxide shell is 

formed around each cluster including regions close to the root of the Li nanostructures (Figure 4.7 

c), pinning Li deposits to the C anode surface and inhibiting any further growth. Since the potential 

barrier for particle nucleation is proportional to γ3, where γ is the surface energy of Li, oxidation 

of Li leads to surface energy increase of Li-O interface, resulting in potential barrier growth. 

Therefore, the Li flux J contributes mostly to nucleation of new Li nanostructures which are more 

energetically favorable rather than to the growth of the pre-existing ones, in a manner analogous 

to metal electroplating from solution in the presence of brightening agent such as saccharin.[302] 

One can still use scaling Equation 4.2 to explain qualitatively an increase of nucleation density at 

elevated oxygen partial pressures. An oxide formation at the C-anode surface implies slower Li 

delivery rate J and as a result, a longer time for oxide to form on the surface.  Therefore, higher N 

is observed under high oxidant partial pressure. 

4.4.4. Competition between oxidation rates and growth rates 

The 1D nanowire only formed under the balanced charge and oxidation rates. Although Figure 4.7 

only showed one rate and three oxygen partial pressures. One can expect the effect of the charge 

rate. A slow charge rate means more time for oxide to form on the surface. Therefore one may see 

3D growth under lower oxygen partial pressure and lower charging rate. On the other hand, a faster 
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charging rate means less time for oxide layer to form, therefore one may see 1D wire formation 

under the high oxygen partial pressure but faster rate. Therefore, we predict Li morphology 

changes from microparticles to Nanowires and back to microparticles under a combined effect of 

charging rates and oxygen partial pressure, in Table 4.1. 

Table 4.1 The expected Li growth morphology at different charging rate and oxygen pressure. 

 

 

The growth mechanism is observed based on Li nanowire growing on the carbon anode surface. 

But we expect it can be generalized to other materials with similar structures such as Sn whisker 

growth on Sn coating [308]. The impact of internal stress imposed by misorientation between 

grains and external oxidation effect may have similar competition relationship that can be 

described by the model in this study.  
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4.5. Conclusion 

Molecule dynamics model is built to model a thin film solid state battery system and provided new 

insights into the mechanisms of early stage Li plating and the surprising effects of oxidant on the 

Li nanostructure growth.  The experimental study shows that under an inert (UVH) or relatively 

high (in excess of ≈ 10-5 Pa) oxygen partial pressure low rate (≤1 mA/cm2) Li plating proceeds via 

nucleation and growth of 3D particles.  However, at intermediate O2 partial pressure of ≈ 10-6 Pa, 

the oxide sheath formed around the growing Li nanostructures promotes the Li deposit growth in 

the form of 1D nanowires. This transition is largely controlled by the thickness of the oxide layer 

formed on the Li surface and therefore depends strongly on the ratio between charging (J) and 

oxide thickness growth (
�±��) rates. We anticipate that such conditions favoring 1D growth can exist 

in a wide range of J· (�±��)��ratios. Very fast charging, however, leads to Li segregation inside the 

volume of the anode, compressive stress development, cracking/delamination followed by Li metal 

creeping at the interfaces and large whiskers growth independent of ambient conditions. 
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CHAPTER 5. Improvement of charge transfer scheme in ReaxFF 

5.1. Summary 

The forcefield based molecular dynamics method (MD) can bring significant insights into 

understanding deformation mechanisms. Specifically, the qEq method based ReaxFF reactive 

forcefield has been successfully used in metal and ceramic systems to predict atomic charges. 

However, it also has limitations in predicting atomic charges, and consequently leads to different 

simulated fracture behavior. In qEq method, the instantaneous charge transfer and long-range 

charge exchange is allowed. This introduces extra energy even the bond breaks in the ionic system, 

which will lead to an over-ductile problem in fracture simulation. To expose this issue, we 

demonstrated the over-ductile problem in the qEq scheme by simulating tensile of a Li2O slab 

model. It clearly showed the Li oxides with brittle nature undergo ductile fracture during the 

deformation. To fix this problem, we proposed to replace the qEq method with ACKS2 method. 

The ACKS2 parameters are obtained from high-level quantum calculations. The impact of charge 

calculation method on the fracture behavior of Li2O slab is analyzed.  

5.2. Forcefield and its limitation on fracture simulation  

Forcefield-based Molecular dynamics (MD) simulation has been widely used to explore the 

dislocation interactions, grain boundary sliding, and fracture behavior of nano-structured materials 

[309–312]. Despite their ability to accurately describe the equilibrium structure and unveil 

nanoscale deformation mechanisms, traditional forcefield methods fail to determine the ductile 

and brittle fracture behavior in many cases. For example, Kang implemented five different 

forcefields for the tensile test of Si and Ge nanowire. Among them, three potentials predicted 
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ductile fracture mode while the other two potentials predicted brittle fracture mode. Also, the 

predicted ideal tensile strength for Si nanowire can vary from 10.2 GPa to 26.3 GPa depending on 

the choice of forcefield [312].  

The observation of ductile or brittle fracture behavior varies with the geometry of the structures. 

Islam et al. observed the ductile fracture of Li0.8S using a nanowire structure without notch. The 

fracture is initiated via formation of voids predicted using ReaxFF reactive forcefield [313]. 

Brutzel et al. studied the fracture of silica in a notched bulk structure and observed brittle fracture 

using SW potential [314]. Even if the simulation is carried out by the same potential on the same 

material, the predicted results for toughness may be different based on the structure geometry. 

Yuan compared the tensile test of bulk silica with and without a notch in the structure both using 

BKS potential. The MD results showed that the elongation to break can be 0.23 without notch or 

0.11 with a notch [315]. 

This over-ductile behavior in MD simulations is caused by various simulation conditions such as 

the size of the system, the geometry of the structure, and the choice of forcefields. If the size is too 

small, it is difficult to nucleate any defects such as voids and dislocations. So the material will act 

as a perfect single crystal with higher yield strength, fracture strength and more brittleness than 

the experimental behavior. Even when the system size is large enough, due to the limitation of 

simulation time, the strain rate is much higher than the typical tensile test which may lead to large 

unphysical elongation to break in a perfect structure because the defects do not have enough time 

to nucleate and propagate. Additional notch on the structure can act as pre-exist defects to facilitate 

the nucleation of initial cracks. So, a notch should be added to the structure for fracture simulation. 
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Describing chemical bond formation and breaking properly remain challenging. In the formulation 

of some forcefields, important interactions might be ignored due to simplicity. Fracture behavior 

is a bond-breaking process. For example, in metallic systems, the embedded atom potential (EAM) 

ignored the directional bonds due to the free electron ocean assumption. The interaction with far 

neighbors is approximated by interactions with uniformly distributed local electron density. 

Therefore, EAM potential intrinsically cannot describe to highly anisotropic materials well. The 

Modified EAM potential (MEAM) added angle contributions and showed improvements.  For 

ionic materials, many simple forcefields with fixed charges cannot lack the ability to describe the 

charge transfer process accurately and dynamically. Notably, during large deformation and 

fracture, when two atoms are far apart, they should become neutral species rather than charged. It 

is anticipated that the residue charge on the atoms after bond breaking will lead to extra Coulomb 

interactions which overestimate the toughness.  

Several methods have been used to allocate the atomic charge dynamically. Sanderson [316] stated 

the principle of electronegativity equalization that electrons will flow until electronegativities on 

all atoms are equalized. Mortier et al. [317,318] developed the electronegativity equalization 

method (EEM) that minimizes the charge energy as a quadratic function of charge distribution. 

After Mortier, various modifications have been added to the EEM schemes. Rappe and Goddard 

[319] proposed the qEq method based on EEM as shown in Equation 5.1:  

V = V³´µ¶· + .l ¸0¸64	¹	��p ¨(|>0,6|)0,6 + .Χ0¸00 + .»02 ¸0�0  

Equation 5.1 
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where the first term is short-ranged interaction, the second term is screened Coulomb interaction,  

Χ0  is the electronegativity and »0  is the atomic hardness. The qEq method is widely used in 

forcefields that involve charge transfer including ReaxFF [133] and COMB [132].  

The qEq method based ReaxFF reactive forcefield has been used in many studies to understand 

the deformation process [320–322]. Ostadhossein et al. developed ReaxFF potential for Li-Si-O-

Al system and simulated the Li diffusion in silica [323]. Kim et al. implemented this potential to 

investigate the fracture of the coating during the lithiation process of Si-core/Al2O3-shell and Si-

core/SiO2-shell nanoclusters. The compositional change, stress distribution and fracture behavior 

under different lithiation rate are simulated [143]. 

However, it is realized that the charge prediction in the current ReaxFF method is not always 

accurate. It is often difficult to determine if a phenomenon is due to real physics or the limitation 

of forcefields. In ionic systems, the qEq method suffers from unphysical long-range interactions 

and instantaneous charge transfer. So it is implicitly assumed the charge can transfer from one 

atom to another instantaneously. In other words, all materials are conductive based on this 

treatment. Also, in the energy minimization process, no constrains are imposed on the amount of 

charge that can be transferred. This means even with large distance apart, two atoms may still 

exchange and carry fractional charge when they supposed to be neutral species. The non-neutrality 

leads to additional long-range Coulomb interactions which eventually result in the over-ductile of 

ionic materials, which typically are brittle.  

To fix this problem, some ad hoc fixes are proposed such as adding artificial constraints on atomic 

charges (CHARMM) [324]. A different approach called atom-atom charge transfer (AACT) 

method proposed by Chelli [325] introduced a dummy variable, split charge, to share charge across 
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a bond. The split charge determines the amount of charge transferred from one atom to the other. 

Later, Nistor et al. [326] proposed split-charge equilibration (SQE) method which combines the 

EEM and AACT method. The formalism is shown as: 

V = V³´µ¶· + .l ¸0¸64	¹	��p ¨(|>0,6|)0,6 + .Χ0¸00 + .»02 ¸0�0 + . »0,62 ¼0,6�0,6,670  

Equation 5.2 

where qH,¾ is the split charge associated with the bond between atom i and atom j. The SQE and its 

improved version can accurately capture some charge transfer phenomenon such as static 

electricity transfer and voltage change in battery system [327]. The atom-condensed Kohn-Sham 

DFT approximated to second order (ACKS2) method is another generation of SQE and qEq 

method. It is derived by expanding the Legendre transform of the Kohn-Sham kinetic energy to 

second order in the atomic populations and a new set of dual atomic variables, the relative atomic 

Kohn-Sham potentials [153]. It is proved that ACKS2 method will give a better description of 

atomic charge as well as a more accurate energy prediction [249]. As illustrated in Figure 5.1, the 

charge on hydrogen in the HF molecule is predicted using three different methods as a function of 

dissociation distance. The result of ACKS2 is consistent with the high-level quantum mechanics 

calculation (CAS-SCF/6-311++G**) at the intermediate distance as well as long distance. The qEq 

can only predict the correct charge at the equilibrium distance as indicated by the vertical line in 

the figure. At long dissociation distance, the EEM failed to predict the neutrality of atoms.  
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Figure 5.1 Numerical results of charge on hydrogen atom for the dissociation of hydrogen fluoride. 
[153] 

 

In this chapter, the research goal is to explore the impact of the charge transfer method on the 

fracture behavior in simple ionic materials. The fracture behavior of a notched Li2O slab under 

tension will be simulated and the crack propagation patterns will be tracked to determine the 

ductile or brittle fracture characteristics. First, the qEq charge allocation method along with the 

other parameters developed for the ReaxFF will be tested to explore the simulated fracture 

behavior. Then, the more advanced charge transfer method, ACKS2 method with the new 

forcefield parameters fitted to high accuracy quantum calculations using a genetic algorithm (GA), 

will be used to simulate the fracture behavior. It is anticipated that the ACKS2 may mitigate the 

over-ductile problem faced by ReaxFF in the ionic system since the ACKS2 can eliminate the 

residual charge problem during bond breaking.  This chapter is conducted in collaboration with 

Dr. Aktulga’s group  [154,155].  
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5.3. Computational approach 

The qEq based ReaxFF MD simulations are carried out using LAMMPS package[251,252]. The 

qEq-based ReaxFF parameter used in this study is developed by Alireza Ostadhossein et al. [323]. 

The ACSK2 based ReaxFF MD simulations are carried out using PuReMD code developed by 

Aktulga et al. The parameters are newly fitted based on DFT calculated energetics for various Li 

and Li2O crystal structures and the atomic charge during bond breaking based on high-level 

quantum chemistry calculations conducted by Illias Magoulas in Dr. Piotr’s group. The training 

data includes the equation of states of Li2O crystal in BCC, FCC, simple cubie, diamond and HCP 

structures; the dissociation of Li-Li and Li-O-Li molecules; the shearing and tensile of Li2O and  

LiO crystal. DFT calculations for additional training data are conducted by Michael Swift from 

MSCE group in MSU. The ACKS2 parameter fitting is conducted by Kurt O’Hearn from Prof. 

Metin Aktulga in CSE department in MSU. 

 

Figure 5.2 The (a) as build structure of Li2O. Li atoms are in purple. Oxygen atoms are in red. 
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The Li2O unit cell structure with Fm3m symmetry is obtained from reference [328]. A crystal slab 

model with 12672 Li and 6336 O atoms is created from the unit cell. The cell length is 18.44	Å ×
100	Å × 82.98	Å. To create the slab surface, 40 Å vacuum is added along the y-direction.   Finally, 

a 30-degree notch with length of 25 Å  along surface normal direction is added to the surface of 

the slab as shown in Figure 5.2. Minimization of the slab model is done by applying NVT dynamics 

at 1K for 20000 steps with 0.25 fs time step for both methods. The relaxed structures using the 

qEq method and ACKS2 method are shown in Figure 5.3.  

The slab model is stretched along the z-direction. The cell length along z-direction is increased by 

0.5% of its original length followed by 1 ps of NVT dynamics for relaxation. After stretching, the 

atomic positions are mapped to the stretched cell such that their fractional coordinates remain the 

same. This is equivalent to a strain rate of 5 × 10À/s. The tensile tests are simulated at 1K and 

200K to compare the impact of temperature.  

5.4. Results and discussion 

5.4.1. Relaxation of the slab model 

 

Figure 5.3 Relaxed Li2O slab structure using (a) qEq and (b) ACKS2 method. Li atoms are in 
purple. Oxygen atoms are in red. 
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Figure 5.4 Radial distribution function of two Li2O crystal structures and two relaxed slab 
structures 

 

As shown in Figure 5.3(a), after 20000 steps of relaxation at 1 K using the qEq method, the crystal 

structure has transformed into the amorphous structure. For ACKS2 relaxed slab model in Figure 

5.3(b), a more ordered structure is maintained comparing with the qEq method. This improvement 

is due to the adjustment of forcefield parameters in our fitting process. The challenging part of this 

unexpected phase transition might be due to the fact that two crystalline structures of Li2O exist. 

The stable structure is cubic with Fm-3m symmetry and the structure with PNMA symmetry is 

only less than 0.1 eV higher than the cubic Li2O. Such small energy difference between the two 
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crystalline structures is generally hard to distinguish. Never the less, the radial distribution function 

of Li2O crystal and slab structures shown in Figure 5.4 showed that apart from the shift of the first 

peak from 2.0 Å to 1.7 Å, both slab structures showed a peak at 2.4 Å which is similar with crystal 

structures. The ACKS2 relaxed slab also has a broad peak at 2.0 Å which appeared in the crystal 

structures.    

5.4.2. Deformation of the notched Li2O slab model 

  

Figure 5.5 Deformation of Li2O slab model using qEq method under (a) 1K and (b) 200K at 
different strains. Deformation with lower temperature showed more ductility during fracture. 
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The deformation process of the slab model at 1K and 200K using the qEq method is shown in 

Figure 5.5. At 200 K, the fracture front showed a blunt tip which indicates a ductile fracture. This 

is contradicting with the brittleness nature of ceramic Li2O. As we discussed above, this over-

ductile phenomenon is a systemic error in the current qEq method due to the long-range interaction 

caused by incorrect prediction of atomic charge. When the deformation is conducted under 1K 

which will significantly increase the brittleness of any material, the crack tip showed brittle 

fracture features as shown in Figure 5.5 (a). This means although not all predicted properties are 

correct, the forcefield method can still capture general physics behaviors during the fracture 

process. The stress-strain curve of these two deformation tests shown in Figure 5.6 supported the 

previous conclusion. The 1K tensile test (blue curve) showed higher fracture strength and sudden 

drop of stress around 20% strain, which clearly shows brittle fracture characteristics. While the 

200 K tensile test (red curve) showed much higher elongation to break with gradual decreasing of 

stress value after yield which indicates ductile fracture behavior.  
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Figure 5.6 The stress-strain curve of Li2O slab deformation process using the qEq method at 1K 
and 200K 

 

5.5. Future work 

Next, we will keep on working on improving the fitting of forcefield parameters and conduct more 

detailed analysis on the tensile test of Li2O slab model with the same procedure using ACKS2 

method. The stress-strain curve will be plotted and compared with qEq results. From the shape of 

the crack tip and stress-strain curve, the brittleness of Li2O slab can be estimated.  By comparing 

the predicted brittleness using qEq and ACKS2 method, we can see the effect of eliminating long-

range interaction on the previous over-ductile problem.   
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CHAPTER 6. Summary and outlook 

In this thesis, we implemented the atomic simulation techniques including DFT and forcefield 

based MD methods to explore the deformation mechanism of complex nano-structured materials. 

Also, we demonstrated one possible solution for the over-ductile problem in the current charge 

transfer scheme.  

To understand the deformation mechanism of nacre under dynamic loading, the fracture energy, 

generalized stacking fault energy curve, and twinning tendency of (110)[1 10] slip system is 

calculated using DFT method. Because of the atomic relaxation along (110) normal direction in 

nacre structure, the unstable stacking fault energy falls below fracture energy of mineral aragonite 

which avoids the fracture of nacre under impact. The twinning tendency result predicts the 

dynamic impact will favor formation of twinning under dynamic loading condition rather than full 

dislocation, which explains the experimental observations. The unstable/stable stacking fault 

energy of nacre shows the highest value among a wide range of metals and ceramics. The low 

stable stacking fault energy is due to its large number of multi-neighbor shared ionic bonds that 

provided similar chemical environment before and after sliding. The high unstable stacking fault 

energy is due to the oxygen-oxygen repulsion and the unique relaxation process during the sliding. 

Overall, the deformation mechanism corresponding to nacre’s nanoscale structure works together 

with other macroscale deformation mechanisms in synergistically provide the extraordinary 

toughening and strengthening effect under impact loading. 

To understand the impact of formation history and chemical-mechanical coupled effect from the 

environment on the fracture behavior of aluminum bifilm, a ReaxFF reactive forcefield based MD 
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procedure is established to simulate its fracture process and mechanical properties. Our results 

show that during the aging process, the fracture energy of bifilm increased from 0.43 J/m2 to 0.53 

J/m2 for young and old bifilm. The clean “dry” interface of bifilm can “heal” itself to 50% to 75% 

of the bonding density comparing with bulk amorphous Al2O3. This effect leads to fracture at 

“wetted” interface, Al/Al2O3 interface, of bifilm in vacuum for both young and old bifilm. 

However, when the environmental factor is considered, the “dry” interface of bifilm can be 

contaminated by hydrogen due to the rapid solubility change at a different temperature. With 30% 

hydroxyl group coverage, the bifilm tend to fracture at the Al2O3/Al2O3 interface. The fracture 

strength of young and old bifilm are 1.1 GPa and 1.55 GPa. With surface contamination, the 

fracture strength drops to 1.2 GPa. Therefore, our simulation results indicate that the crack 

initiation position is influenced by surface contamination more than the phase change from the 

aging process. So effective removal of hydrogen gas may lead to a strengthening of bifilm interface 

and better mechanical performance of casting product. Also, we converted the MD simulated 

fracture strength to macroscale cohesive zone model parameters for FEM simulation. 

To understand the growth mechanism of Li dendrite under different oxygen partial pressure, we 

implemented ReaxFF reactive forcefield based MD simulation to model the competition between 

oxidation rate and dendrite growth rate. The results show that the MD method can simulate the 

early stage of Li dendrite growth on carbon anode. When oxygen is in deficient (10-7 Pa), the Li 

will diffuse into all directions on the anode surface which lead to the formation of large clusters. 

When oxygen partial pressure is high enough, a thick Li oxide layer will form on the surface and 

suppress the nucleation of Li dendrite due to the high modulus of Li oxide. This will lead also lead 

to diffusion of Li along all directions and form small clusters on the surface. When the oxidation 

rate and growth rate are compatible, a core-shell structure is formed that provided support and 
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confinement effect on the in-plane direction, which leads to preferred growth on the plane normal 

direction. The MD simulation validated the proposed growth mechanism and demonstrated the 

importance of trace amount of oxygen on the morphology evolution of the lithiation process in all-

solid-state Li battery. 

Finally, to improve the current charge transfer scheme used in forcefield based MD simulation, we 

first expose the over-ductile issue in the current method using tensile test of Li2O slab. It shows 

unphysical ductile fracture behavior. The parameters for ACKS2 method are fitted from highly 

accurate training data obtained by high-level quantum chemistry calculations. The fracture of Li2O 

slab with the same procedure using the ACKS2 method shows it can alleviate the over-ductile 

problem in the fracture process due to the more accurate atomic charge prediction. 

Overall, we demonstrate the capability of various atomic simulation techniques on predicting 

mechanical properties, fracture behaviors, and most importantly, the deformation mechanisms of 

nano-structured materials. The atomic simulation techniques show superior ability over 

experimental techniques on observing and measuring the chemical and mechanical process 

simultaneously for nano-structured material applications. To correctly capture the mechanical 

process and environmental effect in our model, we carefully designed simulation protocols based 

on experimental conditions. These protocols are successfully implemented to bring insights into 

the deformation mechanisms of metal/ceramics composite materials with nanoscale substructures. 

It opens up many opportunities to further explore the impact of chemical reaction on the 

deformation process of other nano-structured materials.  

Also, we realize the current simulation tools are not perfect. With the rapid development of new 

mathematics tools and deeper physical understanding of materials, new models should be 
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continuously developed to improve the accuracy and efficiency of atomic simulation methods. For 

example, the recently blooming of machine learning method in computer vision and national 

language processing enabled many new tools to unleash the power of big data and modern 

supercomputers. Specifically, the rapid development of deep learning techniques has achieved 

better than human-level ability on pattern recognition tasks with the help of rational designed 

neural net structures and a large amount of computational power. This technique can be used in 

high-throughput calculations for composition and structure screening to find materials with desired 

properties.  

On the other hand, generative adversarial model (GAN) have the ability to learn underlying data 

structure and probability distribution from real data and generate similar data from the same 

distribution [330]. The conditional GAN can take a “condition” of each training data as input and 

learn the relation between input condition and distribution of training data [331]. This method can 

be used as a surrogate model of the real physics-based model but with enormous amount of reduced 

evaluation time. These physics informed deep learning model could be used to replace one or more 

steps of traditional high computational cost models such as solving for turbulence models in 

computational fluid dynamics (CFD) [332] and atomic charge distribution in density functional 

theory [333].   
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