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ABSTRACT

TENSILE DEFORMATION OF POLYMER NANOCOMPOSITES: HYDRODYNAMIC
EFFECT AND MECHANICAL REINFORCEMENT

By
Ruikun Sun

Polymer nanocomposites (PNCs) are important functional materials with various
applications because of their superior nanoparticle-reinforced properties. Among these enhanced
macroscopic properties, mechanical reinforcement in PNCs is the most intriguing and among the
first to be considered in applications from transportation, packaging to gas separation. However,
understanding the mechanical reinforcement of PNCs remains a challenging task, especially in
the large deformation regime where nonlinear effects emerge.

This dissertation focuses on PNCs with well-dispersed spherical nanoparticles in the
dilute and semi-dilute limit to investigate the mechanical reinforcement under large deformation
at various Weissenberg number, Wi = £t with ¢ being the Hencky strain rate and z,; the
relaxation time of the polymer. At Wi « 1, the nanoscale motion of nanoparticles first follows
the macroscopic deformation. Beyond a critical elongation ratio defined by the interparticle
spacing, the hydrodynamic interaction among nanoparticles leads to a strong deviation of the
local spatial rearrangement of nanoparticles from the macroscopic deformation field. Further
deformation leads to a deformation-induced nanoparticle network. More importantly, the elastic
deformation of the network provides a strong enhancement to the mechanical strength of PNCs
at large deformation.

As Wi increases, strong microstructure rearrangement of nanoparticles is observed.
Remarkably, the nanoparticle rearrangement does not affect the entanglement dynamics in the

leading order and does not correlate with the macroscopic stress of the PNCs. These observations



indicate that the deformation of matrix polymer plays a dominant role in the macroscopic stress
of PNCs.

To decouple the stress contributions from the matrix polymer and the nanoparticles, we
further perform small-angle neutron scattering experiments that capture only the structure and
dynamics of polymer matrices. Interestingly, the neutron experiments show that the magnitudes
of polymer anisotropy in the PNC and the neat polymer are identical under the same
deformation. Moreover, the stress relaxation of PNCs follows the time evolution of the structural
anisotropy of the deformed matrix polymer. Similar phenomena are also observed for PNCs with
nanoparticle aggregates and high nanoparticle loadings. These observations point to the absence
of strain amplification or molecular overstraining in deformed PNCs and suggest the
hydrodynamic effect as the leading molecular origin of the high mechanical strength of PNCs.

To further quantify the molecular origin associated with the high polymer matrix
contribution to the mechanical reinforcement, we carry out nonlinear rheology measurements for
PNCs with different polymer molecular weights and nanoparticle loadings. The nonlinear
rheological stress-strain curves of all these PNCs, if normalized by a constant dependent on PNC
composition, are found to overlap with each other up to the stress overshoot point. This constant
is directly correlated with the bulk polymer relaxation, instead of the interfacial polymers. These
observations point to that the mechanical reinforcement of PNCs is controlled by the slowing

down of the chain relaxation dynamics.
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CHAPTER 1 A REVIEW OF MECHANICAL REINFORCEMENT IN POLYMER
NANOCOMPOSITE MELTS
1.1 Background and Motivations

The inclusion of nanoparticles (NPs) in polymer matrices can significantly improve
various properties of the matrices, such as mechanical, optical, and dielectric properties'3. Due
to their superior properties, lightweight, and low cost, polymer nanocomposites (PNCs) have
been researched and commercialized in many fields*®. For instance, the utilization of PNC
revolutionized the automotive industry by greatly reducing material costs and improving fuel
efficiency. In 1985, Toyota first initialized commercial research on Nylon-6/clay polymer
nanocomposites (PNCs)’. The timing belt cover made by PNC was subsequently commercialized
in 1991. In the 2000s, other automotive companies like General Motors and Chevrolet also
started to PNCs for car parts®. Car tire is another successful application of PNC in the car
industry® 1%, The addition of the nano-sized silica to the rubber matrix can significantly increase
the mechanical property, grip, and durability of the tires*': 2. In addition to their success in the
automotive industry, polymer nanocomposites have applications reaching many other fields, i.e.,
food packaging'® 14, gas separation®® 8, dielectrics!’ '8, sports equipment, and more.

The great success in the industries has motivated the research for better PNCs with
enhanced properties. To design a PNC with desired properties, the structure-property relationship
cannot be ignored®®. Different combinations of polymer-nanoparticle interaction, nanoparticle
loading, and nanoparticle shape can lead to different polymer and nanoparticle structures and
thus influencing the final properties of the PNC* 2°, However, even if the material formula is
fixed, different processing procedures and methods can lead to drastically different product

properties®® 2%, For instance, shearing in the melt processing and sonication in solvent processing



of PNCs help to disperse the NPs in the polymer matrix?°. And the better dispersion of NPs
generally leads to superior properties due to higher interfacial area” 2. Another example is a
comparison between car parts and airplane parts made with the same raw materials but different
processing methods'®. The use of PNCs as car parts is often molded from a melt state which
yields a part modulus around 20 GPa. The PNCs for airplanes, on the other hand, are first
extruded to sheets to introduce NP orientations. The sheets are then laid into multiple-ply
laminates with hierarchical nanoparticle structures. Thus, the final product can have around 100
GPa modulus, which is about five times higher than that of the directly molded PNC with the
same compositions.

The processing of PNCs is thus an indispensable linkage between the raw materials and
the final properties of PNCs. It often involves large deformation and both shear and extension
modes of deformation. Some common processing methods mainly involve shear are melt mixing,
extrusion, etc.2* On the other hand, extension is the major deformation mode in film blowing,
blowing molding, and thermoforming®: 2. Typically, extensional deformation can introduce
more effective structural rearrangement in both polymer and nanoparticles than shear
deformation?’. Due to the presence of nanoparticles, the mechanical reinforcement shows up
during melt processing. The mechanical reinforcement in the PNCs has been one of the
fundamental properties in applications and an intriguing scientific problem. Many applications
require strong mechanical properties from the PNCs, such as automotive parts, packaging
materials, and gas separation membranes®. And the origin of mechanical reinforcement remains a
challenging topic, especially in the large deformation regimes involving nonlinear responses®®-3°,
A better understanding of the mechanical reinforcement in the large deformation regime can help

to improve the processibility and study the structure-property relationship. It also aids the



development of the constitutive models of the PNCs to predict the rheological behaviors and the
mechanical reinforcement®-3,

The thesis investigates the fundamental mechanisms involved in the mechanical
reinforcement in polymer nanocomposites in two important aspects: nanoparticle rearrangement
and polymer deformation. Rheology is the first tool used to study the mechanical reinforcement
in PNC under large uniaxial deformation. While the rheology gives a macroscopic mechanical
response of PNCs, the utilization of the small-angle x-ray scattering (SAXS) and small-angle
neutron scattering (SANS) allows a decoupling of the dynamics of nanoparticles and that of
matrix polymers. The nanoparticle position and rearrangement under deformation can be
quantitatively studied by the SAXS experiments. The utilization of SANS can selectively
quantify the polymer deformation. The recently proposed spherical harmonic expansion analysis
on deformed polymers® was used to unambiguously quantify the anisotropy of the polymer in
the PNC. With the help of different experimental tools (rheology, SAXS, and SANS), this thesis
shows how external deformation affects the nanoparticle microstructure evolution, the polymer
deformation, and how they are related to the mechanical reinforcement in the PNCs. Several
important dynamics were found to influence the mechanical reinforcement in the PNCs: (i)
nanoparticle microstructure rearrangement does not follow the macroscopic deformation field in
general, (ii) that a strong modification of the local strain field near the nanoparticles (the
hydrodynamic effect), and (iii) the imposed nanoconfinement effect by nanoparticles.

Chapter 1 serves as a review of the mechanical reinforcement in the PNCs under large
deformation and motivation for this study. The background and motivation have been discussed
in this section. Section 1.2 reviews the experimental techniques used in this work (rheology,

SAXS, and SANS). Section 1.3 discusses the hydrodynamic effect of the nanoparticles, a



fundamental reinforcing mechanism in the PNCs. Section 1.4 provides an introduction of current
understandings of the nanoparticle rearrangement under large deformation. Section 1.5 raises the
specific research questions to be addressed, and Section 1.6 outlines the following chapters.
1.2 Experimental Techniques
1.2.1 Rheological Methods

The linear rheological response of the polymers and polymer nanocomposites can be
obtained by a rheometer through small-amplitude oscillatory shear (SAQOS). Fig. 1.1 shows a
sample is filled in a cone and plate geometry. In a SAOS test, a sinusoidal strain is applied to the
sample as y(w, t) = y,sin (wt) where y, is a constant strain value, w is frequency, and t is time.
The shear stress of the sample can be expressed as o(w, t) = G'yysin(wt) + G"'yycos(wt).
Here, G’ is the storage modulus which represents the solid-like behavior of the sample and the
loss modulus G" represents the liquid-like behavior. While a typical frequency range accessed
by a rheometer is from 100 to 0.01 rad/s, the time-temperature superposition principle (TTSP)
can be used to construct a master curve. Fig. 1.2 shows a sketch of the typical master curve of a
linear entangled monodisperse polymer. The master curve usually can span a frequency range
over a decade. The TTSP assumes that every relaxation mode of the polymer follows identical
temperature dependence. Thus, the SAOS tests performed at different temperatures can be
combined together to construct a master curve. Although TTSP works for majorities of the
polymers, it might fail for PNCs with high loadings because of the emergence of the nanoparticle

network3® 3.



Figure 1.1 A schematic of cone and plate geometry (grey regions) of a rneometer filled with a
sample (the blue region with red lines)
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Figure 1.2 The master curve of monodisperse Poly(2-vinylpridine) (P2VP) with weight-average
molecular weight of 100 kg/mol constructed by the time-temperature superposition principle.
Four regions are notified: glassy, transition, rubbery plateau, and terminal region®'.
Linear rheology of PNC can provide qualitative information about the nanoparticle
loading and microstructure. In the rubbery plateau region, the hydrodynamic effect of the
nanoparticles dominates where the plateau modulus of the PNC Gpp ¢ should follow the

Smallwood-Einstein relation as Gpye = Gpoiymer (1 + 2.5@p) Where Go1ymer IS the plateau
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modulus of the polymer and ¢, is the volume fraction of the nanoparticles®®. If the Gppy
follows the Smallwood-Einstein relation, the nanoparticles are dispersed. On the other hand,
interfacial polymer layer and nanoparticle aggregation can provide larger effective nanoparticle
fraction, leading to a larger reinforcement. If an interconnected nanoparticle network is formed,
the plateau modulus can be even more enhanced because of the contribution from the
nanoparticles®. In the terminal regime, the shift of the crossover and upturns of the G’ and G" are
always seen in the PNCs compared to the polymer curves. A stronger upturn usually suggests the
higher loading of the PNCs. When a critical loading is reached, the PNC can demonstrate a

gelation behavior in the terminal regime, suggesting a presence of a nanoparticle network®.

Figure 1.3 A picture of Sentmanat Extension Rheometer (SER3) mounted on an Anton Paar
MCR302 Rheometer



Compared to linear rheology, nonlinear rheology is more intriguing because it involves
the rearrangement of the nanoparticles and the deformation of the polymer entanglement
network. Many instrumentations were invented to conduct extensional rheology, such as
Filament Stretching Rheometer®™ 42, and Meissner Extensional Rheometer®®. Unlike traditional
instrumentation, a recent invention by Sentmanat** is small enough to be incorporated into the
existing rheometer systems, as shown in Fig. 1.3. The Sentmanat Extensional Rheometer 3
(SER3) has two steel drums that can counter-rotate to uniaxially extend the sample mounted. The
sample size can be as small as 0.05 mm by 1 mm by 13 mm (thickness by width by length) and

can achieve an elongation ratio (final length divided by initial length) up to 148.4.

Figure 1.4 Schematic of a cuboid sample before (left) and after (right) uniaxial extension in a
cartesian coordinate with length L, width W, and height H. The subscript of 0 refers to the initial
dimensions of the sample. Red arrows indicate the stretching direction.

For a cuboid sample under uniaxial extension shown in Fig. 1.4, the elemental Hencky

strain Ae can be given as Ae = AA/A = (AL/Ly)/(L/Ly) = AL/L during a time interval At as
At = AL/V. The Hencky strain rate thus has the expression of ¢ = Al%r—%i_‘: = V /L. A relationship
between the elongation ratio and the Hencky strain can also be obtained: L/L, = A(t) =

exp (fot é(t)dt) = exp(g). While the length of the sample increases by a factor of A, the width

and the thickness reduce by a factor of A%°. The engineering stress Oeng (t) Can be calculated by



the stretching force F(t) generated by the sample divided by the initial cross-sectional area of

the sample A,. The true stress can be calculated by the F(t) divided by the instantaneous area of
the sample A(t) = ‘;—0 = A, exp(—&(t)). The transient viscosity (also referred to as elongational

viscosity) can be calculated by n# (t) = o,-/4.
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Figure 1.5 (a) stress-strain curves of a PNC and a neat polymer and (b) elongational viscosity
responses of a PNC and a neat polymer under uniaxial extension. n, is the zero-shear viscosity.

Two types of graphical representation are usually used to compare the mechanical
properties between PNCs and neat polymers. Fig. 1.5a shows that the stress-strain curves of the
PNC have a higher magnitude than that of the neat polymer under the same extension condition.
In Fig. 1.5b, the linear response of the PNC is higher in terms of viscosity than that of the neat
polymer. PNC under extension usually shows the strain hardening behavior where the transient
viscosity of the PNC shows a departure from the transient viscosity n (t) as demonstrated in Fig.
1.5b. Both observations in g,,,, and nz (t) show the presence of mechanical reinforcement in the
PNCs.

1.2.2 Small-angle X-ray Scattering
Small-angle x-ray scattering (SAXS) can access structures with 1-1,000 nm range*, with

a scattering angle less than 1< 6 While a nanoparticle has a typical size of 1-100 nm, SAXS
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becomes a commonly used method to quantify the nanoparticle size and structures in polymer
nanocomposites. Although transmission electron microscope (TEM) can also be used to access
such information, the sample preparation for TEM is time-consuming, and the sample size
characterized by TEM is only in a length scale of micrometers. The local structure probed by
TEM does not necessarily represent the bulk sample. However, SAXS can probe the nanoparticle
information in the sample on a millimeter-scale, which better represents the bulk sample. In a
SAXS experiment, an incident x-ray beam shoots through the sample, and the scattered x-ray is

captured by a two-dimensional (2D) detector, as shown in Fig. 1.6.

Incident Beam

Sample 2-D Intensity Pattern

Figure 1.6 An experimental setup for x-ray scattering

The scattering intensity is dependent on the scattering wave vector Q =

41 sin(g) /Ax_my, where 6 is the scattering angle and 4,_,.q,, is the wavelength of the x-ray. The

obtained x-ray intensity from the detector is expressed as I otector (Q) = IpA Y AQ (v 2—3 @ +

B) where I, is the incoming flux, A is the illuminated section of the sample, ¢ is the detector

efficiency, y is the transmission, AQ is the solid angle of the detector element, v is the sample
thickness, and B is the background intensity. z—i (Q) denotes the scattered intensity in absolute
units, which is the scattering from the sample. The scattering intensity of a PNC sample can be

expressed as Isgmpie (Q) = Z—i (Q) = @np(Ap)2VP(Q)S(Q) Where @5 is the loading of

nanoparticles, Ap is the scattering length density difference between the nanoparticle and the



polymer, V is the volume of a single nanoparticle, P(Q) is the form factor of the nanoparticles,
and S(q) is the structure factor of the NPs. P(Q) is particle-shaped dependent and can be
calculated by Fourier transform of the NP's density functions. S(Q) contains the positional
correlation between nanoparticles and is essentially the Fourier transform of the particle pair
correlation function®. S(Q) can be used to quantify the microstructure of the nanoparticles in a
PNC. For instance, a peak position Q* in S(Q) signifies the average center-to-center distance d..
between the characteristic structures (either as dispersed nanoparticles or nanoparticle
aggregates) by d., = 2m/Q**"*8, In a PNC with complicated multi-scale nanoparticle
microstructure, S(Q) can also be used to quantify the length scales of the hierarchal nanoparticle
structures*® 0,

1.2.3 Small-angle Neutron Scattering and Spherical Harmonic Expansion

Small-angle neutron scattering (SANS) adopts the same principle as SAXS, with the x-ray
replaced by neutrons. SANS is by far one of the best ways to characterize the single-chain structure
factor, S(Q), of polymers®, which contains the chain packing information. Here, Q is the
scattering vector. From SANS, the radius of gyration of the polymer can be calculated with the aid
of tube model®. Recent work®* utilizes spherical harmonic expansion (SHE) to extract the
anisotropy of the polymer chain from S(Q) without any model-dependent terms.

Partial deuteration is used to increase the contrast of hydrogenous polymers in SANS.
However, with the addition of the nanoparticle in PNCs, it becomes challenging to obtain
polymer’s single-chain structure factor. For multicomponent polymeric materials, the total
scattering comes from the scattering of different components as well as the interference terms
between different components. Thus, zero average contrast method can be used to mute the

scattering from the nanoparticles.
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1.2.3.1 Zero Average Contrast in Polymer Nanocomposites
To examine the single-chain structure factor of polymers in a PNC via SANS, deuterated
polymers, hydrogenous polymers and nanoparticles are present in the PNC. The volume

normalized coherent scattering intensity of such PNC follows a relationship®: 1(Q) =

(pH - pD)zd)(l - (I')) v:ﬁﬁsintra(Q) + [¢pH + (1 - d’)pD - p0]2 [&Sintra(Q) +

Vchain
VpgbpSinter(Q)] where pp, py, and pyp are the scattering length densities (SLDs) of the deuterated

monomer, the protonated monomer, and the nanoparticle, respectively, ¢ and ¢, are the volume
fractions of the protonated chains and all polymers in the PNC, ¥, is the total volume of chains,

and V¢ ,in is the number density of chains in the polymer phase. The normalized intrachain

1

structure factor [ Sinea(Q)] is defined as: Sipea(Q) = YM YN (e @Ram-Ran)y The

MN?2
normalized interchain structure factor follows: Sinter(Q) =
1 _io- _ 1 _io- - i
R M 5 TN (e ¢ Ram~Rpn)) ~ Vg Tmm{e ™ (Ram=Rgn)y Here, M is the total

number of polymer chains, N is the number of segments per chain, and R, ,,, is the position vector
of segment m in chain «. If the average SLD of the polymer phase is identical to that of the

nanoparticle phase, ¢ppp + Pupy — pnp = 0, the zero average contrast (ZAC) condition is

fulfilled. As a result, 1(Q) = (py — pp)?¢(1 — ¢)v¢%S(Q) with S(Q) = Sintra(Q), and the

1(Q) is only proportional to the S(Q) that contains the chain packing information. The single-
chain structure factor can thus be obtained from SANS measurements.
1.2.3.2 Spherical Harmonic Expansion Analysis of Deformed Polymers

The structural anisotropy of deformed polymers can be analyzed from the anisotropy of the

single-chain structure factor, S.;4:,(q). For instance, analyzing the polymer radius of gyration,
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R4, along with (R, ) or perpendicular to (R, ) the stretching direction offers a characterization of
the chain orientation®® 2, However, this analysis requires clear identification of the polymer
scattering at low q. Experimentally, strong upturn emerges due to the scattering of NPs or NP
clusters at low q region, introducing large uncertainties on the quantification of structural
anisotropy through the classical R, analysis.

Recently, spherical harmonic expansion (SHE) has been employed to quantify the
structural anisotropy of deformed polymers, which was initially developed to investigate the
structural distortion of simple liquids and colloidal suspension under deformation. The details of
the SHE analysis for polymers have been published previously by Wang et al.3* Specifically, the
single-chain structure factor, S.,4:»(q), on the magnitude (q) and orientation () of the scattering
wave vector, q , was expanded into a series of spherical harmonics: S.n.in(q) =
Yim STH(QY™ () where S/"(q) is the expansion coefficient of the corresponding spherical
harmonic function ¥/*(Q), and [ and m are non-negative integers. For uniaxial deformed
polymers, only terms with even [ and zero m are allowed. Thus, S(q) = Xj.cven SL ()Y, (8) =
Y 1even SL(q)V21 + 1PP () with 8 being the polar angle from the positive stretching direction and
P () the I, order Legendre polynomials. Fig. 1.7 shows the decomposition of a 2D SANS
spectra of polymers. Technically, the structure factor of the polymer along and transverse to the
stretching ~ direction  is:  S;(@) = Treven SL(QOV2L+ 1P’ (m/2)  and  S.(q) =
Yieven SL(@V2L + 1PP(0). Therefore, analyzing the S;(q) and S, (q) alone only provide a

partial solution to the problem.
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Figure 1.7 Demonstration of spherical harmonic expansion of a 2D SANS spectrum (Adapted
from Ref. 34. Copyright 2017, Physical Review X)

As demonstrated in recent investigations®, the expansion coefficient, S?(q), contains
important information characterizing the structural anisotropy of deformed polymers. The S3(q)
term is called isotropic component, and all other terms characterize different moments of structural
anisotropy. Isotropic polymers only have contribution SJ(q) and polymers with embedded
anisotropy have higher-order terms. Specifically, the leading anisotropic term, S2(q), characterize
the correlation of the polymer orientation that directly links to the macroscopic stress of the
polymer. We focus on the characteristics of the S2(g) in the analysis and discussions below.
Apparently, the SHE analysis utilizes full information of the 2D SANS spectra of a deformed
polymer. More importantly, no assumptions are involved in the process of extracting the expansion
coefficient, S?(q).

1.3 Hydrodynamic Effect of Nanoparticles and Strain Amplification

In polymer nanocomposites, one of the important reinforcing mechanisms is the
hydrodynamic effect of nanoparticles. While a glassy polymer has a shear modulus G around one
gigapascal (GPa), the G of the nanoparticle is often ten times more than that of the matrix. For
instance, G of silica nanoparticles is 31.2 GPa, and G of titanium oxide NP is 90 GPa. When a

PNC is subject to deformation, the NPs are regarded as non-deformable objects due to their
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significantly larger modulus than the polymer matrix. Thus, the presence of the NPs will modify

the strain field of the polymer matrix surrounding the NPs>3,

180°

A
v

Stretching direction

Figure 1.8 Filler immersed in a rubber matrix

In 1944, Smallwood quantified this effect by calculating the strain and stress field near a
hard-sphere in a rubber matrix3. Under a uniaxial deformation of the particle-filled rubber, the
tension near the poles of the filler (0=and 180 “shown in Fig. 1.8) is two times larger than that at
a larger distance from the pole. Along the equatorial of the filler, from 0°to 90< the normal
stress changes from two times of the bulk rubber tension to 0 at 63<26', and a further increase in
the angle results in a transition to compression. The shear stress reaches a maximum at 45 “and
135< which is 1.25 times the rubber's tension.

The macroscopic Young's modulus of the rubber composite M* is thus modified by the
presence of the hard spheres: M* = M(1 + 2.5¢) where M is Young's modulus of the rubber
matrix and ¢ is the volume fraction of the fillers. This equation is similar to Einstein's derivation
of the viscosity increase of the spherical objects suspended in Newtonian fluids: u* = u(1 +
2.5¢) where u and u* are the viscosities of the Newtonian fluid and the colloidal suspension,
respectively®* %, The similarity originates from the mathematical analogy where the two
equations take the same mathematical format. In Einstein's case, the equation was used to solve

the velocity field, while Smallwood was trying to solve the displacement field. Because of this
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mathematical analogy, the modulus amplification by (1 + 2.5¢) derived by Smallwood is often
referred to as hydrodynamic amplification, although there is no hydrodynamics in solids®®. Note
that both derivations assume a dilute filler system where a filler is in an infinite matrix.

Mullins and Tobin®’ first gave a physical meaning to hydrodynamic amplification in
1965. They argued the modulus reinforcement is from the overstraining on the polymer matrix.
Because of the non-deformable nature of the hard fillers, the matrix has to deform more to
compensate for the deformation of the filler. The proposal of the amplified strain of the matrix
has become an active debate since then. Theoretical derivations show violations of the energy
conservation laws by assuming an amplified strain®®. Different experimental evidence observed a
completely opposite phenomenon. In an NMR study®®, molecular overstraining was observed in
a rubber composite. A small-angle neutron scattering (SANS) study®® also observed in a
polystyrene-polyisoprene-polystyrene (PS-PI-PS) system where the P1 is regarded as a filler due
to microphase separation. However, later SANS studies show no sign of molecular overstraining
in rubber/silica?® and polystyrene/silica nanocomposites®?. The nanoparticle-nanoparticle
interactions are attributed to the mechanical reinforcement of PNCs. While the contradictory
results from different research work do not prove an answer to the origin of the hydrodynamic
effect, how the presence of nanoparticles affects the polymer deformation and the mechanical
reinforcement still remains a complicated yet important question.
1.4 Polymer Nanocomposites under Uniaxial Extension

Abundant experimental works focus on the nanoparticle (NP) rearrangement of the PNCs
under deformation?® 28 6163 Indeed, the structural rearrangement of the NP network can
contribute to mechanical behaviors. However, the correlation between the local organization of

the NPs and the macroscopic mechanical reinforcement remains a challenge in the field of
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polymer nanocomposites. Different PNC systems have specific interactions between polymer-NP
and NP microstructures, and a leading parameter for mechanical reinforcement is still under
research?. This section summarizes the NP structure rearrangement under large deformation and
how the mechanical reinforcement is affected.

Under the uniaxial extension, the macroscopic sample elongates in the stretching
direction and shrinks in the transverse-to-stretching directions. The sample follows the affine
deformation that its length increases as a factor of elongation ratio A while its width and
thickness shrink as a factor of 1%°. The macroscopic deformation field can thus change the NP
microstructures. Ideally, a PNC system with well-dispersed spherical NPs is the most
straightforward system to study the correlation between NP microstructure rearrangement and
mechanical reinforcement because of their well-defined structures. This system reduces the
complications of the microstructure orientation and inter-aggregate rearrangement in an
aggregated NP system or system with other NP shapes. In the case of well-dispersed spherical
NPs, the NPs should follow the affine deformation with the polymer matrix, assuming the
Brownian motion of the NPs is negligibly small during the macroscopic deformation. The
average center-to-center distance d.. of NPs thus becomes d..A in the stretching direction and
d../A%° in the transverse-to-stretching directions at an elongation ratio A. Even though this is the
simplest system, complications can still arise at larger deformation. As the NPs come close in the
transverse-to-stretching directions, there exists a critical point where the NPs can collide. In the
small deformation regime where the NPs remain well-dispersed, the hydrodynamic effect should
be the dominant mechanical reinforcement mechanism, as discussed in the previous section.
When the NPs collide at larger deformation, potential NP-NP interactions and their contributions

to the mechanical reinforcement should be considered. However, studies on the mechanical
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reinforcement in PNCs at large deformations with well-dispersed nanoparticle system is not
found in the literature due to early difficulties in controlling the dispersion state of the
nanoparticles.

The closest study we found to the ideal system focuses on polymethylmethacrylate/silica
nanocomposites systems with NP aggregates with controlled sizes by Jouault et al.?8, At low
loadings of NPs, the aggregates are well-separated, and no significant reinforcement is observed
under uniaxial deformation. As the loading increases, a connected NP network is present
throughout the sample. A strong mechanical reinforcement is seen at the beginning of
deformation due to the resistance from the NP network to the deformation. After the breakdown
of the NP network upon further deformation, affine and non-affine deformations of the NP
aggregates were observed in two PNC systems with different NP-polymer interactions. The PNC
with affine deformation of NPs after network breakdown shows less mechanical reinforcement
than the ones with non-affine deformation. The authors argued that the non-affine deformation
system is from the further breakdown of the non-uniform aggregates. Although this work
thoroughly studies the NP microstructure rearrangement, a clear bridge between the NP
microstructure rearrangement and the mechanical reinforcement observed in the PNC is not yet
established.

In Jouault et al.'s work, both NP loading and NP-polymer interaction were varied to study
the NP aggregate motions under deformation, but the rate effect was still left for investigation.
Many works show the deformation rate can significantly influence the NP rearrangement and the
mechanical reinforcement in the PNC? 61, Okamoto et al. observed strain hardening in
polypropylene (PP)/clay nanocomposites under deformation at a slow rate®2. From the

transmission electron microscope (TEM) images of the stretched PNCs, the authors observed a
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'house of cards' structure formed by the clay NPs under deformation. They believe the
aggregation of the layered clays occurs through the attraction between the negatively charged
faces and the positively charged edges of each layer, leading to a gelation state in the PNC and
thus the strain hardening. However, for higher rate tests where no nanoparticle aggregation is
present, the mechanical reinforcement was not explained.

1.5 Research Objectives

The mechanical reinforcement in polymer nanocomposites under large deformation
remains a complex and controversial problem. The polymer and nanoparticle contributions are
not clearly understood in the current literature. By utilizing powerful experimental tools
(rheology, SAXS, and SANS) and a model polymer nanocomposite system with well-dispersed
spherical nanoparticles, this thesis aims to understand the mechanical reinforcement in polymer
nanocomposites under large uniaxial extension.

The specific questions to address are: (a) What is the role of NP microstructure
evolution? (b) How does the presence of NPs influence polymer deformation? (c) What is the
leading order effect in mechanical reinforcement? By answering these important questions, this
thesis can help the design, processibility, and constitutive equation development of polymer
nanocomposites.

1.6 Outline of Thesis Chapters

Chapters 2 and 3 aim to understand the correlation between nanoparticle microstructure
rearrangement and mechanical reinforcement in PNCs. Chapter 4 utilizes the small-angle neutron
scattering (SANS) technique to obtain the polymer deformation in PNCs and its relation to
mechanical reinforcement. Chapter 5 discovers the relation between effective Weissenberg

number and the mechanical reinforcement in PNCs.
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In Chapter 2, a deformation-induced nanoparticles network is found in a PNC with
initially well-dispersed nanoparticles. This network only occurs at Weissenberg number Wi =
ET < 1 where € is the extension rate, and t is the terminal relaxation time determined in the
linear rheology. The NP rearrangement is characterized by small-angle x-ray scattering (SAXS),
and the yield of the network is concluded to cause the strain hardening in the PNC.

Chapter 3 extends the NP microstructure analysis to different extension rates and
elongation ratios. The dynamics of NP rearrangement is investigated. The spherically harmonic
expansion (SHE) analysis of SAXS gives the leading anisotropic factor S7 of the nanoparticles,
which is hardly correlated with the stress in PNCs. Thus, the evolution of NP contribution to the
macroscopic stress decouples from the evolution of macroscopic stress, supporting the polymer
dominated stress in PNCs except for PNC deformation at a very low Wi discussed in Chapter 2.

Chapter 4 shifts the focus to polymer deformation in the PNC since the NPs are proven to
be decoupled from the mechanical reinforcement. SANS combined with SHE analysis shows
identical polymer deformation in PNC and in neat polymer under the same stretching conditions.
This result supports the hydrodynamic effect of the nanoparticles as the leading order effect for
the mechanical reinforcement. In observation of the stress relaxation in PNCs with aggregated
NPs, the polymer anisotropy in the PNC is found to be negligible, and the relaxation of PNC is
found to be faster than the neat polymer reference at the same condition. The faster relaxation
can be understood by the more nonlinear deformation regimes in the PNC. The smaller polymer
deformation might be from the less deformed regimes of the interfacial layer or the occluded
polymer inside the aggregates.

Chapter 5 shows that the slowing down of polymer chain dynamics determines the stress-

strain behaviors in PNCs. By normalizing the performed extension rate by a sample-dependent
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constant, the stress-strain behaviors of PNC are found to be almost identical to those of the neat
polymers. This constant strongly correlates with the bulk polymer chain relaxation, suggesting
the mechanical reinforcement of PNCs at large deformation is dominated by the polymer chain
dynamics. Although the presence of NPs introduces interfacial polymers, they only contribute
negligibly to the mechanical reinforcement in PNCs.

Chapter 6 summarizes the work done in Chapters 2-5, point out the key issues and
findings in the investigations of the mechanical reinforcement in PNCs, and gives an outlook for

future research.
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CHAPTER 2 DEFORMATION INDUCED NANOPARTICLE NETWORK IN
POLYMER NANOCOMPOSITES UNDER LARGE DEFORMATION
The content of this chapter is modified from a published work (ACS Macro Lett. 2020, 9,
9, 1224-1229). The authors of this work are Ruikun Sun, Matthew Melton, Xiaobing Zuo, and
Shiwang Cheng.
2.1 Introduction
The mechanical reinforcement in polymer nanocomposites (PNCs) under large
deformation remains a challenge, and a clear relationship is yet established between the
nanoparticle rearrangement and the mechanical behaviors. In this chapter, uniaxial extension at
different strain rates was first conducted to gain a phenomenological understanding of the
nonlinear rheology and mechanical reinforcement in the PNCs. While an unexpected strain
hardening of PNC was discovered in the flow regime, small-angle x-ray scattering was used to
probe the motion of the nanoparticles, which is correlated with the unexpected strain hardening
phenomenon.
2.2 Materials and Methods
Materials: Poly (2-vinyl pyridine) (P2VP) with a molecular weight of 100 kg/mol and
polydispersity index of 1.07 was purchased from Scientific Polymer Products, Inc. and was used
as received. Silica nanoparticles (NPs) were synthesized by a modified Stcber method in ethanol
at a concentration of 15 mg/mL5%* 8. According to the small-angle x-ray scattering (SAXS), the
NP sizes followed a log-normal distribution with the mean radius of NP, Ryp = 12.0 nm, and
polydispersity o = 0.16 for the first batch, and Ryp = 9.3 nm and o = 0.18 for the second
batch. The P2VP/SiO2 nanocomposites with the volume fraction of @yp = 4 %, 5 %, and 7%

were prepared by using the NPs from the first batch, and the ¢yp = 8 % one was prepared from
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the second batch of the NPs. The preparation of polymer nanocomposites (PNCs) followed a
previous protocol 2, First, the pristine P2VP polymer was dissolved in ethanol (ACS 200
proof, Sigma-Aldrich) at a concentration of 0.015 g/mL in a 20 mL vial at 293 K. Then, the
NP/ethanol suspension was drop-wise added into the P2VP/ethanol solution with the desired
amount. After a two-hour mixing, 100 ppm of the Irganox®21010 (antioxidant) was added into
the P2VP/NP/ethanol solution. Lastly, the PNC solution was transferred to a 50 mL Teflon dish
to dry under a fume hood for 24 hours before drying in a vacuum oven at 10-3-10-5 torr and 313
K for 24 hours and at 423 K for another 48 hours. The pristine polymer was prepared by
following the same protocol without adding NPs. After drying, the samples were melt-pressed at
453 K into thin films of around 0.1 mm in thickness in a Carver press. The thin films were then
cut into rectangular strips with dimensions of 4 mm x18 mm (width x<length) for the uniaxial
extension test. For small amplitude oscillatory shear measurements, the sample was molded into
a thin disk with 4 mm in diameter and 1 mm in thickness. All the samples were stored in a
desiccator under a vacuum before testing.

Rheology: Both linear and nonlinear rheological measurements were performed on an
Anton Paar MCR302 Rheometer with a CTD 600 oven. The accuracy of the temperature control
was 0.1 K. Small amplitude oscillatory shear (SAOS) tests were performed on a pair of 4 mm
diameter parallel plates at a temperature range from 373 K to 453 K. The strain amplitude was
0.1% for temperatures close to the glass transition temperature of the PNCs and gradually
increased to 1% at temperatures close to 453 K. The testing frequency was set as 102 - 102 rad/s.
Uniaxial extension at constant Hencky strain rates from 10 — 6 s was performed at 413 K on
the third generation of Sentmanat Extensional Rheometer fixture (SER-3) that mounted onto the

Anton Paar MCR302. P2VPR12-7% samples for small-angle x-ray scattering (SAXS) were

22



prepared on SER-3 at T = 413 K with a constant Hencky strain rate ¢ = 0.003 s and 1 =

1.0, 2.0, 3.0, 4.0, and 5.0. A fast quenching with cool air was applied to the stretched sample

below their glass transition temperature to freeze the microstructure of the NPs. The SAXS

measurements were then performed ex-situ at Argonne National Laboratory.
Thermogravimetric Analyzer (TGA): The mass fraction of nanoparticles of PNCs was

identified on a TGA Q50 (TA instruments). For each PNC, about 10 mg of dry sample was

loaded on a platinum pan in the furnace before the temperature was ramped from 293 K to 1073

K at a rate of 20 K/min in air. The mass of the NPs, myp, Was obtained at the end of the test and

the volume fraction of NP, @yp, was calculated through @p = — /pme(/le,: —— with the
NP NP —IMINP P

mass density of the NP, pyp = 2.2 g/cm3, and the pristine P2VP, pp = 1.20 g/cm?.
Transmission electron microscope (TEM): JEOL 100CX was used to confirm the
dispersion state of NPs and their size distribution with an accelerating voltage of 120 kV and a
beam current of 100 pA. The PNC film slices with a thickness of 100 to 150 nm were
microtomed with a glass knife on RMC Boeckeler PowerTome XL at room temperature.
Small-angle x-ray diffraction (SAXS): SAXS measurements were performed at the
beamline 12-1D-B at Advanced Photon Source of Argonne National Laboratory with the x-ray
energy of 13.3 keV (A,_,qy = 0.9347 A). The scattered x-ray intensities were measured using a
two-dimensional (2-D) Pilatus 2M detector. The sample to detector distance was set to 2.0 m,
and the detecting range of the scattering wave vector, Q = 4 sin 8 /A,_,,, covers from 0.0035
to 0.9 A-1, where 26 is the scattering angle. In all measurements, we kept the sample thickness
(solid thin film at 293 K) t = 0.2 mm and the exposure time 0.05 s. The x-ray scattering
absolute intensity was calibrated using glassy carbon, and the Q values of detector pixels were

calibrated using silver behenate. The 2-D isotropic scattering images were converted to 1-D
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SAXS intensity curves (I1(Q) vs Q) through azimuthally average after solid angle correction and
then normalizing with the intensity of the transmitted x-ray beam flux, using the beamline
software.

To obtain the absolute scattering of NP alone, we measured the scattering signals of

PNCs, I5(Q), and the background, 1,4 (@), with the same thickness of t = 0.2 mm at an

exposure time of 0.05 s. The concentration-normalized scattering intensity, 1(Q)/@yp, 0f PNCs

is obtained through I(Q)/@Np = (IS(Q) — Ibcg(Q)) /@np Which is connected with the

microstructure of the NPs or assembly ®: 1(Q) /oxp = V(Ap)2S(Q) f0°° n(ryp)P(Q, Typ)dTyp.
Here, V is the volume of one NP, Ap is the scattering length density difference between the NP
and the polymer matrix, S(Q) is the structure factor of the NP assembly, n(ryp) is the number
density distribution of the NP that follows the log-normal distribution with a mean 7yp = Ryp

3(sin(Qryp)—Qrxcos(Qryp))
(Qrnp)?

2
and polydispersity o, P(Q,ryp) = ( ) is the form factor of the spherical

NP of radius ryp.
2.3 Results and Discussion
2.3.1 Small-angel X-ray Scattering and Linear Rheology

Fig. 2.1 shows the small-angle x-ray scattering (SAXS) of the PNCs, where the solid
lines are the shifted form factors, P(Q), of the NP. The scattering intensity, 1(Q), levels off at
the low Q region (Q < 1/Ryp), indicating a good dispersion of nanoparticles in the PNCs®’: 8,
Fig. 2.2 presents the TEM images of other PNCs, as enlarged images, where nanoparticles are all
individually seen and well-separated, consistent with the SAXS measurements 23 666970 The
inset of Fig. 2.1 presents the structure factors of the PNCs, S(Q). The characteristic peak

position, Q_, of the S(Q) provides the average center-to-center distance of NPs™, d.. =
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2r/Q. = 36.2 nm, 35.2 nm, 33.9 nm, and 27.2 nm. Accordingly, the average inter-particle
surface-to-surface distance, d;ps = d.. — 2Ryp = 12.2 nm, 11.2 nm, 9.9 nm, and 8.6 nm for

P2VPR12-4%, P2VPR12-5%, P2VPR12-7%, and P2VPR9-8% respectively.
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Figure 2.1 Small-angle x-ray scattering of PNCs. The solid lines are the form factors, P(Q), of
the two types of nanoparticles (NPs). The inset shows the S(Q) of the PNCs with the primary

peak position Q..

Figure 2.2 TEM images of P2VPR12-5v% (Ie) and P2V9-8v% (right).
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G'(w)~w? and the G" (w)~w? at the low-frequency region are observed in all PNCs. (b) Shift
factors a; of the pristine P2VP and PNCs.

The time-temperature superposition holds for PNCs with dilute NP loadings’?. Fig. 2.3a

shows the linear viscoelastic spectra of the PNCs constructed through the time-temperature

superposition at a reference temperature T,.., = 413 K. The shift factors ar are almost identical

across neat polymer and PNCs, as shown in Figure 2.4 (b). As expected, very little mechanical

enhancement is observed in the rubbery plateau region due to the low NP loadings. However,

deviations of the storage modulus spectra, G'(w), and the loss modulus spectra, G''(w), of PNCs

from the G’ (w)~w? and G"' (w)~w? are observed, mainly signifying the slow dynamics of the

adsorbed polymers®L. For pristine P2VP, the crossover between the G'(w) and G"'(w) offers a

good estimate of the terminal relaxation time, 7; = 1/w.. The NPs introduce the hydrodynamic

effect’® as well as nanoconfinement effect’® 7 that shifts the w, of PNCs to lower values, leading

to a higher apparent relaxation time of the polymer matrix, ¢, = 1/w,. The values of 7, /7, of

PNCs are presented in the Fig. 2.4b.
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Figure 2.4 The t, /7,4 of the PNCs (symbols) and an estimate of the hydrodynamic effect
H(pnp) =1+ 2.5¢yp.

2.3.2 Nonmonotonic Strain Rate Dependence on the Strain Hardening of Polymer
Nanocomposites

Mechanical properties of PNCs at large deformation can provide important insights on
the characteristics of the polymer-NP and NP-NP interactions not accessible in the linear
viscoelastic measurements. In uniaxial extension, the apparent Weissenberg number at Hencky
strain rate &, Wi, = ét,, represents the effective deformation rate of the polymer matrix for
PNCs and Wi, = £t for pristine P2VP. Fig. 2.5 shows the elongation viscosity, nz (¢, &) =
Orrue (1) /€, Of the pristine P2VP and all PNCs under uniaxial extension. Here, gy, (t) is the

true stress. The solid lines are the envelopes of the 3|n*(1/w)|vs 1/w from linear viscoelastic

measurements with [n*(1/w)| = \/(G’(w))z + (G”(a)))z/w. As expected for the pristine

polymers (Fig. 2.5a), n7 (t, ¢ - 0) agrees well with the 3|n*(1/w)| and a strong upturn in
nE (t, €) has been observed at Wi, > 1.0 exhibiting the well-known strain hardening in the

uniaxial extension of polymers™ 7.
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Figure 2.5 Transient viscosity n# (t, €) vs t of (a) the pristine P2VP, (b) the P2VPR12-4%, (c)
the P2VPR12-5%, (d) the P2VPR12-7% and (e) the P2VPR9-8% under uniaxial extension. The
solid olive lines are the 3|n*(1/w)| vs 1/w from linear viscoelastic measurements. The number
labeling are the corresponding apparent Weissenberg numbers (Wi,).
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The inclusion of nanoparticles significantly modifies the mechanical responses of PNCs.
For P2VPR12-4% (Fig. 2.5b), deviations of n7 (t, £) from the linear viscoelastic envelope show
up at very small Wi, = 0.017. This strain hardening at the extremely small Wi, becomes more
significant as loading increases. Strong upturns of the n# (t, £) can be seen for PNCs with higher
loadings (Figs. 2.5c-e) at Wi, as low as 0.025. In contrast to the pristine polymer, the PNCs
demonstrate a strong increase in n7 (t, ¢) with deformation emerges both at Wi, > 1.0 and at
Wi, « 1.0. Hence, the strain hardening of the PNC exhibits a nonmonotonic strain rate
dependence, a phenomenon that has not been observed before in the tensile deformation of
polymers?’.

To be quantitative, we define the strain hardening index, Bsy (¢, €) =
ni(t,8)/(3In*(t = 1/w)]). As shown in Fig. 2.6a, the largest values of the By at each ¢ of the
neat polymer (the grey lines) reduce to 1.0 with decreasing Wi,. A similar trend in the largest
values of the By at each & approaching 1.0 is observed in the PNC (colored symbols) at Wi, >
1.0 (Figs. 2.5b-e). However, the Bsy of the PNC stops declining at Wi, < 1.0. A surge in Bsy
emerges upon further reducing the strain rates, especially at higher loadings. We note that
although the strain hardening of PNCs had been observed before, fundamental differences exist
between the current study and previous works: (i) Strain hardening in previous works all
exhibited a monotonic strain rate dependence® 8 7°  while the current work shows a
nonmonotonic rate dependence. (ii) PNCs involved in previous studies were mostly composed of
physical NP network that contributes strongly to the stress. However, such a percolated NP
network is absent in the current study. Thus, the observed nonmonotonic rate dependence on the
strain hardening of well-dispersed PNCs is unexpected and distinguishes the current study from

previous studies.
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Figure 2.6 The strain hardening index Bsy (t, €) = nj (t,€)/3|n*(1/w)| of (a) the pristine P2VP,
(b) the P2VPR12-4%, (c) the P2VPR12-5%, (d) the P2VPR12-7% and (e) the P2VPR9-8%,
showing non-monotonic strain rate dependence. The purple dashed lines are a simple connection
of the peak position of the sy (¢, €) at each strain rate to guide the eyes. The pink dashed lines
indicate the Bsy (t, €) = 1 line. The number labeling by each curve is the corresponding Wi,,.
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2.3.3 Double Stress Overshoots in Stress-Strain Curves
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Figure 2.7 Engineering stress, ., Vs elongation ratio, 4, of (a) the pristine P2VP, (b) the
P2VPR12-4%, (c) the P2VPR12-5%, (d) the P2VPR12-7% and (e) the P2VPR9-8%. The insets
show the uniaxial extension results at Wi, > 1.0. 4, and 4, correspond to the two stress
overshoots of PNCs at Wi, < 1.0. The number labeling by each line is the corresponding Wi,.
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The observation of the unexpected nonmonotonic rate dependence of the strain hardening
inspires further investigation. In the next step, we extend the scaling analysis of the uniaxial
extension of pristine polymers® and convert the (¢, €) vs t to the engineering stress o,,4, (1) =
Otrue (1) /A vs A representation, with 2 = exp (€t). In Fig. 2.7, the strain hardening behaviors
turn into engineering stress overshoots. For pristine P2VP (Fig. 2.7a), one stress overshoot is
observed with the characteristic elongation ratio, A,, and stress, a;"**, consistent with previous
reports®® 8, For P2VPR12-5%, P2VPR12-7%, and P2VPR9-8% in Figs. 2.7c-d, there is only
one stress overshoot at 1; at Wi, > 1.0, whereas there are two stress overshoots at Wi, < 1.0
with a second one showing up at A, with A, > A1,. Note that the stress overshoots at 1, are
associated with the strain hardening of PNCs at Wi, < 1.0. However, such phenomenon is not

seen in P2VPR12-4% (Fig. 3.8b), due to a lower amount of NP presence, which we will discuss

later.
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Figure 2.8 Scaling behaviors of the two stress overshoots: (a) The a;*** vs Wi, (mainframe) as
well as the In (1,) (open symbols) and In (4,) (filled symbols) vs Wi, (inset). (b) The a7"** vs
Wi, (mainframe) and the aJ*** /Ayp Vs Wi, (inset) of the PNCs. Ayp is the surface area of NPs
per unit volume.

To quantify the characteristics of the strain hardening of PNCs, we summarize the o{"**

and the a3** in Figs. 2.8a-b. As shown in Fig. 2.8a, the a{"** vs Wi, of PNCs of different
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loadings almost fall onto the same curve as the neat polymer. A master curve of In (1,) vs Wi,
is observed (inset Fig. 2.8a). According to recent development®®-#2, the stress overshoot at 1,
originates from the polymer disentanglement at large deformation. The identical scaling
behaviors of g™ ~Wi%7¢ at Wi, < 1.0, /% ~Wi258 and Ind,~Wi-*at Wi, > 1.0 suggests
the PNCs and the neat polymer share the same molecular origin of the polymer disentanglement
at the first stress overshoot. Thus, the strain hardening of the PNCs at high deformation rates
(Wi, > 1.0) can be attributed to the orientation and stretching of the bulk polymer. Moreover,
the almost identical values of the {"** of PNCs with different ¢, also suggest a negligible
contribution from the deformation of the interphase polymer at intermediate strains.
2.3.4 The Origin of Second Stress Overshoot

We now proceed to discuss the origin of the strain hardening at low deformation rates
(Wi, < 1.0) that is absent in the pristine polymer. Two features can be identified: (i) In contrast
to the strong rate dependence of the 1, the absolute values of the A, do not change with Wi,
with 2,~Wi9 (Figs. 2.7c-e and the inset of Fig. 2.8a) (ii) The stress values at the second stress
overshoot, o™, scales with Wi, as ai"**~Wi2>! (Fig. 2.8b). These two unique characteristics
narrow down the deformation mechanism associated with the second stress overshoot. If the
second stress overshoot is from the deformation of the adsorbed polymers, the entanglements
dynamics require the 1, increases with the deformation rates® & 8 which cannot reconcile with
the observation of 1,~Wi9. If the second stress overshoot is due to the deformation of the
polymer bridges between adjacent nanoparticles, the ¢;*** should remain unchanged with
deformation rates since the strength of the polymer bridge network depends mainly on the
polymer-NP interactions. However, we observed a strong rate dependence in the ¢7*** for all

PNCs (Fig. 2.8b). Moreover, the stress from the polymer bridges should not exceed the
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prediction of the ideal rubber law with o (1) = G, (1 — 172), where G, is the modulus of the
polymer-bridging network. For P2VPR12-7%, the ¢ = 0.03 MPa and A ~ 3.0 at the second
stress overshoot at Wi, = 0.031, which leads to an estimate of G, ~ 10* Pa. This indicates the
polymer bridge has to have a modulus at least 10* Pa to produce a similar level of the stress
observed in experiment, which is more than 10 times larger than the modulus of P2VPR12-7% at
low-frequency (Fig. 2.3a). Thus, the polymer bridge cannot be the major contributor to the
observed second stress overshoot at low deformation rates. To the best of our knowledge, this is
the first time such scaling analyses in Figs. 2.8a-b are applied to quantify the molecular
mechanisms of PNCs at different stages of deformation.

The interesting scaling behaviors of the oJ*** ~Wi2->! and the e,~Wi? are reminiscent of
the yielding behavior of soft glassy materials®: &, Although the analogy between soft glassy
materials and the PNCs has been made in the past®’, the absence of an NP network in the PNCs
under the study makes the analogy difficult to perceive. Is it possible that the external
deformation can help percolate the NPs? According to the Stokes-Einstein equation in the
absence of any polymer-NP interactions typ~ 6mnRyp/ksT ~10%*s that is much longer than the
longest time of our experiments, where n = 2.6 MPa * s is the zero-shear viscosity of the
pristine polymer at T = 413 K, kg is the Boltzmann constant, and Ryp = 12.0 nm. We
emphasize that the estimate from Stokes-Einstein can be very rough since the sizes of NP should
be sufficiently large in order for the Stokes-Einstein relation to be valid®. For a similar
P2VP/SiO2 nanocomposites, previous experiment have demonstrated at least two times slower
of the NP diffusion than the predictions of the Stokes-Einstein®. Therefore, there should be a
negligible positional drift of NPs due to the thermal motion. Under the uniaxial extension of 4,

the NP should separate apart by a factor of A along the stretching direction (z-direction) and

34



come close to each other at the transverse direction (x-direction) by a factor of V2.

Consequently, the inter-nanoparticle distance transverse stretching direction changes from the
d.c to dX, = d,. /v, promoting the formation of NP network (Fig. 2.9a). The strain hardening
in the nz (t) vs t representation emerges at A, ~ 1.8 for P2VPR12-7% (Fig. 2.9b). As a result,
d¥. = dc./\[2o = 33.9 nm/V/1.8 = 25.3 nm that is only slightly larger than the 2Ry, =

24 nm, which may be attributed to the thin layer of the tightly bounded polymers on the

surface®.
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Figure 2.9 (a) A sketch of the microstructure rearrangement of PNCs at deformation. At 1 < A,,
the NP network has not yet formed, and the deformation of the bulk polymer matrix controls the
mechanics of PNCs. At 1 > A, the deformation of the NP network triggers the strain hardening,
and the yielding of the NP network leads to the second stress overshoot at Wi, < 1.0. The black
NPs are individually dispersed, and the red ones form networks and bear the load. The yellow
shell of the NP represents the tightly bounded thin interphase polymer layer. (b) Strain hardening
of PNCs of different NP loadings where PNCs with a lower ¢, has a higher onset, A, for the

strain hardening. The inset shows the d../(2RypAg’>) of PNCs with different ¢, p and Ryp.

To understand the positional change of NPs, we turned to SAXS for PNCs at different
stages of the deformation. Fig. 2.10a presents the mechanical response of the P2VPR12-7% at
deformation, where strong strain hardening has been observed at Wi, = 0.092 « 1.0. The inset

of Fig. 2.10a shows the corresponding two-dimensional SAXS (2D-SAXS) pattern at different
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elongation ratios. Strong anisotropy of the distribution of NPs emerges, highlighting the non-
trivial influence of deformation on the positional change of NPs. The 2-D anisotropy scattering
intensity of the stretched P2VPR12-7% at A = 2 along the stretching direction (z-direction),
1%(Q), and transverse the stretching direction (x-direction), I*(Q), were obtained through a line-
cut analysis as demonstrated in Fig. 2.10b at Q* = 0 (for I%(Q)) and Q% = 0 (for I*(Q)) after
solid angle correction and then normalizing with the intensity of the transmitted x-ray beam flux.
The corresponding anisotropic structure factor S%(Q) = I*(Q)/(enpP(Q)) and S*(Q) =

1*(Q)/(enpP(Q)) that are shown in the inset of the Fig. 2.10b.
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Figure 2.10 (a) Elongation viscosity of the P2VPR12-7% at Wi, = 0.092 « 1.0. The inset
presents the SAXS spectra at elongation ratios of 1 = 1.0, 2.0, 3.0, 4.0, and 5.0. The z and x
directions are the stretching direction and the transverse stretching direction. (b) The normalized
scattering intensities of the stretched P2VPR12-7% at A = 2 along the stretching (z-direction)
direction, I*(Q) (the blue line), and transverse the stretching direction (x-direction), I*(Q) (the
red line). The black line is the scattering intensity of the isotropic P2VPR12-7%. The dashed
olive line represents the form factor of the NP. The inset represents the anisotropic structure
factors of the stretched sample, the S#(Q) (the blue triangles) and the S*(Q) (the red circles),
and the structure factor of the isotropic PNC (the black squares).

Fig. 2.11a summarizes the S#(Q) and S%(Q) at different elongation ratios, where the
characteristic peaks offer the average interparticle distance (Fig. 2.11b) at z (dZ.) and x (d.

directions. The d. follows closely the affine deformation prediction (the red dashed-line in Fig.
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2.11b) at A < 2.0 which agrees well with the 4, = 1.8 for P2VPR12-7% from the rheology.
Interestingly, the d¥, remains at around 2Ry beyond A = 2.0 suggesting the presence of
interparticle collision at A > 2.0. Such observations are consistent with the idea of the
deformation-induced NP network formation. For the spatial rearrangement of NPs along the
stretching direction, the QZ peak becomes very broad with shift to the low Q region, implying a
very broad distribution of dZ. at deformation. Moreover, the dZ. deviates strongly from the
affine prediction (the blue dashed-line), suggesting very complex interplay between the structure
rearrangement of NPs and the external deformation along the stretching direction. Previous
SAXS studies on PNCs subjected to uniaxial elongation also showed similar scattering patterns
of PNCs at deformation?® 1, Although the lack of affine positional change of NP in the
stretching direction requires further investigation, the very broad distribution of dZ, facilitates
the percolation of the NP network. Thus, the SAXS observation favors the above proposed

mechanism on the deformation-induced NP network formation in PNCs (Fig. 2.9a).
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Figure 2.11 (a) The anisotropic structure factors of the PNCs along z (filled symbols) and x
(empty symbols) directions. (b) The changes of the characteristic center-to-center distance of
NPs along the z (dZ.) and x (d%.) directions. The dashed lines are the predictions of the dZ. and
the d¥. by assuming ideal affine positional change of NPs. The dotted line represents the 2Ry p.

Moreover, the deformation-induced NP network formation depend on ¢y, and A, which
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explains the observed larger A, for the PNC with a smaller ¢, (Fig. 2.9b) and the almost
constant A, with Wi, for a given PNC (Figs. 2.7c-e). Although the external deformation
promotes the NP network formation, there must be a critical ¢, below which the NP network can
no longer be accessible. Given the very weak strain hardening and the lack of the second stress
overshoot of the P2VPR12-4% at Wi, < 1.0, it is possible that ¢, is very close to 4% for Ryp =

12 nm. Moreover, an in-depth analysis of the PNCs of different loadings shows the following

relationship as dcc(<pr)/(2RNP\/A_0) ~1.0 (inset Fig. 2.9b) for PNCs with different NP sizes,
indicating the generic features of the deformation-induced NP percolation. Besides, the
deformation beyond A, has to involve the deformation of the NP network that is analogous to the
yielding of the soft glassy materials, which also explains the observed scaling behavior of the
o ~Wid51 and the In(1,)~Wil.

Interestingly, even though the yielding of the NP network dominates beyond A,, no sign
of macroscopic instabilities was observed at the second stress overshoot, suggesting an intriguing
translation from the nanoscale deformation to the macroscopic strain field. Another interesting
feature is that the 07*%* /Ay p of different PNCs all fall onto the same master curve against the
Wi, (inset of Fig. 2.8b) where Ay p is the surface area of NPs per unit volume of PNCs,
indicating the surface characteristics of the second stress overshoot. Since the surface friction
between NPs has to emerge at the yielding of the NP network, the master curve *** /Ayp
offers additional support of the above-proposed NP network yielding at the second stress
overshoot. Therefore, the deformation-induced percolation of the NPs initiates the onset of the
strain hardening and the yielding of the NP network leads to the second stress overshoot.

2.4 Conclusions

We have reported an unusual non-monotonic rate dependence on the strain hardening of
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PNCs. Scaling analyses suggest that the strain hardening at Wi, > 1.0 is mainly attributed to the
orientation and stretching of the bulk polymer chain, and that at Wi, <« 1.0 is ascribed to the
deformation-induced NP network formation. The unexpected strain hardening in the flow regime
highlight the importance of the nanoparticle rearrangement to the mechanical reinforcement in

the polymer nanocomposites.
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CHAPTER 3 ROLES OF MICROSTRUCTURE REARRANGEMENT TO THE
MECHANICAL REINFORCEMENT OF POLYMER NANOCOMPOSITES UNDER
LARGE DEFORMATION

3.1. Introduction

The previous chapter shows the deformation-induced nanoparticle network formation in
the flow regime (where Wi « 1) and its elastic yield can contribute significantly to the mechanical
reinforcement in the PNCs. This chapter extends the focus to investigate the influence of
nanoparticle rearrangement on the mechanical reinforcement at high Wi > 1. The nanoparticle
microstructures are probed by small-angle x-ray scattering at different stages of deformation under
different strain rates. The average NP-NP distances in the stretching and transverse-to-stretching
directions are obtained to compare with the nonlinear rheological results.
3.2 Materials and Methods

The materials and characterization methods of this chapter are the same as that of Chapter
2. This chapter added more small-angle x-ray scattering (SAXS) experiments on the pre-stretched
PNCs at different elongation ratios and rates. A summary is presented here, and the details can be
referred to in Chapter 2. Four nanocomposites were prepared and studied. Monodisperse poly (2-
vinyl pyridine) with 100 kg/mol and two batches of synthesized silica particles were used with
nanoparticle radii of 12.0 nm and 9.3 nm, respectively. Linear rheology and nonlinear rheology
were conducted in an Anton Paar MCR 302 rheometer to quantify the mechanical reinforcement
in the PNCs. SAXS was used to quantify the nanoparticle microstructures under different
deformation conditions. Table 3.1 summarizes the important physical parameters of the four
isotropic PNC samples: average radius of nanoparticles Ry p determined by SAXS and confirmed

by transmission electron microscope, the volume fraction of NPs ¢pp determined from the
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thermogravimetric analyzer, and center-to-center distance of nanoparticles d.. determined by

SAXS.

Table 3.1 Material properties and inter-particle-to particle distances
Sample Name | Rne (nmM) | @yp | dce (NM)
P2VPR12-4v%| 12.0 |4.0%| 36.2
P2VPR12-5v%| 12.0 |5.0%| 35.2
P2VPR12-7v%| 12.0 |7.0%| 33.9
P2VPR9-8v% 9.3 [8.0%| 27.2

3.3 Results and Discussion

3.3.1 Linear Rheology and Small-angle X-ray Scattering (SAXS)
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Figure 3.1 (a) Master curves of pure polymer (lines) and PNCs (symbols) constructed from time-
temperature superposition principle (TTSP). Inset: Horizontal shift factors for constructing master
curves. (b) Loss factor tan(6) = G''/G' for the same samples in (a). Inset: Plateau modulus of
PNC GFN¢ normalized by that of pure polymer G}f"”y e (squares) plotted against the estimation

from Einstein-Smallwood relation GEN¢/GPo™™e"

fraction of NPs.

= 1.0 + 2.5¢yp where @pp is the volume

Master curves of pure P2VP and polymer nanocomposites (PNCs) are presented in Fig.
3.1a. Only horizontal shifting is required to construct master curves, and the shift factors are almost
identical across all samples (inset of Fig. 3.1a). No significant difference has been observed
between the PNC and the neat polymer in the transition and rubbery plateau regimes. The

reinforcement in the rubbery plateau regime is comparable to reinforcement from the
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hydrodynamic effect predicted by the Einstein-Smallwood relation shown in the inset of Fig. 3.1b.
Additionally, the loss factors presented in Fig. 3.1b are similar across these two regimes for all
samples. These rheological results suggest the absence of nanoparticle agglomeration. The SAXS
and TEM measurements in our previous work on the same set of PNCs confirm the good dispersion
of nanoparticles °2. More significant reinforcement in the linear viscoelastic spectra occurs at the
low-frequency regimes where G” and G show upturns for all the PNCs. The extent of the upturn
increases as the nanoparticle volume fraction ¢ p increases. As the NP loading increases, a low-
frequency plateau emerges for P2VPR9-8v%, possibly due to the contributions from adsorbed and
bridged chains as the NPs are well-dispersed. In the terminal regime of the neat polymer, the
terminal relaxation time of the neat polymer is estimated to be 10 s at 413 K from the crossover
between G’ and G™’.

Uniaxial extension results on both neat polymer and PNCs are presented in Fig. 3.2. In our
previous work®, we observed and thoroughly discussed the double stress maximums for PNCs at
Weissenberg number W; « 1. For instance, both P2VPR12-5% and P2VPR12-7% demonstrate
the double peaks at ¢ = 0.006 s~ in Fig. 2b and 2c. However, due to the larger scale to include
the W; > 1 cases, the double peaks are not visible in Fig. 3.2 for W; < 1. When the W; increases,
only one stress peak is observed for the PNC, similar to the neat polymer. However, significant
difference can be seen in the stress magnitude and the stress peak positions. Additionally, stress
magnitude and the peak positions of both PNC and neat polymer clearly show a deformation rates

dependence.
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Figure 3.2 Engineering stress o4, versus elongation ratio A of (a) P2VPR12-4%, (b) P2VPR12-
5%, (c) P2VPR12-7%, (d) P2VPR9-8% at different extension rates & (in s~1). The neat polymer

data at the same rates serves as a comparison in grey lines in all plots. The stress magnitude of
both P2VP and PNC increases with increasing deformation rates.
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Figure 3.3 2-D SAXS patterns for P2VPR12-7% at various deformation conditions. The upper-
left image is the pattern for the isotropic PNC. The 4x4 array of images are the patterns for the
PNC under four different elongation rate & = 0.003,0.06,0.6, and 3 s~ ! and at different
elongation ratios A = 1.5,3.0, and 5.0. The images in the same row have the same A and the
images in the same column have identical €. The left-down image is at deformation condition of
é§=06s"tand 1 =11.

In addition to confirm the nanoparticle dispersion, previous SAXS results on the isotropic
samples determine the average nanoparticle surface-to-surface distance d;ps to be 12.2,11.2,9.9,
and 8.6 nm for P2VPR12-4%, P2VPR12-5%, P2VPR12-7% and P2VPR9-8%, respectively.
SAXS experiments were also performed on pre-stretched PNCs with different deformation rates &
at different elongation ratios, to probe the evolution of NP dispersion. In Fig. 3.3, the 2-D SAXS
patterns of the isotropic and pre-stretched P2VPR12-7% are presented. The pattern of the isotropic
PNC shows a series of symmetrical diffraction rings. Upon stretching, the scattering intensity
maximum diminishes in the transverse-to-stretching (x) direction and concentrates on the
stretching (z) direction. This is consistent with the literature observation, which is often referred

to as the two-sided pattern. With a further increase in strain or strain rate, the two-sided pattern

evolves to a butterfly pattern. The change in 2-D SAXS patterns with the increasing strain and
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strain rate clearly suggests the evolution in the NP dispersion states.
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Figure 3.4. 1-D SAXS intensity curves in x and z directions at different stages of deformation for
(a) extensional rate ¢ = 0.06s71, (b) € = 0.6s71, (c) ¢ = 35~ of P2VPR12-7%. (d) A summary
of the average center-to-center nanoparticle distance in stretching direction (dZ.) and transverse to
stretching direction (dZ,) at different deformation stages at different €. The dash lines with a slope
of 1 and 2 are the affine deformation predictions for dZ. and d,., respectively.

3.3.2 One-dimensional SAXS Pattern Analysis

To quantitatively understand the 2-D anisotropic patterns in Fig. 3.4, 1-D analysis is

performed on a series of stretched P2VPR12-7% samples. In Figs. 3.4a-c, the NP dispersion

information (structure factor S(Q)) is extracted from the 2-D SAXS in both stretching (z) and

transverse-to-stretching (x) directions. The details of the calculation and analysis methods are
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presented in our previous work®. On the S(Q) curve, a characteristic peak at Q = Q* can be
identified in the low-Q regime, which is associated with the average center-to-center interparticle
distance d.. by d.. = 2m/Q*. Fig. 3.4a shows the evolution of the structure factor S(Q) in both
x and z directions with deformation under an extension rate ¢ = 0.06s~1. In the x direction, as 1
increases, the Q* first increases up to A = 2 and then decreases. NP dispersion can thus be
extracted from the change of the characteristic peak: the d.. in x direction d}, decreases upon
stretching and then increases after A approaches 2. As A increases to larger than 2, the
characteristic peak broadens significantly, but the broadening becomes less dramatic when 1 > 2.
The same behaviors are also observed in Figs. 3.4b-c at ¢ = 0.6s™! and 3s~2. Particularly, the
broadening of the characteristic peak at 2 > 2 is more significant for ¢ = 3s~! and the Q*
decreases more significantly with increasing strain than those at smaller &.

On the other hand, the evolution of the characteristic peaks in z direction is very similar
for all three deformation rates in Figs. 3.4a-c. For A > 2, the characteristic peaks are very broad
and almost identical across different strain and strain rates. While the broad peak is also seen in
the case of 1 < 2, a more significant peak is observed at a smaller Q. This major peak shifts to
lower Q and becomes less significant as A increases.

Fig. 3.4d summarizes the d.. changes across different deformation rates and elongation
ratios for P2VPR12-7%. Because the peak positions are difficult to obtain for peaks with
significant broadening, the dZ. values for A > 2 are not shown in this plot. Starting from the lowest
rate ¢ = 0.003s71, the evolution of d¥ and dZ. with strain follows the affine deformation
prediction up to A = 2. Further deformation only slightly changes the d. values and the S(Q) in
z-direction stays almost identical. This suggests the NP motion follows the affine deformation in

both x- and z- directions until the NP collisions in the x -direction (d}, = 2Ryp). A percolating
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network of NPs is induced upon deformation, and thus the NP dispersion is unchanged from SAXS
results®.

The increase of deformation rate does not change the affine deformation of the NPs before
the collision of NPs at A = 2. The NPs follow the affine deformation lines at all rates. While the
d¥, of ¢ = 0.003 s~ stays constant for 2 > 2.0, the d¥, shows an increasing trend with strain for
& = 0.06s~L. Such an increase in the d%, is more significant as the rate increases to 0.6 s~1. When
the ¢ further increases to 3 s~1, the d*. shows a significant increase at a small strain (A = 3). The
deviation of the d¥, from the NP collision line suggests the breakdown of the NP network. The
fact that the larger strain rate shows a deviation at a smaller strain suggest that the NP network
breakdown can be accelerated by the deformation rate. On the other hand, deformation can also
induce the NP network breakdown. For a single deformation rate, the deviation from the d.
occurs as the deformation increases. Thus, the increase in either strain or strain rate can foster the
NP network breakdown. Note that the induced NP network is held by the frictional forces between
the adsorbed chains on the NPs. As the deformation or deformation rate increases, the polymer
matrix forces increase. When the matrix force is greater than the frictional forces holding the NP
network, the network can be deformed and broken down.

3.3.3 Two-dimensional SAXS Pattern Analysis

The 1-D SAXS analysis is also supported by the 2-D SAXS patterns presented in Fig. 3.3.
At A = 1.5 for all strain rates, the scattering maximum diminishes in the x-direction suggests the
NPs come close in the x-direction and separate in z-direction®. Additionally, the 2-D SAXS
patterns at A=1.5 show similar crescent-shaped scattering pattern at all rates. Both observations
are consistent with the 1-D analysis that the NPs follow affine deformation at all rates before the

NP collision in the x-direction near A = 2. As A increases to 3, the two-sided pattern still retains
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at for ¢ = 0.003s~1, but the scattering intensity maximum regions expand to lower Q range. As
the strain rate increases, the two-sided patterns to four-point patterns at A = 3. According to Rharbi
et al., the butterfly pattern originate from the shear yielding of the NPs*°. Combined with the
previous 1-D SAXS analysis, the change from the two-sided to four-point pattern marks the
breakdown of the NP network.

Upon further deformation at A = 5, while the ¢ = 0.003s~?! patterns do not change, the
intensity maximum of ¢ = 0.06s~? the pattern starts to separate into two maximums, which is
more significant in ¢ = 0.6s71. In the case of ¢ = 3s™1, because the NP shear yielding was
achieved at A = 3, further deformation shows a tendency to go back to the two-sided pattern. A
similar pattern is seen for a smaller strain rate ¢ = 0.6s~1 at a higher 2 = 11 in the left-down
image of Fig. 3.3. The dZ. values in the 1-D analysis are also similar across these two conditions.
In summary, both increment in strain and strain rate can leads to the matrix stress buildup, leading
to the rearrangement of the NPs. First, an NP network can be induced upon a small strain until the
collision of the NPs. Further increase in the deformation and deformation rate can potentially break
the network structure, where competition between the NP network modulus and the matrix
modulus occurs.

3.3.4 The Correlation between Nanoparticle Microstructure Rearrangement and the
Mechanical Reinforcement in PNCs
To quantify the mechanical reinforcement of PNC, we propose the stress ratio analysis of

the uniaxial extension between PNC and pure polymer. The engineering stress of PNC ag’g"LC IS
normalized by that of the pure polymer o7';** across the same strain and at the same Hencky rate

£. Fig. 3.5 shows the engineering stress ratios at different Hencky rates & versus the elongation

ratio A for P2VPR12-5% and P2VPR12-7%. At strain rate of 0.003 s~1, the stress ratio increases
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with the deformation extent. As the rate increases, the stress ratio magnitude decreases. A clear
change in the strain-dependence happens at high rates: the stress magnitude stays relatively

constant until an overshoot occurs at a larger strain.
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Figure 3.5. Engineering stress ratio between (a) P2VPR12-5% and (b) P2VPR12-7% and neat
polymer to quantify the mechanical reinforcement under uniaxial extension. The stress ratio
changes with both strain and strain rate.

Fig. 3.5 demonstrates the nonlinear rheology of the PNC is heavily dependent on both
strain and strain rate. However, the SAXS analysis in Fig. 3.4d clearly demonstrates the
nanoparticle positions are barely changed for a large strain window. The sharp contrast points the
nanoparticle microstructure arrangement is not the leading order reinforcement mechanism in the
PNCs at high Wi.

3.3.5 The Entanglement Network of the Matrix Polymer

In neat polymers, the engineering stress overshoot has been associated with the
disentanglement process®*®. For a PNC stretched under the same condition as the neat polymer,
a stress overshoot can also be found near the strain where the stress overshoot for the polymer

occurs. However, an additional stress overshoot is found for the PNCs under uniaxial extension at

a larger strain than the first stress overshoot. It has been proved that the first stress overshoot is
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associated with the polymer disentanglement and the second one at a larger train is related to the

yield of the nanoparticle network. To better differentiate these two peaks in the following

polymer and /-{polymer

discussion, we name the stress and strain of the first stress overshoot as o

max max
and name those of the 2" stress overshoot as o;X%,. and ANP .
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Figure 3.6 (a) The strain at the engineering stress overshoots for all samples at different rates,
where the 2222 js associated with the polymer disentanglement and AVZ._ is related to the

max max
yield of the nanoparticle network. (b) The engineering stress overshoot associated with the

polymer oP°™€" is plotted across different strain rates. A factor is multiplied to each sample to

max
normalize their a°2™¢" to those of the P2VPR9-8%. A good match has been found at the high-

rate regime.

polymer polymer
Omax and Amax

To further support that the of the PNCs come from the polymer, we
shall first discuss the effect of NP on the entanglement network. In the current system, the radius
of gyration of polymers is slightly smaller than the nanoparticle radius, and thus such additional
entanglement cannot be easily formed. Our SAOS data also shows the plateau modulus is
consistent with the Guth-Gold prediction. If additional entanglement is present, the entanglement
length will decrease, leading to an increase in the plateau modulus and shifting of w, to larger

frequency, where w, is the crossover of G’ and G” between the transition and the rubbery plateau.

However, this phenomenon is not observed in Fig. 3.1b.
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Fig. 3.6a shows the 222" and ANP  at different loadings. For & < 0.01, A222™eT of

PNC fall on to the envelope of the neat polymer. Between 0.1 > &€ > 0.01, the position of the

APCYMET s influenced by the A¥P . and is thus above the neat polymer envelope. At higher rates

max
§>0.1s71, the 2222 sits below the neat polymer envelope. At the same rate, 4222
decreases as the NP loading increases. The increased elasticity in PNC introduces more effective
deformation of the entanglement network, resulting the disentanglement happen earlier in the
PNCs than in the pure polymers. In Fig. 3.6b, similar scaling between PNC and neat polymer has
been observed, suggesting no significant effect on the entanglement network.
3.4 Conclusions

The quantitative analysis of the small-angle x-ray scattering (SAXS) results of pre-
deformed PNCs demonstrates the evolution of the nanoparticle rearrangement. NPs can separate
along the stretching direction and come close in the transverse to the stretching direction to form
a transient percolating network. The NP network resists matrix deformation to provide mechanical
reinforcement, but it can be destroyed by either increased deformation or deformation rate. The
nonlinear reinforcement can be categorized into two regimes. In Wi <« 1 regime, the
reinforcement is due to the deformation-induced NP agglomeration. In higher Wi regime, the NP
microstructure change is uncorrelated with the mechanical reinforcement in the PNCs. Overall,

the polymer entanglement network is not affected by the presence of NPs in both linear and

nonlinear regimes, although the disentanglement process can be accelerated by the high strain rate.
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CHAPTER 4 MOLECULAR ORIGIN OF MECHANICAL REINFORCEMENT IN
POLYMER NANOCOMPOSITES

The content of this chapter on the poly (methyl methacrylate) (PMMA)/SiO- is modified
from a published work (Phys. Rev. Lett. 126, 117801). The authors for this part of the work are
Ruikun Sun, Matthew Melton, Niloofar Safaie, Robert C. Ferrier, Jr., Shiwang Cheng, Yun Liu,
Xiaobing Zuo, and Yangyang Wang.

The other part of this chapter on polystyrene (PS)/SiO2 is modified from work submitted
to Macromolecules. The authors for this part are Ruikun Sun, Jie Yang, Matthew Melton,
Niloofar Safaie, Robert C. Ferrier, Jr., Shiwang Cheng, Yun Liu, Xiaobing Zuo, and Yangyang
Wang.

4.1 Introduction

In the investigation of the mechanical reinforcement in polymer nanocomposites (PNCs),
the polymer deformation is also an indispensable part, in addition to the nanoparticle
microstructure rearrangement discussed in Chapters 2 and 3. While the traditional rheological
investigation can only provide a mechanical response of the overall sample, SAXS can provide
information on nanoparticles motions. To decouple the polymer deformation contribution from
the overall mechanical reinforcement in the polymer nanocomposites, this chapter utilizes the
small-angle neutron scattering (SANS) to probe the polymer deformation. More specifically,
how polymer deformation is affected by the presence of the nanoparticles and contributes to the
mechanical reinforcement in PNCs. Recently, the spherical harmonic expansion (SHE) was used
to analyze the 2D SANS spectra on neat polymers to unambiguously quantify the polymer
anisotropy under deformation. By tuning the compositions of the deuterated and hydrogenous

polymers, the zero average contrast (ZAC) point was reached where the scattering length density
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(SLD) of the polymer phase is matched with that of the nanoparticle phase. At the ZAC
condition, the single-chain structure factor S(Q) can be extracted from the SANS spectra without
the interference from the scattering of the nanoparticles. The S(Q) was then analyzed by SHE
analysis to obtain the s term which is the leading order anisotropy term in the expansion. The
first part of this work investigates the polymer anisotropy change under uniaxial extension and
stress relaxation in a PMMA/SiO system with well-dispersed spherical silica nanoparticles. The
second part of the chapter extends to the PS/SiOz system with aggregated spherical silica
nanoparticles to investigate the polymer anisotropy evolution under stress relaxation processes.
4.2 Materials and Methods

Materials: Hydrogenous poly (methyl methacrylate) (H&-PMMA) with weight average
molecular weight (Mw) of 194 kg/mol and polydispersity index, PDI = 1.08, and protonated
polystyrene (H8-PS) were purchased from Scientific Polymer Products. Deuterated PMMA (D?-
PMMA) and polystyrene (D2-PS) were purchased from Polymer Source, Inc. All polymers were
used as received. Table 4.1 summarizes the weight average molecular weight (Mw),
polydispersity index (PDI), and degree of deuteration of deuterated polymers.

Table 4.1 Characteristics of polymers used in the study

Polymer Name | Mw (kg/mol) | PDI | Degree of Deuteration
HE-PMMA 194 1.08 0%
DS-PMMA 217 1.27 91%

H8-PS 310 1.05 0%
D8-PS 304 1.08 97%

Characterizations of polymers: The molecular weights of the polymers were
characterized by size exclusion chromatography (SEC, Malvern OMNISEC) at 35 <C with triple
detectors (light scattering, viscometer, and refractive index). The degree of the deuteration of the
D8-PMMA and D8-PS was determined by a 500 MHz Varian *H-NMR spectrometer at room
temperature. Specifically, 0.01 mmol/mL solution of PhsCH (internal standard) in CDCl3z was
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first prepared. Subsequently, about 50 mg of the deuterated polymer was dissolved in 0.15 mL of
the internal standard solution and further diluted to 3 mL by CDCls. From the relative area of the
CH peak of PhzCH and the CH peak of deuterated polymer, the total amount of hydrogen present
in the deuterated polymer can be quantified.

Preparation of nanocomposites: Silica nanoparticles/methyl ether ketone (MEK)
suspensions with particle radius Ryp = 8 + 2 nm were obtained from Nissan Chemical America
Corporation (MEK-AC-2014Z). The SiO2 nanoparticles were first precipitated in hexane and
then re-disperse into n,n-dimethylformamide (DMF, ACS grade) and tetrahydrofuran (THF,
ACS grade), respectively, at a concentration of 0.15 g/mL. A parent polymer solution
(PMMA/DMF or PS/THF) of 0.005 g/mL was prepared with the addition of Irganox® 1010
antioxidant (0.01 wt% with respect to the mass of the polymer). The parent solution was then
passed through a poly(tetrafluoroethylene) (PTFE) filter with a pore size of 20 pm to remove
impurities and dusts. Different amounts of SiO» suspension were added into the parent polymer
solution in a glass flask under constant mixing. SiO2/DMF was combined with the PMMA/DMF
and SiO2/THF was added to PS/THF. The polymer nanocomposite/solvent mixtures were dried
in a Rotavap. The PNCs were further dried at 413 K under vacuum (1072 torr) for 48 hours
before further characterization.

In order to only observe only the polymer scattering, the nanoparticle scattering length
density has to be matched by the polymer mixture. The molar ratio of hydrogen to deuterium was
varied to prepare different polymer nanocomposites to find the zero-contrast matching point
between the nanoparticles and the polymers. At the zero-contrast matching point, the molar ratio
of hydrogen to deuterium of 0.59:0.41 was determined for the PMMA mixture, and that of

0.57:0.43 was used for the PS mixture. With this specific ratio, PMMA/SiO was prepared with a
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nanoparticle volume fraction ¢, of 8%, and three PS/SiO2 PNCs were prepared with ¢y p of
8.7%, 18%, and 24%, respectively.

Transmission electron microscope (TEM): The dispersion state of the silica
nanoparticle in the PNC sample was determined in a JEOL 100CX transmission electron
microscope with accelerating voltage and beam current of 120 kV and 100 mA, respectively. The
PNC was microtomed to slices of thin films of 100-150 nm thickness with a glass knife on RMC
Boeckeler PowerTome XL at room temperature.

Rheology: Small amplitude oscillatory shear (SAOS) measurements were conducted on
an Anton Paar MCR302 rheometer with a pair of parallel plates of 8 mm in diameter. The PNC
disks with 8 mm in diameter and 1 mm in thickness were hot-press molded at 453 K on a hydraulic
press (Carver, Inc). The applied strain amplitude varied from 0.1% to 1%, depending on the testing
temperature. The testing temperature varied from 383 K to 453 K at an interval of 10 K. At each
temperature, dynamic mechanical properties of PNCs at angular frequencies of 102 — 10~ 2 rad /s
were collected. Linear viscoelastic master curves of PNCs were constructed through the time-
temperature superposition principle.

For the nonlinear rheological measurements of pristine PMMA and PMMA/SIOx,
samples were molded into rectangular sheets in a Carver press at 453 K and subsequently cut
into rectangular stripes of dimensions 25 mm>12 mm>0.33 mm (length <width xthickness).
Uniaxial extension experiments were carried out on an RSA-I111 solid analyzer (TA instruments)
at 423 K with a constant Hencky strain rate of ¢ = 0.01 s~ 1. To track the molecular deformation
during stretching, the experiment was stopped at different elongation ratios of A = 1.2, 1.5, 1.8,
and 2.1 followed by a fast quench to below the glass transition temperature of the PMMA. To

monitor the time evolution of the structural anisotropy, stress relaxation was performed at 1 =
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1.8 with different elapsed times of t = 07, 0.017, 0.037, 0.17, 0.37, and 17 (t is the terminal
relaxation time of the pristine PMMA), followed by the same quenching procedure to preserve
the molecular anisotropy. The glassy pristine PMMA and PMMA/SiO2 nanocomposites were
investigated by SANS.

Stress relaxation of the neat PS and PS/SiO; at an elongation ratio A = 1.8 (Hencky strain
of € = 0.6) was carried out on RSA-Ill at T = 393 K. The initial sample size before stretching is
25 mm x 12mm x 0.80 mm (Length x width x thickness). A constant Hencky strain rate of &€ =
0.01 s~ was applied in the stretching. The stress relaxation was then manually terminated through
fast quenching below their glass temperature at different stages of t = 0 7, 0.01 7, 0.03 7, 0.1 T,
0.3 7, and 1.0 7 to preserve the molecular anisotropy. The structural anisotropy of the glassy PS
and PS/SiO, nanocomposites were then investigated by both SAXS and SANS.

Small-angle x-ray scattering (SAXS): SAXS measurements were conducted at the 12-
ID-B beamline of the Advanced Photon Source at Argonne National Laboratory. The wavelength
of the x-ray is A, = 0.9347 A with an incident energy of 13.3 keV. In all measurements, the

sample to detector distance was 2 m and a two-dimensional (2D) Pilatus 2M detector was used.

4msin (6/2)

7 , was calibrated with silver behenate with 8 the

The scattering wave vector, |Q| =

scattering angle. The absolute scattering intensity, 1(Q), of the x-ray was calibrated by glassy
carbon. The scattering of neat polymer was collected serving as the background scattering for
detailed analysis.

Small-angle neutron scattering (SANS): SANS measurements were performed on the
NGB30 SANS beamline at the Center for Neutron Research (NCNR) at NIST. The wavelength of

the incident neutron was A,, = 6 A. The sample to detector distances were 13 m, 4 m, and 1 m,

47sin (6/2)

covering the |Q| = of 0.004 —0.3A'. The measured scattering intensity was
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corrected for detector background and sensitivity. Direct beam measurements were performed for
the determination of the absolute intensity.

4.3 Results and Discussion

4.3.1 Poly (methyl methacrylate)/SiO2 with Well-dispersed Nanoparticles

4.3.1.1 Zero Contrast Matching
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Figure 4.1 Normalized scattering intensity 1(Q)/®po1y ®u9p Of mixtures of H8-PMMA and D8-
PMMA at different H/D ratios. Here, ¢,,,,, = 1 — @yp is the volume fraction of the polymer,

and ¢y and ¢ are the volume fractions of the hydrogenous and deuterated PMMAS,
respectively.
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Figure 4.2 Comparison of the normalized intensities of PMMA/SiO2 and pristine PMMA with
H/D = 0.59:0.41.
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We apply the zero average contrast (ZAC) method® to characterize the molecular
deformation of the polymer matrix on different length scales by SANS, which is a key for
clarifying the microscopic consequences of hydrodynamic reinforcement. A set of PMMA/SIO;
samples was prepared with a fixed particle volume fraction ¢, p= 8% and different volume
fractions of D8-PMMA in the polymer matrix for identification of the zero average contrast
(ZAC) condition. Fig. 4.1 shows the normalized scattering intensity for this set of PNCs with
different H/D ratios. In Fig. 4.2, the scattering intensities of pristine PMMA (H8-PMMA/D8-
PMMA blend with H/D = 0.59:0.41) and corresponding PNC (¢yp = 8%) overlap nicely. The
ZAC point is thus confirmed at H/D = 0.59:0.41 which agrees with the theoretical calculation as
well as the previous literature report®.
4.3.1.2 Rheology and Small-angle X-ray Scattering

The H¥/D8-PMMA mixture with 8 vol% 8-nmradius silica nanoparticles was prepared
and used in this study. The leveling off of the scattering intensity at low Q (Q < 0.006 A™1) in
the small-angle x-ray scattering (SAXS) spectrum and transmission electron microscopy (TEM)
image in Fig. 4.3a indicate an absence of an extensive nanoparticle network in the PNC. This
conclusion is further supported by the linear viscoelastic spectra of the pristine PMMA and
PMMA/SiO2 in Fig. 4.3b, where the two samples exhibit almost identical loss factors, tan § =
G”/G’, in the entire rubbery plateau region (Fig. 4.3b inset). On the other hand, the presence of
NPs in PMMA/SIO: leads to a threefold increase of plateau modulus, compared to the pristine
PMMA. These rheological and structural properties clearly show that the mechanical
reinforcement in PMMAV/SiO: is dominated by the hydrodynamic effect, rather than a network
due to percolation of nanoparticles. This makes PMMA/SIO; an ideal candidate for SANS

investigations of the influence of NPs on the molecular deformation of the matrix polymer.
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Figure 4.3 (a) Small-angle x-ray scattering spectrum of PMMAV/SiOx. Inset: TEM image of the
same sample. (b) Linear viscoelastic spectra of PMMA and PMMA/SIO; at 423 K. These master
curves are constructed using the time-temperature superposition principle’. Here, w is the
angular frequency and a is the shift factor. Stars: PMMA. Circles: PMMA/SIO:. Inset: loss
factor tand(w) = G¢"'(w)/G'(w).
4.3.1.3 Polymer Anisotropy under Uniaxial Extension

Fig. 4.4 presents the stress-strain curves of PMMA and PMMA-SiOz, along with the 2D
SANS spectraat A = 1.2,1.5,1.8, and 2.1. While the presence of NPs significantly enhances
the mechanical stress (green circles), there is no appreciable difference between the SANS
spectra of the two samples. We employ the spherical harmonic expansion analysis to further
quantify the structural anisotropy from the 2D SANS spectra®. This technique decomposes the

SANS spectra into contributions from different symmetries and allows a clear separation of

isotropic and anisotropic spectral components.
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Figure 4.4 Stress-strain curves of PMMA and PMMA-SIO?2 at a constant Hencky strain rate of
§ = 0.01 s71 at T=423 K, along with the SANS spectra taken at stretching ratios of 1.2, 1.5, 1.8,
and 2.1. We point out that the stress enhancement at large strains, ca. 23%, is consistent with the
hydrodynamic effect of nanoparticles from the Pad€approximation.

Under the ideal ZAC condition, the coherent scattering intensity I.,,(Q) of PMMA/SiO:
should be proportional to the single-chain structure factor S(Q) of PMMA®": 1(Q) = I.,,(Q) =
PpolyPuPpNseg(bp — by)*NS(Q), Where @,y is the polymer volume fraction, ¢, and ¢, are,
respectively, the volume fractions of hydrogenous and deuterated chain segments, ng, is the
polymer segment number density, b, and by are, respectively, the coherent scattering lengths of
the deuterated and hydrogenous chain segments, N is the degree of polymerization (number of
segments per chain). For uniaxial extension, S(@Q) can be expressed as a linear combination of
even degree spherical harmonic functions Y, (6, ¢), with Q-dependent expansion coefficients

S2Q), S(Q) = X1even SL(Q)Y2(8, @), with 0 being the polar angle and ¢ the azimuthal angle.

Experimentally, the coefficients S (Q) can be obtained from weighted angular integrals of the

SANS spectra, SP(Q) = %fon I.,(Q,0)Y(8)sinfdb/ grr(l) I;s0(Q). Here, I.,(Q, 0) is the
intensity measured on the two-dimensional (2D) detector plane (xz plane) and gn’(l) l;i50(Q) is the
zero-angle scattering of the isotropic sample. The previous analysis by Lam et al.®® demonstrates
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that the tensile stress (o,, — g,,) of Gaussian chains is determined by the twopoint spatial

correlations associated with only the spherical harmonic function Y, (8, ¢): (0,;, — 0yy) =
2vB2kyT [% ) 000 4mr?y2(r)r2dr], where v is the number density of “load-bearing strands,”
f? = 3/2sb?, with s being the number of beads in the strand and b the bead size, and y2 (1) =
ﬁflp(r)Yzo(e, @)dOde is the leading anisotropic expansion coefficient of the strand

configuration distribution function ¥ (7). While a direct connection between S2(Q) and stress is
yet to be established, in the small-strain limit, it can be shown with the affine deformation model
that the molecular strain is approximately proportional to the peak amplitude of the S2(Q). In
other words, the structural anisotropy determined from the ZAC SANS experiments should

reflect the contribution of the polymer matrix to the total stress.
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Figure 4.5 Spherical harmonic expansion coefficients. Here, SJ(Q) and S2(Q) are, respectively,
the isotropic and leading anisotropic expansion coefficients of the structure factor S(Q).
Symbols: PMMA/SIOz. Lines: PMMA.
Fig. 4.5 shows the spherical harmonic expansion analysis of the PNC (symbols) and the
pristine polymer (lines). On the one hand, the leading anisotropic terms S9(Q; A) of both the

pristine polymer and the PNC increase with the stretching ratio A in the Q range of

0.008-0.065 A~1. On the other hand, the isotropic coefficients SQ(Q; A) of the pristine polymer
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and the PNC (inset of Fig. 4.5) exhibit no discernible difference across all Qs. This observation
underscores the advantage of the spherical harmonic expansion technique over the traditional
analysis of scattering intensities in parallel and perpendicular directions, where the contributions
from isotropic and anisotropic coefficients are not isolated. Note that the previous SANS
experiment® relied heavily on model assumptions to characterize polymer microscopic
deformation, producing large uncertainties especially under imperfect ZAC condition. From this
perspective, the separation of isotropic and anisotropic spectral components by the SHE analysis
permits a quantitative examination of the molecular overstraining idea. Remarkably, the S2(Q; 1)
of the PMMAV/SIO: is almost identical to that of the pristine PMMA across the whole Q range at
A = 1.2 and 1.5. Moreover, at larger deformation of 2 = 1.8 and 2.1, the magnitude of S2(Q; 1)
of the PNC appears to be slightly smaller than the pristine polymer, implying the presence of
NPs reduces the average deformation of the polymer matrix rather than amplifying it. By
contrast, the stress in PMMAV/SIO- is approximately 100% (at A — 1.2) to 23% (at A = 2.1)
higher than that in the PMMA. In other words, a nawe application of the strain amplification
concept should predict significantly higher structural anisotropy, which we clearly do not
observe in the SANS experiments.

The lack of increased structural anisotropy from the SANS measurements and the
significant mechanical enhancement in both the linear and nonlinear rheological
regimes beg an explanation: where does the extra stress come from? It was previously suggested
that direct filler-filler interactions are the main cause for such a phenomenon?® “¢. To critically
test this hypothesis, we proceeded to perform stress relaxation experiments. Because of the slow
nature of particle Brownian motions®, PNCs with an extended particle network should exhibit a

two-step relaxation with a long tail in the relaxation modulus®. Nevertheless, a quantitative
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prediction is not possible at this moment, due to the lack of information on particle distribution

as well as a feasible theoretical model.
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Figure 4.6 Evolution of engineering stress g,,,, of PMMA (lines) and PMMA-SiO> (symbols)
during a step uniaxial extension performed with ¢ = 0.01 s~ at T=423 K and the subsequent

stress relaxation at A = 1.8. The time t is normalized by the terminal relaxation time t of the
pristine PMMA. Inset: engineering stress during relaxation.

Fig. 4.6 shows the evolution of engineering stress in PMMA (dashed line) and
PMMA/SiO: (red crosses) during and after a step deformation of 1 = 1.8. Because of the
presence of nanoparticles, the stress of PMMAV/SiO: is about 30% higher than that of PMMA.
However, contrary to the phenomenology of a two-step relaxation in PNCs with nanoparticle
network, there is no sharp drop of stress in PMMA/SiO> during the initial phase of relaxation
(inset of Fig. 4.6) or a slowly decaying tail in the long-time limit. In fact, as shown by the inset
of Fig. 4.6, the stress relaxation curves of PMMA and PMMA/SIO: are parallel to each other.
These features indicate an absence of noticeable stress contribution from the nanoparticle-
nanoparticle interactions in the PMMA/SiO>—a conclusion that is consistent with the SAXS and
linear viscoelastic measurements, where no signs of a nanoparticle network are found.
4.3.1.4 Polymer Anisotropy under Stress Relaxation

What about the polymer structural anisotropy during stress relaxation? We further

performed SANS measurements and analyzed the spectra at different elapsed time, t =
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07,0.017,0.037,0.17, 0.37, and 17 during the stress relaxation at A = 1.8, where t is the
terminal relaxation time of the pristine PMMA estimated from the low-frequency crossover of
the storage and loss moduli. The inset of Fig. 4.7 presents the normalized anisotropic coefficients
S2(Q; t)/S2(Q; 0) of the PNCs (symbols) and the pristine polymer (lines) during the relaxation.
Similar to the results of continuous extension, the normalized structural anisotropy of the two
samples is almost identical over a length scale from Q = 0.008 A= = 1/(125 &) ~ R;!
(inverse of radius of gyration) to Q = 0.065 A=1 = 1/(15.4 A) ~ ! (inverse of Kuhn length)
and a time scale up to ~t. Furthermore, the previous reported scaling relation for anisotropy

relaxation (based on polystyrene and coarse-grain MD simulations) holds true for both the

1
pristine PMMA and PMMAV/SIO; (Fig. 4.7)%, S2(Q; t)/S9(Q; 0) =~ exp [—(T't)z ], where the
characteristic decay rate I' < QR4 /7. Evidently, the inclusion of NPs does not affect the slow

relaxation dynamics of the deformed polymer matrix.
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Figure 4.7 PMMA and PMMA/SiO> exhibit identical scaling behavior for anisotropy relaxation.
$2(Q; 0) is the expansion coefficient immediately after the step deformation, whereas S9(Q; t) is
the coefficient during the stress relaxation. Inset: spatial dependence of the normalized expansion
coefficient S2(Q; t)/S2(Q; 0) during the relaxation.

To recap the preceding analysis, our SANS and rheological measurements

unambiguously reveal substantial mechanical reinforcement with no enhanced polymer structural
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anisotropy during both uniaxial extension and subsequent relaxation. The absence of strain
amplification in the matrix polymer is especially intriguing, given the prevailing viewpoint that
the matrix polymer should undergo larger deformation to fulfill the macroscopic deformation due

to the presence of nondeformable inorganic particles®

. Moreover, the rheological signatures of
the relaxation experiments rule out NP-NP interactions as the mechanism for reinforcement.
These observations significantly challenge the current molecular understanding of the
mechanical reinforcement of PNCs and call for a different explanation of the role of NPs in
modifying the deformation of the matrix polymer.
4.3.1.5 Hydrodynamic Effect in Polymer Nanocomposites

According to the classical hydrodynamic theory for dilute particle suspensions3: 101-104
the particle distorts the strain field surrounding the nanoparticles, and such an effect propagates
far into the bulk, over a distance of a few times of the size of the particle. More importantly, the
net disturbance of the particle to the strain of the matrix polymer is zero across the matrix. In
other words, the hydrodynamic reinforcement theory implies an enhanced mechanical response
from the resistance of particles to the straining field with zero average disturbance of the velocity
gradient or strain field in the bulk. Our experiments, on the other hand, show enhanced stress
governed by polymer matrix but no increase of polymer structural anisotropy, in excellent
agreement with this picture. Thus, the classical hydrodynamic theory, at the leading order,
explains the molecular mechanism of mechanical reinforcement in PNCs—a redistribution of the
stress and strain field over a large area surrounding the nanoparticles rather than strain
amplification of the entire matrix polymer. The particle-induced redistribution of the stress and

strain also leads to an enhancement in the mechanical properties. Nevertheless, a rigorous

calculation on the influence of nanoparticles to the stress and strain field in concentrated PNCs is
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challenging, due to the complex geometry and the multiscale coupling*®: 1% of the polymer-
nanoparticle and nanoparticle-nanoparticle interactions, such as the interplay between polymer
adsorption, interfacial entanglement, and hydrodynamic force. The detail of strain field
distribution requires further investigation.

As far as the scattering problem is concerned, a precise calculation appears to be difficult
even for this simple case. However, for a homogeneous system in the small strain limit, the
influence of an elastic deformation on the pair distribution function g(r) can be formally
described by a multipole expansion?” 1% as g(r) — g(r) = {~[(E—=1) - r] - V}g(r) +
%{—[(E — D) -r]- V}g(r) +--, where E is the deformation gradient tensor and I is the isotropic

tensor. Suppose the particle size is relatively large and we are probing the structure at relatively
high Q, it can be argued that in this limit the anisotropic pair correlation functions can be
averaged in different fluid elements. Truncating the expansion at the first order, it is
straightforward to show that the average deformed single-chain structure is indeed not affected
by the presence of particles. While our PNC system cannot be regarded as a dilute suspension of
silica particles, the results from SANS and rheological experiments suggest that the underlying
physical picture is strikingly similar. It is worth noting that the evolutions of both the mechanical
signal and structural anisotropy parallel those of the pristine polymer during stress relaxation,
which is consistent with the current interpretation. Lastly, we point out that our explanation does
not necessarily exclude potentially highly localized responses from interfacial polymers in the

vicinity of the nanoparticles? 109 110,
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4.3.2 Polystyrene/SiO2 System with Aggregated Nanoparticles

4.3.2.1 Zero Contrast Matching
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Figure 4.8 Normalized scattering intensity 1(Q)/@,01®n®p Of mixtures of H3-PS and D2-PS at
different H/D ratios. Here, ¢,,,; = 1 — @yp is the volume fraction of the polymer, and ¢, and
@p are the volume fractions of the hydrogenous and deuterated PSs, respectively.
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To identify the zero average contrast (ZAC) point, we measured the scattering of PNCs
with a fixed NP loading and varying H/D ratios in the polymer phase. Fig. 4.8 shows the SANS
measurements of isotropic PS/SiO2 nanocomposites with H/D ratios from 0.35/0.65 to 0.90/0.10
and their comparison to the neat polymer. Note that the H/D ratio from 0.35/0.65 to 0.90/0.10
covers an average SLD, p<ps = ¢ppp + dupy, from 4.48 x 10742 to 1.83 x 107°A~2, while
the pyp~3.48 x 107°A~2 according to previous publications. Thus, an ideal ZAC condition
should be identified. On the other hand, all PS/SiO, show clear upturn at ¢ < 0.01 A=, deviating
from the scattering of the neat polymer, highlighting the challenge of achieving an ideal zero
average contrast condition for PNCs. According to Pyckhout-Hintzen and co-workers!!!, the NP
phase in PNCs should be modelled with a two-component system (instead of one) if NP has fractal

structure or the PNC has a distinct surface polymer packing from the bulk. Consequently,
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simultaneous compositional matching and phase matching should be fulfilled in order to obtain
the ZAC, which is not possible through adjusting the H/D ratio of the matrix polymer. As a result,
the scattering from the NP phase cannot be fully screened as observed in PS/SiO, nanocomposites.
Experimentally, contrast matching between PS/SiO> and neat PS can only be partially achieved at

high g (g > 0.01 A1) at H/D = 0.55/0.45 and 0.57/0.43.
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Figure 4.9 Polymer fraction normalized intensities of neat polymer and PNCs by SANS
measurement

Fig. 4.9 presents I;,¢(q)/(¢,) of PS8.7, PS18, PS24, and the matrix polymer (¢, = 1.0)
with H/D ratio of 0.57/0.43 in the polymer phase. The scattering of PS8.7 overlaps nicely with the
neat matrix polymer at ¢ > 0.01 A=, implying negligible scattering contribution from the NP
phase at intermediate and high q. The strong upturn at g < 0.01 A= implies the presence of
excess scattering of the NP phase at low g, even though the average SLD of the polymer phase
matches with the SiO.. Interestingly, a shoulder peak appears at g~0.04 A=* in PS18 and PS24

but not in PS8.7. The higher the NP loading, the more pronounced the shoulder peak, implying a

NP origin of the shoulder peak.
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4.3.2.2 Small-angel X-ray Scattering, Linear Rheology and Stress Relaxation
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Figure 4.10 Master curves of neat polymer, PS8.7, PS18 and PS24 with a reference temperature
of 120 <€

Fig 4.10 presents the linear viscoelastic master curves of PNCs as well as the neat matrix
polymer at a reference temperature T = 120 °C, where G'(w) is the storage modulus and G"' (w)
is the loss modulus with w being the angular frequency and a; being the shift factor. Two
important features are worth noting: (i) PNCs exhibit a significantly higher plateau modulus,
G, (¢pnp), than the neat matrix polymer. The plateau modulus is defined by the storage modulus at
the frequency where the loss factor, tand = G''(w)/G'(w), shows a minimum. (ii) No terminal
regions are observed for PNCs. A second modulus plateau at the low-frequency region, G,,, are
well resolved for all PNCs. Thus, strong mechanical reinforcement is found in PNCs at all
frequencies. For PS/SiO2 nanocomposites in Fig. 4.10, the values of tané of all PNCs remain
almost identical with the neat matrix polymer in the intermediate frequency region, supporting the
hydrodynamic effect of NPs to the mechanical reinforcement of PNCs at the rubbery plateau region.

Both the Einstein-Smallwood and Guth-Gold equations fall short to account for the mechanical

reinforcement of PNCs at high ¢,p, implying the presence of NP clusters or NP networks that
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promote the effective loading of NPs. On the other hand, the emergence of low-frequency plateau

has often been attributed to the NP network or polymer bridge network.
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Figure 4.11 Stress relaxation curves of neat polymer, PS8.7, PS18 and PS24 at A = 1.8 for a
relaxation time of 1 7

Fig. 4.11 shows the stress-time curves of PNCs and the neat matrix polymer as well as the
subsequent stress relaxation at an elongation ratio A = 1.8 (Hencky strain ¢ = 0.6). During
deformation, all PNCs show much higher stress than the neat polymer. The higher the NP loading,
the larger the tensile stress. This is consistent with the observations from the linear viscoelastic
measurements, where G, (¢yp) increases strongly with ¢yp. Interestingly, the deformed neat
polymer can retain the stress to a much longer time than the PNCs during stress relaxation,

indicating a much faster stress relaxation of PNCs. The speedup in relaxation dynamics of
deformed PNCs can be better visualized after normalization, o,,,4 (tyeiqx)/ 0o, @ shown in the
inset of Fig. 3 with g, being the engineering stress at the onset of stress relaxation and t,..;4, the
time elapsed during stress relaxation. Another important observation in Fig. 3 is the almost
complete relaxation within 1 ¢ for all deformed PNCs, suggesting the absence of long-lived
relaxation modes of these PS/SiO2 nanocomposites. Given the emergence of the second modulus

plateau emerges at long time scale (low frequency region) of these PNCs in the linear viscoelastic
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measurements, the absence of long-lived relaxation mode implies the large deformation breaks up
of the NP network. Thus, the rheological measurements suggest the NP network contribute
negligibly to the overall stress of the PNCs under large deformation and the stress relaxation of

these deformed PNCs is dominated by polymer dynamics.
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Figure 4.12 Scattering intensities of PS8.7, PS18, and PS24 by small-angle x-ray scattering

Figure 4.12 shows the scattering intensity, I(g), from SAXS measurements of PS8.7,
PS18, and PS24. A strong upturn in the scattering at ¢ < 0.02 A~ region indicates the presence
of NP aggregates, consistent with the weak polymer-nanoparticle interactions in PS/SiO>
nanocomposites and the emergence of the low-frequency modulus plateau in the linear viscoelastic
measurements. Thus, the PS/SiO2 nanocomposites can serve as model systems to unravel the
influence of NPs to the structure and dynamics of PNCs with NP networks, which is an important
characteristic of industrial relevant PNCs.

Upon external deformation, the structural anisotropy of NP phase builds up. SAXS can
well resolve the structural anisotropy of NPs in deformed PNCs. Fig. 4.13 presents the SAXS
pattern of PNCs before and after deformation at A = 1.8 as well as the evolution of the
microstructure during stress relaxation. The scattering pattern remain almost identical during stress

relaxation from t,.;ux = 0 10 t,00 = 1 T, suggesting negligible changes in the structural
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anisotropy of NP phases. The observation of the strong stress relaxation and the negligible
structural anisotropy of the NP phases indicates the polymer deformation dominates the

macroscopic stress of PNCs.
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Figure 4.13 X-ray scattering intensities of PS8.7, PS18, and PS24 with isotropic state (iso), and
stretched at an elongation ratio of A = 1.8 followed with different time after relaxation (¢t = Or,
0.17, 17 where T is the relaxation time of the neat polymers.
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4.3.2.3 Neutron Scattering of Deformed Polymer Nanocomposites

SANS is by far one of the best techniques that enable a quantification of polymer
conformation in PNCs. In deformed PNCs, the structural anisotropy of the matrix polymer can be
obtained from analyzing the structural anisotropy of the single chain structure factor. Fig. 4.14
presents the 2D SANS patterns of deformed PSO (matrix polymer), PS8.7, PS18, and PS24 during
stress relaxation at t,..;.,, = 0 7, 0.1 7, and 1.0 7. Important features are worth noting from the 2D
SANS spectra: (i) Strong structural anisotropy builds up in all samples upon deformation. (ii) The
structural anisotropy reduces significantly with t,..;4,, consistent with the large drop of tensile
stress upon stress relaxation. (iii) For a given t,.;q, SUCh &S t,z0 = 07 and 0.1 7, all PNCs
exhibit slightly similar structural anisotropy than the neat matrix polymer, despite the much larger
macroscopic stress of the PNCs than the neat polymer. We note that a similar structural anisotropy
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between deformed PS/SiO2 nanocomposites and deformed neat matrix polymer has been observed
before. However, none of those work focus on the stress relaxation dynamics. Moreover, the
present investigation relies on SHE analysis to quantify the spatial-temporal behavior of the
structural anisotropy during stress relaxation of highly filled PNCs with NP networks that
distinguish the current study from previous SANS measurements.

4.3.2.4 The Molecular Mechanism of the High Stress of PNCs at Large Deformation

increasing NP loading
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Q: (A7

RS
Figure 4.14 The 2D SANS spectra of PS8.7, PS18, and PS24 at different stages of stress relaxation.
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Strong mechanical enhancement was observed in PNCs both in the linear response region
and at large deformation, as shown in Fig 4.10 and Fig. 4.11. Two types of contributions are
typically considered for the high mechanical strength of PNCs: the molecular overstraining and
the elastic deformation of the NP-NP network, both of which can be analyzed through the small-

angle scattering.
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Figure 4.15 —S2(q) values of PNCs of different loading at different stages of relaxation: (a)
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Fig. 4.15 shows the —SJ(q) of PSO, PS8.7, PS18, and PS24 from SANS during stress
relaxation at t,.;q =07, 0.1 7, and 1.0 T. An important observation is that PNCs exhibit
significant smaller —S2 (q) than the neat polymer at all gs. Remarkably, the —S2(Q) of PS24 is
~30% less than the neat polymer, implying a strong hindering of the polymer deformation due to

the presence of NPs. The strong reduction in the —S2(Q) values is intriguing and has not been
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observed before, especially for PNCs with high NP loadings. For instance, the tensile stresses of
PS0, PS8.7, PS18,and PS24 at A = 1.8 & t,14x = 0 T are 1.27, 2.5, and 3.3 times higher than the
neat polymer, respectively. Thus, one should anticipate a much stronger structural anisotropy from
PNCs than the neat matrix polymer. According to the classical viewpoint of the strain amplification
of PNCs, an average of at least 1+ 2.5¢yp time enhancement in polymer deformation is
anticipated. For ¢yp = 18% and 24%, the structural anisotropy should be enhanced by a factor
of X = 1.45and X = 1.6. Hence, the observations of similar or smaller molecular overstraining
in PNCs than the neat polymer clearly rule out the molecular overstraining as a major mechanism
of the mechanical reinforcement of PNCs.

The concurrence of the absence of molecular overstraining and the strong enhancement in
the macroscopic stress imposes a big puzzle on the role of NPs to the mechanical reinforcement
of PNCs. In PMMA/SiO- systems, we discussed that hydrodynamic effect of NPs plays a crucial
role for the high mechanical strength of PNCs for PNCs without NP networks. The
hydrodynamic effect of NPs should make its contribution to the mechanical enhancement of
PNCs at high loadings and might partially explain the origin of the high stress with no enhanced
polymer anisotropy. However, for PS nanocomposites with strong NP network, one also need to
quantify the stress contribution from the NP network before a clear understanding can be
achieved in terms of the hydrodynamic effect to the mechanical reinforcement of highly filled
PNCs.

To unravel the contributions of the matrix polymer and the NP network to the high
mechanical strength of PNCs, we turn to detailed analyses of the SANS and SAXS spectra of
PNCs at different stages of relaxation. Fig. 4.16 presents the normalized S2(q; t,e1ax)/ S5 (q; 0),

of PS18 and PS24 and the neat matrix polymer at t, ;4 = 0.1 T and 1.0 . Compared with the
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neat matrix polymer, the PNC exhibits a much faster reduction in S2(q; t,eiax)/ S (q; 0) at all
qs. Given the strong correlation between the structural anisotropy and the macroscopic stress of
polymers, the stronger relaxation of structural anisotropy in the PNC partial explains the faster

stress relaxation of PNCs than the matrix polymer.
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Figure 4.16 Normalized S2(q; treiax)/S2(q; 0) of neat polymer, PS18 and PS24 at (@) t,e1qx =
0.1tand (b) tyeiax =101

On the other hand, Fig. 4.13 already demonstrates that the nanoparticle microstructure
remains almost no changes during the whole stress relaxation process regardless of the loadings
of NPs, indicating almost identical contributions of NP network during the whole stress
relaxation process. Experimentally, less than 10% of the tensile stress remains at t,¢;q = 1.0 T
for all PNCs, further confirming a negligible stress contribution of the NP network at large

deformation. The SAXS analyses are consistent with the rheological analysis that concludes a

breakup of the NP network at large deformation in highly filled PNCs. It is worth emphasizing
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that the deformation of the NP network and the contributions of the NP-NP interactions have
been previous attributed to the high mechanical strength of PNCs®2. However, the stress
relaxation experiments and the SAXS analyses suggest a negligible effect of the NP network to
the high mechanical stress of the PS/SiO». Therefore, through the combination of SANS, SAXS,
and rheology, we can conclude that the NP network alters the deformation field in the matrix
polymer phase, i.e., the hydrodynamic effect of NPs, leading to the high mechanical strength of
PNCs at large deformation.
4.4 Conclusions

The microscopic origin of mechanical reinforcement in deformed polymer
nanocomposite melts is investigated through a combination of small-angle neutron scattering and
rheology. In contrast to the prevailing viewpoint of molecular overstraining, strain amplification
is not observed by SANS. Similar to the classical picture of Einstein and Smallwood for dilute
suspensions, the enhanced mechanical response originates from the resistance of particles to the
straining field, whereas the average disturbance of the deformation gradient in bulk is nearly
zero. In the PNC systems with aggregated nanoparticles, polymer anisotropy in the PNCs shows
a smaller magnitude and relaxes faster than that in the PNCs. This result further proves the
absence of molecular strain amplification. Possible causes for lower polymer anisotropy are the
presence of the occluded polymers in the nanoparticle aggregates and/or the hindered polymer
deformation in the interfacial region. The strong nonlinear deformation induced by the

hydrodynamic effect can account for the faster relaxation in the PNCs.
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CHAPTER 5 THE ROLE OF INTERFACIAL POLYMERS FOR MECHANICAL
REINFORCEMENT OF POLYMER NANOCOMPOSITES
AT LARGE DEFORMATION
5.1 Introduction
In the previous chapters, we have investigated the roles of nanoparticle (NPs)
rearrangement and polymer deformation for mechanical reinforcement of polymer
nanocomposites (PNCs) at large deformation. The contribution from the nanoparticles to the
reinforcement is negligible except in the flow regime where Wi « 1. We also recognize the
importance of the hydrodynamic effect of the nanoparticles on polymer deformation and thus
mechanical reinforcement. In this chapter, we go beyond the hydrodynamic effect to
systematically characterize the influence of NPs to the nonlinear stress-strain responses of PNCs
at large deformation. Furthermore, we evaluate the roles of interfacial and bridge polymers,
which are often regarded as important ingredients in the mechanical reinforcement of PNCs.
5.2 Materials and Methods
In this chapter, we address the salient features of stress-strain response of PNCs with

well-dispersed nanoparticles, with special focus on the contribution of bound polymers to the
mechanical enhancement of PNCs. To suppress the influence of strong NP-NP interaction while
maintaining the contributions of bound polymers, we focus on PNCs with intermediate
nanoparticle loadings. With varying polymer molecular weights (Mw) and the nanoparticle sizes,
our experimental design covers PNCs with different surface conditions from negligible amount
of bound polymer to heavily bridging. Three types of poly(2-vinyl pyridine) (P2VP, Scientific
Polymer Products, Inc., polydispersity < 1.1) with weight-average Mw of 100, 200, and 400

kg/mol and three types of silica nanoparticles of radius of Ryp = 12 nm, 9.5 nm, and 23 nm
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synthesized either by Stcher method at MSU lab or provided by Nissan Chemical America
Corporation. Details of the nanoparticle synthesis, PNCs preparation, and their characterizations
are presented in the Materials and Methods section in Chapter 2. A summary of the prepared
samples is presented in Table 5.1, where the sample name is an abbreviation and represents the
matrix polymer, polymer molecular weight, the nanoparticle loading, and the size of
nanoparticles. For instance, P2VP100k-4v%R12 represents P2VP/SiO, with polymer Mw of 100
kg/mol, Ryp of 12 nm, and nanoparticle loading of 4 vol%.

Table 5.1 Polymer and nanoparticle information of PNC samples

Sample Name (kgA//Irvﬁol) Pnep (r?rfw) Z:\Irvrf) ?SCZ(?(“S? d(%)SA%)]) dips/Rq
P2VP100k-4v%D24 | 100 | 4% | 870 | 12 | 362 | 122 1.40
P2VP100k-7v%D24 | 100 | 7% | 8.70 | 12 | 339 | 9.90 114
P2VP200k-3v%D19 | 200 | 3% | 123 | 95 | 339 | 149 121
P2VP200k-7v%D19 | 200 | 7% | 123 | 95 | 325 | 135 1.10
P2VP200k-0v%D45 | 200 | 9% | 123 | 23 | 990 | 530 431
P2VPAOOK-3v06D24 | 400 | 3% | 174 | 12 | 325 | 850 | 0489
P2VPAOOK-8v%6D24 | 400 | 8% | 174 | 12 | 346 | 106 | 0.609

5.3 Results and Discussion
5.3.1 Small-angle X-ray Scattering

Fig. 5.1a shows the small-angle x-ray scattering (SAXS) of P2VP200k-3v%R9.5,
P2VP200k-7v%R9.5, and P2VVP200k-9v%R23. A clear level-off in scattering intensity is
observed, indicating the NPs well-dispersed in matrix polymer in these PNCs and being
consistent with previous literature reports. Kratky plot, Q21(Q) vs Q, is employed to estimate the
interparticle center-to-center distance, d.. = 2m/Q* with Q* being the characteristic wavevector
associated with the low Q peak indicated in the inset of Fig. 5.1a. The interparticle surface-to-
surface distance, d,pg, can then be quantified as d;ps = d.. — 2Ryp. Similar observations are

found for P2VP100k-4v%R12, P2VP100k-7v%R12, P2VP400k-3v%R9.5 and P2VP400k-
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8v%R9.5 (Fig. 5.1b). Table 1 summaries the d.., d,ps, and d,;ps/R, for all the PNCs. According

to previous studies, the d;ps/R, can serve as a good indicator for polymer bridging. The

experiments cover a wide range d;ps/R, from 0.489 to 4.31, and thus include various polymer

bridging conditions that are also supported by the linear rheology measurements.
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Figure 5.1 The scattering intensity /(Q) normalized by silica volume fraction ¢y p of (a)
P2VP200k/SiO2 and (b) P2VP100k/SiO2 and P2VP400k/SiO, samples obtained from small-
angle x-ray scattering measurements. The insets show Kratky plots for the representative
samples.

5.3.2 Small-amplitude Oscillatory Shear

Fig. 5.2a presents the linear viscoelastic spectra master curves of P2VP200K/SiO;
nanocomposites (symbols) at a reference temperature T;.., = 413 K. Comparison with the
viscoelastic spectra of the neat matrix polymer P2VP200K (lines, Fig. 5.2a), the PNCs all show
moderate enhancement in the rubbery plateau at the intermediate frequency region, where the

plateau modulus, G (¢yp), of PNCs determined through the storage modulus, G'(w), at the

minmum of the loss factor, tané = % The inset of Fig. 5.2a presents the experiments and
their comparison with the Guth-Gold equation, G(¢@yp) = G(0)X with X = (1 + 2.5¢xp +
14.1¢%p) being the hydrodynamic reinforcement factor. An excellent agreement is found that is
consistent with the well-dispersion of NPs in matrix polymers from SAXS measurements and
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indicates the hydrodynamic effect of NPs for the mechanical reinforcement at linear response

region.
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Figure 5.2 Master curves of (a) P2VP200k/SiO (b) P2VP100k/SiO2 and (c) P2VP400k/SiO:

samples constructed from the small-amplitude oscillatory shear results by the time-temperature
superposition principle (TTSP). The insets show comparisons between plateau moduli and
quantifications of hydrodynamic effect by Guth-Gold equation.

10°

the low-frequency region of the viscoelastic spectra, implying the emergence of slow dynamics

of PNCs. G"' (w)~w* with x > 2/3 is observed for both P2VP200K-3v%R9.5 and P2VVP200K -

9v%R23, indicating the absence of the NP network through polymer bridging. For P2VP200K-

Tv%R9.5, a low-frequency plateau is clearly visible, implying the presence of a strong polymer

bridging network. These results are consistent with the empirical rule for a lack of polymer

81



bridging for d;ps/R,; > 2 (P2VP200K-3v%R9.5 and P2VP200K-9v%R23) and the emergence of

polymer bridging for d;ps/Ry < 2 (P2VP200K-7V%R9.5).
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Figure 5.3 Shift factors used to construct the master curves of (a) P2VP100k/SiOz, (b)
P2VP100k/SiO., and (c) P2VP100k/SiO».

Similar results have been observed for P2VP100K/SiO: (Fig. 5.2b) and P2VP400K/SiO;
(Fig. 5.2¢) PNCs with the former mostly covering the cases of no polymer bridge network or
weak polymer bridges, and the latter having much stronger polymer network than P2VVP200K-
7v%R9.5. In addition, the shift factors presented in Fig. 5.3 between neat polymers and PNCs
are very similar for the same polymer matrix. Thus, the combination of SAXS and linear
viscoelastic measurements suggests the current experimental design covers a wide range of
bound polymer fractions and forms and should serve as model system for a further study of the
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role of bound polymer for the molecular origins of the mechanical enhancement of PNCs at large
deformation.

5.3.3 Uniaxial Extension
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Figure 5.4 Engineering stress o, versus elongation ratio A curves of P2VP200k-7v%R9.5
(filled) with those of neat P2VVP100k (empty) as reference.

Uniaxial extension tests at constant Hencky strain rate, €, have been performed to study
the influence of bound polymer to the mechanical properties of PNCs at large deformation. Fig.
5.4 presents the engineering stress, o, 4, Vs elongation ratio, 4, of P2VP200K-7v%R9.5 and
their comparison with neat P2VP200K at T = 413 K at deformation rates from ¢ = 0.001 s
to 1 s~1. The oy, vs A curves of other PNCs and their comparison with the corresponding neat
matrix polymer are presented in Figs. 5.5a-d. The presence of NPs leads to several interesting
changes to the mechanical properties of PNCs at large deformation. First, the stress-elongation
ratio relationship of PNCs of different nanoparticle loadings, different nanoparticle sizes, and
different polymer molecular weights are qualitative similar with the neat polymer with an initial
elastic-like deformation followed by a stress overshoot, oy, at intermediate strain region and
failure at high elongation ratios. These features indicate the polymer deformation as the leading

mechanism to the mechanical response of PNCs, which is expected due to the low NP loading of
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all PNCs. Secondly, all PNCs exhibit higher tensile stress than the neat polymer at the same &,

highlighting an apparent mechanical reinforcement of PNCs.
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Figure 5.5 Engineering stress o, 4 versus elongation ratio 4 curves of (a) P2VP200k-3v%R9.5,
(b) P2VP200k-9v%R23, (c) P2VP400k-3v%R9.5, and (d) P2VP400k-8v%R9.5 with their neat

matrices as references.

Fig. 5.6 highlights the stress-elongation ratios of P2VP200K/SiO2 hanocomposites of
different NP loadings and different NP sizes at ¢ = 0.03 s~ (main frame, Wi; ~ 1) and ¢ =
1571 (inset, Wi, =~ 30). For PNCs with identical NP sizes, P2VP200K-3v%R9.5 and
P2VP200K-7v%R9.5, a higher NP loading results in a high stress for both ¢ = 0.03 s71 and ¢ =
1 s71 over all s, highlighting a stronger influence of NPs to the polymer dynamics for PNCs

with higher NP loadings. Similar results have also been observed for P2VP100K/SiO:
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nanocomposites and P2VVP400K/SiO2 nanocomposites. The stress enhancement is way higher
than the predictions from the hydrodynamic effect, especially at the intermediate strain region.
Thus, the hydrodynamic effect alone cannot explain the observed high mechanical enhancement
of PNCs at large deformation. Interestingly, for PNCs with similar nanoparticle surface area,
such as P2VP200K-3v%R9.5 and P2VP200K-9v%R23, distinct mechanical responses are
observed despite their very similar linear viscoelastic spectra (Fig. 5.2a). An interestingly
observation is that their stress-strain response overlaps nicely only before the stress overshoot.
Beyond the stress overshoot, P2VP200K-9v%R23 exhibits a noticeably lower tensile stress than
the P2VP200K-3v%R9.5 that gradually approaching the tensile behavior of the neat polymer,

implying the weak contribution of the bound polymers to the nonlinear mechanical response

beyond the stress overshoot.
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Figure 5.6 Engineering stress o,,, versus elongation ratio 4 curves of P2VP200k and
P2VP200k/SiO, samples at two different Hencky rate € (main figure and inset), respectively.

5.3.4 Engineering Stress Overshoot
To be more quantitative, we analyze the characteristics of stress overshoot of PNCs and

compare them with the neat polymer. In neat polymers, the overshoot stress, o, and the

1/3 1/3

corresponding Hencky strain, &, scales universally with Wi, as o,~Wi '~ and e,~Wi ", that
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has been attributed to the disentanglement polymer dynamics recently. Thus, a clear
characterization of the stress overshoot of PNCs can help elucidate the influence of NPs to
nonlinear polymer dynamics. Fig. 5.7 presents g, of P2VP200K/SiO2 nanocomposites and the
neat polymer at different €. Although PNCs show a systematic higher o, at a given &, a scaling of
a,~&1/3 has been observed for all samples over an exceptional wide range of Wi;z~0.1 — 10,
indicating a negligible influence of NPs to the scaling of disentanglement dynamics. According
to recent theoretical development, the stress overshoot physic is very sensitive to the equilibrium
chain packing and the tube diameter, the identical scaling of the stress overshoot between the
neat polymer and the PNCs highlights a weak influence of the bound polymer to the tube
diameter of the matrix polymer. Remarkably, an excellent master curve of a5 vs a(@yp)€ with
a(@yp) a constant can be observed over the entire rate region for all PNCs (inset of the Fig. 5.7

and Figs. 5.8a-b).
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Figure 5.7 The stress overshoot o, of P2VP200K/SiO2 nanocomposites and the neat polymer at

different ¢ at a reference temperature of 413K. A master curve is observed after a sample-
dependent constant a(¢@yp) is multiplied to the € in the x-axis.

The observed master curve of g vs a(@yp)€ for PNCs with different NP loadings, NP

sizes, and polymer molecular weights are intriguing and suggest universal physics for nonlinear
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mechanical reinforcement of PNCs with weak NP-NP interactions. In addition, the non-strain
and non-strain rate dependence of a(¢@yp) indicate clearly a strong NP-induced modifications to
the matrix polymer dynamic rather than the bound polymer governing the nonlinear polymer
dynamics. Note that the master curves apply for PNCs with strong polymer bridging network
(P2VP200K-7v%R9.5, P2VP400K-3v%R9.5, and P2VP400K-8v%R9.5), in sharp contrast to
recent constitutive modeling on the dominant role of the polymer bridging network for the high

mechanical strength of PNCs at large deformation.

(a) 10t T T T T T T (b) T T T T T
Teer =413 K T =413K (o) Oo
o 8o
10° pa i (@)
’E '/')v — D
o NG g w0f O
é [ AN\\4 =
- o < Q
o 10"k A 40
QD 05
O P2vP100k
P2VP400k
& R camacc: @™ 3 rriiaeon
102 o -1V 1 wlpg P2VP400k-8v% D24 |
103 102 10?1 10° 10t 102 10° 102 10? 10° 10t
. _l . -
a(pyple (s7) a(pyp)e (s

Figure 5.8 The stress overshoot o, of (a) P2VP200K/SiO- and (b) P2VP400k/SiO2 samples and
the neat polymer at different ¢ at a reference temperature of 413K.

5.3.5 Quantitative Understanding of Stress-strain Curves with the Parameter a(¢@yp)

The scaling analyses on the stress overshoot suggest a pure bulk dynamic effect rather
than the interfacial effects governing the mechanical enhancement of PNCs at large deformation.
If this is true, one would anticipate a quantitative understanding of the mechanical properties of
PNCs by taking into account the NP-induced changes in the bulk polymer dynamics, a(@yp).
Fig. 5.9 presents the comparison of tensile stress-elongation ratio curves of P2VP200K/SiO-
nanocomposites with éa(¢@yp) = 0.021 and 0.90. Remarkably, a nice overlap of the stress-strain

curves over a wide range of elongation ratios (up to the stress overshoot) can be observed
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between the neat matrix polymer and the PNCs, confirming the NP-induced bulk dynamics effect
for the nonlinear mechanical properties of PNCs. Note that the dynamic correction applies for
PNCs with various NP loading, NP sizes, and £a(¢yp) values, highlighting the universality of
the observation. Note that noticeable deviations in the tensile stress beyond the stress overshoot
is still observed, suggesting the emergence of additional mechanisms for the mechanical
properties of PNCs beyond the stress overshoot that depends on the strain rate, NP loading, and
NP sizes. For instance, the stress of P2VP200K-7v%R9.5 is significantly higher than the neat
polymer beyond the stress overshoot at éa(¢yp) = 0.021 that does not show up at higher strain

rates.
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Figure 5.9 Engineering strain-elongation ratio curves for P2VVP200k/SiO2 samples with two
a(@np)érer values of 0.021 and 0.90 in the main figure and inset, respectively.

On the other hand, PNC of a higher NP loading has a slightly smaller A, and o, than the
neat polymer at high éa(¢yp) values. The study in Chapter 2 suggests a dominant role of the
deformation-induced microstructure rearrangement for the mechanical reinforcement in this
region. However, the detailed molecular mechanisms, in addition to the dynamic effect, remains

further investigation that governs the mechanical response of PNCs beyond the stress overshoot.
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Figure 5.10 (a) A comparison between a(¢yp) and hydrodynamic reinforcing factor X for
P2VP200k/SiO. samples. (b) A comparison between a(@yp) and tpyc /T4 Of all P2VP/SIO;
samples where 7y is the apparent terminal relaxation time of a PNC and t, is the terminal
relaxation time of polymer. The inset shows a comparison between t;/tpyc the and the
experimental data in Choi et al.'s work™.

The above observations clearly point out a crucial parameter, a(¢yp), that plays a
leading order effect for the tensile deformation of PNCs. In the following section, we would like
to understand molecular parameters controlling a(@yp). As discussed previously, a(@yp) does
not exhibit any strain or strain rate dependence and must be controlled by materials parameters.
Fig. 5.10a shows the a(@xp) VS @yp and their comparison with the hydrodynamic reinforcement
factor, X, (the lines). Obviously, the values of a(¢yp) are much higher than hydrodynamic
reinforcement factor, indicating the non-hydrodynamic nature of the dynamic effects. With the
ruling out of the roles of bound polymers, we turn to the NP-induced dynamics slowing down of

the bulk polymer. For PNCs with well-separated NPs, the characteristic frequency of the loss

peak at the low-frequency region, w,, in the linear viscoelastic spectra provides a good estimate

of the apparent relaxation time of the non-adsorbed chains, 7, = wi Fig. 5.10b presents the

normalized apparent relaxation chain time, t.(@yp) /T4, With a(@yp) for all PNCs, where 7, is

the terminal relaxation time of the neat polymer that is determined from the crossover between
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the storage moduli, G' (w), and loss moduli, G"' (w), at the low frequency region. Remarkably,

—TC(f”P) = a(@yp) is observed for PNCs with all NP loadings and NP sizes, regardless of the
d

matrix polymer molecular weight and the status of bound polymers (bridge or not), highlighting
the crucial role of the dynamics slowing down of non-adsorbed polymers for the nonlinear
mechanical enhancement of PNCs. Moreover, the observed a(¢@yp) agrees excellently well with
previously observed universal slowing down of the center-of-mass diffusion of matrix polymers
in PNCs as shown in the inset of Fig. 5.10b, which has been attributed to the nanoconfinement
effect due to the presence of NPs. Our experiments seem to echo the nanoconfinement origin for
the slowing down in non-adsorbed polymer dynamics.
5.4 Conclusions

With rigorous experimental design of P2VP/SiO> samples with different molecular
weight and nanoparticle loadings, this chapter systematically studies how the presence of
nanoparticle on the nonlinear rheology of PNCs at large deformation. It was found the slowing
down of the chain relaxation dynamics controls the mechanical reinforcement of PNCs at large
deformation. In sharp contrast to the recent proposal of constitutive modeling*2, our work shows
bound polymers and bridge polymer contribute negligible to the mechanical reinforcement of
polymer nanocomposites. In addition, the presence of NPs does not affect the scaling of the

stress overshoot (disentanglement dynamics) of matrix polymer.
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CHAPTER 6 CONCLUSIONS AND FUTURE OUTLOOK
6.1 Conclusions

This work investigates the origin of mechanical reinforcement in polymer nanocomposites
(PNCs) with spherical nanoparticles at the dilute and semi-dilute limits. Linear and nonlinear
rheology are utilized to probe the mechanical reinforcement in the PNCs. The contributions from
the nanoparticle rearrangement and the polymer deformation are decoupled through the utilization
of small-angle scattering techniques. At Wi = é1; < 1, a nanoparticle network can be induced,
where & is the Hencky strain rate and 4 is the terminal relaxation time of the polymer. Importantly,
the elastic yielding of this nanoparticle network contributes significantly to the stress and causes
strain hardening in the PNCs. At higher Wi, it was found that the deformation-induced
nanoparticle rearrangement does not correlate with the stress in the PNCs at large deformation.
The small-angle x-ray scattering (SAXS) reveals the structural anisotropy of nanoparticles remains
little changed at large deformation, in sharp contrast to strong arise in the reinforcement factor
(stress of PNC normalized by that of neat polymer) with deformation.

To further decouple the polymer contribution to the macroscopic stress, we selectively
investigate the nonlinear polymer structure and dynamics through the small-angle neutron
scattering (SANS). The polymer anisotropy unambiguously determined by the spherical harmonic
expansion analysis suggests almost identical magnitudes between the neat polymer and the PNCs.
The stress relaxation of the polymers anisotropy in PNCs also follows that of the deformed
polymers. Further analysis in PNC systems with aggregated nanoparticles shows similar
observations. The SANS results clearly demonstrate the absence of strain amplification in the
PNCs and support the hydrodynamic effect of nanoparticles as the origin of the mechanical

reinforcement in the PNCs, akin to the classical hydrodynamic effect of nanoparticles. According
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to classical hydrodynamic theory by Einstein and Smallwood, strain redistributes surrounding
nanoparticles leading to strong mechanical reinforcement, while average zero net deformation
takes place in the matrix in the PNC.

We further quantified the nanoconfinement effect to the mechanical reinforcement in the
PNCs. PNCs with different polymer molecular weights and nanoparticle sizes were prepared and
studied by nonlinear rheology. It was found that a master curve can be established between the
engineering stress maximum point and the strain at the maximum point with a constant a(¢yp)
within the same molecular weight. The a(¢yp) was directly proportional apparent terminal
relaxation time of the PNCs normalized by the terminal relaxation time of the polymer matrix,
suggesting bulk polymer origin of the mechanical reinforcement. Further uniaxial extension
experiments were performed for different PNCs at the same a(¢yp)€ value, and the stress-strain
curves were found to overlap up to the stress maximum point across all the PNCs with the same
molecular weight. We found out the ratio between the terminal relaxation time of polymers and
that of the PNCs follows the delayed diffusion of the polymers in the PNCs under the
nanoconfinement effect presented in the literature. Thus, the linear rheology can be used to
quantify the nanoconfinement effect, which is an important parameter in the mechanical
reinforcement in the PNCs. In addition, our work suggests interfacial polymers contribute
negligibly to the mechanical reinforcement of polymer nanocomposites, and the disentanglement
dynamics is hardly affected by the presence of NPs.
6.2 Future Outlook

By decoupling the contributions from the nanoparticles and polymer matrix in the
mechanical reinforcement of PNCs, this work provides an experimental foundation for a molecular

constitutive model of PNCs under large deformation. At small Wi « 1, the polymer deformation
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controls the yielding behavior. However, nanoparticle contribution dominates the macroscopic
stress at a late stage of the deformation and the contributions from strain-induced nanoparticle
networks cannot be ignored. At large Wi > 1, polymer dynamics play a dominant role and the
problem becomes to the model the delayed polymer response. The comprehensive results of the
nanoparticle rearrangement at large deformation at different Wi inspires new materials designed
with controlled nanoparticle structures. The applications of the SHE on SANS analysis of the
PNCs encourage the reanalysis of previous SANS data and future SANS studies on the multi-
phase systems.

In this work, several questions still need to be addressed. The yielding of the nanoparticle
network at Wi « 1 is proven to provide significant mechanical reinforcement. However, the
quantification of this reinforcement is yet to be fully understood, although we have proven that the
stress from this process is proportional to the surface area of the nanoparticles. Further
considerations need to consider the hydrodynamic effect between nanoparticles and other
nanoparticle-nanoparticle interactions, which would require modeling. At the same effective Wi,
we have observed the overlapping polymer, and PNC stress-strain curves up to the stress maximum
point. However, the stress magnitudes and shapes have no systematic behaviors between neat
polymer sand PNCs, which is another important direction to pursue in terms of the polymer
dynamics after disentanglement.

Several limitations of this work exist. Due to the significant contributions from the
nanoparticles at Wi « 1, different nanoparticle sizes and nanoparticle-nanoparticle interactions
need to be studied for a comprehensive understanding of the nanoparticle contributions to the
mechanical reinforcement. Additionally, only uniaxial extension is investigated in this work.

However, other modes of deformation are also important and can yield different types of
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nanoparticle microstructure rearrangement and corresponding mechanical reinforcement, such as

shear and biaxial extension.
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