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ABSTRACT

THE EFFECTS OF FE AND AL ON THE COMPOSITION, PROCESSING,
MICROSTRUCTURE, AND PROPERTY RELATIONSHIPS OF TI-11AT.%CR

By

JoAnn Ballor

Beta-titanium (β-Ti) alloys contain elements that promote enhanced retention of theβ phase, termed

β-stabilizers. This class of Ti alloys can exhibit a range of mechanical properties, making them

suitable for applications requiring low Young’s moduli, such as biomedical implants, as well as

applications that require high Young’s moduli and strengths, such as aerospace engine components.

The mechanical properties of β-Ti alloys can be tuned to meet the needs of specific applications by

changing the microstructure.

As the β-phase is metastable, phase transformations to other metastable and stable phases can

be induced by thermomechanical processing. Agingβ-Ti alloys in the 300 ◦C to 500 ◦C temperature

range allows certain β-Ti alloys to undergo the β-to-ω and β-to-α phase transformations, both of

which promote strengthening. The ω phase in particular is known to significantly increase Young’s

modulus and strength, but is generally avoided because it also severely decreases elongation-to-

failure (ϵf). Recently, the ω phase has been shown to assist in the formation of a nanoscale α

phase.

Composition and processing affect both the β-to-ω and β-to-α transformations. In this dis-

sertation, four β-Ti alloys, Ti-11Cr, Ti-11Cr-0.85Fe, Ti-11Cr-5.3Al, and Ti-11Cr-0.85Fe-5.3Al (all

in at.%) were investigated to determine how Fe and Al additions affect the phase transformations,

phase volume fractions, and phase lattice parameters during aging, and how the microstructural

changes affect the mechanical properties. Each alloy underwent 400 ◦C aging treatments to induce

the β-to-ω and β-to-α phase transformations.

A microstructural characterization of theβ-homogenized condition of each alloy was performed.

Each alloy was found to contain only theβ phase with randomly distributed alloying elements using

X-ray diffraction (XRD), scanning electron microscopy (SEM), and atom probe tomography (APT).



The Fe and Al additions did not affect the hardness of the alloys, but reduced the shear and Young’s

moduli of the alloys. The alloys’ yield strength (σy) and ultimate tensile strength (UTS) increased

with decreased grain size and ϵf increased as the grain size approached that necessary for the

minimum critical stress for stress-induced martensite.

A microstructural characterization of each alloy during and after aging was also performed

to determine the effects of Fe and Al on the microstructural evolution. Ti-11Cr underwent the

β-to-ω and β-to-α transformations. The Fe addition reduced the volume fraction of the ω phase

and increased the lattice parameter of the β phase. The Al addition inhibited the β-to-ω phase

transformation and increased the volume fraction of the α phase. When Fe and Al were both added,

Al prevented the β-to-ω transformation and Fe reduced the α-phase volume fraction.

Cr and Fe diffused from the ω and α precipitates into the β matrix during the β-to-ω and

β-to-α transformations. Al diffused from the β matrix into the α precipitates. The β-phase lattice

parameter decreased with increasing Cr and Fe contents, and an empirical relationship between the

β-phase lattice parameter and the β-phase stability, involving the molybdenum equivalency, was

proposed. The β-phase lattice parameter also affect the c/a ratios of the α and ω phases, which

has implications for the ω-assisted α-phase transformation. Higher contents of impurity element

O were measured in the α and ω phases.

Each alloy exhibited an increase in σy and UTS with precipitation of the α and ω phases. The

aged alloys containing Fe exhibited larger ϵf values than the Fe-free alloys. The alloys containing

ω-phase microstructures exhibited significantly higher shear moduli than the ω-free alloys.

Through this work, the composition-processing-microstructure-property relationships of the

Ti-Cr-Fe-Al system were revealed. The relationships established between processing, β-phase

stability, microstructure, and mechanical properties are expected to be applicable to β-Ti alloys

outside of the Ti-Cr-Fe-Al system.
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CHAPTER 1

RATIONALE AND RESEARCH OBJECTIVE AND INTRODUCTION

Titanium (Ti) and Ti alloys exhibit high specific strength, biocompatibility, good fracture toughness

and fatigue resistance, and excellent corrosion resistance. This has led to their use in various

industries requiring a range of material property requirements. The class of Ti alloys known as

β-Ti alloys is distinct from other classes of Ti alloys because it retains the body centered cubic

(BCC) β phase after quenching from above the β-transus temperature. β-Ti alloys are particularly

useful because they can display a wide range of microstructures and mechanical properties. The

high strengths attainable by β-Ti alloys allow them to be used for structural applications. For

example, Ti-5553 (Ti-5Al-5V-5Mo-3Cr) is used in the landing gear of the Boeing 777 [1–4].

The composition of β-Ti alloys can be tuned to produce a low Young’s modulus (E), which is

ideal for biomedical implants as the low Young’s modulus favors less stress-shielding of the bone,

thereby decreasing the likelihood of implant failures [5,6]. β-Ti alloys exhibit flexibility for use in

both high-strength structural applications and lower-strength biomedical applications because their

mechanical properties can be tailored to meet the needs of specific applications through judicious

control of the microstructure and phase transformations.

One way to control the microstructure in β-Ti alloys is by controlling the alloy composition,

as different alloying elements tend to stabilize different phases. All β-Ti alloys contain alloying

elements that stabilize the BCC β phase. These elements are called β-stabilizers and they lower

the β-transus temperature. The binary phase diagrams of β-Ti alloys can be either isomorphous or

eutectoid-type [2, 7, 8]. Vanadium (V), molybdenum (Mo), niobium (Nb), tantalum (Ta), hafnium

(Hf), and rhenium (Re) are β-stabilizers that exhibit isomorphous phase diagrams, and chromium

(Cr), manganese (Mn), iron (Fe), cobalt (Co), nickel (Ni), copper (Cu), and tungsten (W) are β-

stabilizers that exhibit eutectoid-type phase diagrams. The isomorphous Ti-Mo and the eutectoid

Ti-Cr phase diagrams are provided in Figure 1.1.
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Figure 1.1: Binary phase diagrams of (a) Ti-Mo (isomorphous) and (b) Ti-Cr (eutectoid). Adopted
from J. D. Cotton, R. D. Briggs, R. R. Boyer, S. Tamirisakandala, P. Russo, N. Shchetnikov and J.
C. Fanning, "State of the Art in β Titanium Alloys for Airframe Applications," JOM, vol. 67, no.
6, pp. 1281–1303, May 2015.

Elements that stabilize the hcp α phase are sometimes included in β-Ti alloys to help promote

the β-to-α transformation during processing. Strong α-stabilizers, such as aluminum (Al), oxygen

(O), nitrogen (N), and carbon (C), promote the α-phase formation in β-Ti alloys. Al is the most

commonly used α-stabilizer [7]. O, N, and C are intentionally or unintentionally included in

β-Ti alloys. Some elements included in β-Ti alloys such as tin (Sn) and zirconium (Zr) are

neutral to both α and β phases. Processing is also used to control the microstructure and phase

transformations in β-Ti alloys [7]. The β-to-ω phase transformation has been of significant interest

to researchers because of its influence on both the mechanical properties and the β-to-α phase

transformation [9, 10].

The synergistic effects of processing and composition can affect the microstructure of β-Ti

alloys. These complex interactions are important to understand in order to tailor the microstructure

and mechanical properties of β-Ti alloys. Processing-microstructure-property relationships are

also important to consider when designing new β-Ti alloys or new processing routes. The main

research objective of this dissertation was accomplished by studying the effects of small alloying

additions on the microstructural evolution, phase transformations, and mechanical properties of

β-Ti alloys during processing.
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Main research objective: Determine the composition-processing-microstructure-mechanical prop-

erty relationships of the β-eutectoid Ti-Cr alloy system modified with small Fe and Al additions.

To accomplish this main research objective, the following tasks were performed.

1. Investigate how additions of 0.85at.% Fe and 5.3at.% affect the β-to-ω and β-to-α trans-

formations of a base Ti-11at.%Cr alloy using X-ray diffraction (XRD), scanning electron

microscopy (SEM), and atom probe tomography (APT).

2. Determine how 400°C aging affects the volume fractions and lattice parameters of the phases

using 400°C XRD and SEM.

3. Use APT to investigate the composition of the phases in each alloy during the β-to-ω and

β-to-α transformations.

4. Use 400°C resonance ultrasound spectroscopy (RUS) to determine the evolution of the shear

modulus (G) with aging time.

5. Use tensile, fatigue, and Vickers hardness testing to investigate how the microstructural

changes affect the mechanical properties of each alloy.

This dissertation is divided into 9 chapters. Chapter 1 above outlines the rationale and provides

the main research objective. Chapter 2 provides background information on β-Ti alloys, the β,

α, and ω phases, the alloying elements chosen for this investigation, and lists the research gaps

associated with the main research objective. Information on the alloys, experiments, and analysis

techniques used in this dissertation is provided in Chapter 3. Chapter 4 provides the results of

all experiments performed on the β-homogenized alloys, which were characterized using SEM,

EDS, APT, XRD, RUS, hardness, and tensile testing. A discussion of those results is provided

in Chapter 5. Chapter 6 provides the SEM, TEM, EDS, APT, XRD, RUS, hardness, and tensile

testing results of the alloys during and after aging. Chapter 7 contains a discussion of those

results. The conclusions about the β-homogenized and aged alloys are provided in Chapter 8. The

recommended future work is presented in Chapter 9.
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The results (Chapter 4) and discussion (Chapter 5) of theβ-homogenized material are presented

separately from the results and discussion of the aged material to establish the condition of the β-

homogenized alloys before aging. Without firm understanding of the composition, microstructure,

and mechanical properties of the β-homogenized alloys, the effect of aging on the microstructure

and mechanical properties of each alloy cannot be conclusively determined. Chapters 4 and 5 are

separated into two sections: microstructure and mechanical properties. These sections are further

divided by experiment.

Chapters 6 and 7 provide the results and discussion of the aged alloys, respectively, where

the microstructure and mechanical property sections are separated similarly to that for Chapters 4

and 5. Within the microstructure section of Chapter 7, the discussion is organized according to

the phase transformations and phase morphology evolution, the phase volume fraction evolution,

the phase lattice parameter evolution (including the composition changes that occur during the

transformations), and the locations of the impurity elements (O and H) as measured using APT.

This allows the results from several experiments to be discussed together in the context of the

microstructural changes observed with increased aging time. The mechanical property section of

Chapter 7 is organized by experiment, but includes information from the Chapter 7 microstructure

section to discuss the changes in mechanical properties with aging.

At the end of this work, a standard operating procedure for the FIB-based lift out procedure is

provided in Appendix A. Supplemental 400 ◦C XRD data are provided in Appendix B. Supplemental

BSE-SEM photomicrographs of the microstructure of each alloy are provided in Appendix C.

Supplemental SEM photomicrographs of the fracture surfaces of the tensile samples are provided

in Appendix D.
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CHAPTER 2

BACKGROUND

To understand processing-microstructure-property relationships of Fe- and Al-modified Ti-11Cr

alloys, an understanding of the crystal structures and the driving factors behind the β-to-ω, β-to-α,

and ω-assisted-α phase transformations is necessary. This chapter discusses the β, α, and ω

phases, followed by a discussion of the effects of Cr, Fe, and Al on the phase transformations and

mechanical properties of β-Ti alloys.

2.1 β-Titanium alloys

β Titanium (β-Ti) alloys are used in several industries, such as the aerospace, biomedical, chemical,

and automotive industries, where high strength-to-weight ratios and corrosion resistance are desired

[2, 3, 11, 11–14]. The mechanical property requirements of components used in these industries

vary. For example, biomedical applications require a low Young’s modulus (E) to prevent the

stress-shielding and promote healing [5], while aerospace applications require high tensile strength

and adequate elongation-to-failure (ϵf) values [2]. Processing can transform the metastable BCC β

phase into other metastable or equilibrium phases, affecting the mechanical properties. This allows

the mechanical properties of β-Ti alloys to be tuned for specific applications.

Recently, research into improving the mechanical properties of β-Ti alloys has been driven by

the need to replace heavier automotive and aerospace components with lighter parts of equivalent

or higher strength to improve energy efficiency. This concept is known as "lightweighting." An

example of lightweighting in aircraft is the replacement of 4.35 kg steel springs with springs made

of Ti alloy "Beta C" that weigh 1.45 kg, as well as the replacement of fasteners with equivalent

"Beta C" fasteners [2,11]. In the automotive industry, lightweighting of race cars using Ti alloys has

been shown to improve performance [13]. However, β-Ti alloy usage in commercial automobiles

is limited due to its higher cost in comparison to cheaper steel and Al alloys [13, 15].

One reason for the higher cost of Ti is its affinity for oxygen (O), nitrogen (Ni), hydrogen (H),
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and carbon (C). Because of this affinity, manufacturing processes to extract Ti metal from naturally

occurring Ti oxides must be performed in a vacuum or inert gas, and most high-temperature

processing leads to significant scale loss due to oxidation [7, 16]. Subsequent processing of Ti

into usable forms (such as bars, ingots, sheets, etc.) is also difficult, as are additional machining

processes needed to manufacture usable Ti parts [7, 15, 16].

One avenue to cut the cost of β-Ti is by changing the alloying elements from the relatively

expensive and commonly used vanadium (V), niobium (Nb), and molybdenum (Mo) to low-cost

alternatives [2]. Low-cost alternative alloying elements that provide equivalent β-phase stability

can help lower the cost of the β-Ti alloys thereby making them more feasible for lightweighting

applications. Before substitutions of low-cost alloying elements can be made, the impacts of such

elements on the microstructure and mechanical properties of the alloys must be identified.

To begin studying the relationships between alloy composition and microstructure, a compre-

hensive understanding of the possible phases and phase transformations in β-Ti alloys is necessary.

This understanding is also necessary to investigate the microsctructure-property relationships of

β-Ti alloys. To that end, a review of the β, α, and ω phases is now presented.

2.2 The β phase

The β phase is a BCC structure with two atoms in its unit cell at (0,0,0) and (1/2,1/2,1/2), and

belongs to the space group Im-3m. Its BCC crystal structure has an atomic packing factor (APF)

of 0.68, and in pure β Ti at 900°C the lattice parameter is 3.32Å [7]. The BCC structure is not an

equilibrium structure at room temperature (RT) in pure Ti, so alloying elements that stabilize the β

phase, called β-stabilizers, are added. To keep the β phase at RT, the alloy is typically raised above

the β-transus temperature and then quenched, freezing in the BCC microstructure [7]. The β phase

formed through this process is metastable and its stability can be affected by the concentration of

β-stabilizers in the alloy [7, 17]. To compare the stability between alloys with different amounts

of β-stabilizing alloying elements, the Mo Equivalency equation (Mo-Eq) was developed [8, 17].

Mo-Eq compares the β-phase stability by calculating the equivalent concentration of Mo that, if

6



alloyed instead, would provide an equivalent amount of β-phase stability. The Mo-Eq equation is:

Mo-Eq = Mo + 0.67 V + 0.44 W + 0.28 Nb + 0.22 Ta + 2.9 Fe + 1.6 Cr + 0.77 Cu − 1.0 Al (2.1)

where the elemental symbol is the amount of that element in weight percent [17]. While not a

perfect way to compare β-Ti alloys, because some of the elements are isomorphous stabilizers and

some are eutectoid stabilizers, Mo-Eq provides a reference point for comparison. Even using the

Mo-Eq, it is still difficult to compare β-phase stability between alloys.

As theβ-phase microstructure is metastable, it can transform into other metastable and/or stable

phases through thermomechanical processing. Alloys containing β-isomorphous stabilizers tend

to decompose into the 𝛼 and β phases with no other compounds formed [17]. While β-eutectoid

alloys form the α phase, they also tend to form other compounds, such as TiCr2 in Ti-Cr alloy

systems [17]. In all types of β-Ti alloys, a common transformation, which increases strength, is the

β-to-α phase transformation.

2.3 The α phase

The α phase is an equilibrium hexagonal close packed (HCP) phase in pure Ti and Ti alloys at

temperatures below the β-transus. In Figure 2.1, the temperature and concentration combinations

where the α phase can form are highlighted. The RT lattice parameters in pure Ti are 2.95Å for a

and 4.68Å for c, with a resulting c/a ratio of 1.587 [7]. The unit cell contains two atoms at (0,0,0)

and (1/3,2/3,1/2), and belongs to the space group P63/mmc.

7



Figure 2.1: Phase diagrams of binary β-Ti (a) Ti-Mo and (b) Ti-Cr alloys with α-phase containing
regions highlighted. Adopted from J. D. Cotton, R. D. Briggs, R. R. Boyer, S. Tamirisakandala,
P. Russo, N. Shchetnikov and J. C. Fanning, "State of the Art in β Titanium Alloys for Airframe
Applications," JOM, vol. 67, no. 6, pp. 1281–1303, May 2015.

The α phase forms in β alloys during heat treatment [18–20] according to the Burgers relation-

ship between the β and the α phases:

(1 1 0)β ∥ (0 0 0 1)α

(1 1 1)β ∥ (1 1 2 0)α

The Burgers relationship has been verified [18, 21], and 12 variants are possible between a

β grain and an α grain [22]. The α phase prefers to form in variant pairs or 3-variant clusters

with an axis–angle pair relationship of ⟨1 1 2 0⟩/60° [23]. Formation of α phase is encouraged in

β-Ti alloys by the inclusion of α-phase stabilizing elements Al, O, and/or N [2]. Reducing the

amount of β-stabilizing elements will also promote α-phase formation, however a threshold level

of β-stabilizers (i.e. a Mo-Eq of ∼10) must remain to retain the β phase upon quenching for the

alloy to be considered as a β-Ti alloy [2].

The α phase can form as laths [24,25], needles [26], or plates [18], or can have a globular [27]

morphology, and form both inside β grains and along β-grain boundaries. Along with the location

of the α phase, the size, distribution, and morphology of the α phase in the β-phase matrix can
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significantly influence the tensile properties of β-Ti alloys [7, 27]. In particular, microstructures

containing fine α-phase have exhibited a desirable combination of high strength and ϵf [27].

The α phase can form with the assistance of the metastable ω phase [24, 28]. Although less is

known about the ω-assisted α-phase transformation than the β-to-α phase transformation, because

the tensile strength tends to increase with increased fine-grained α phase, a considerable amount of

work has been done to understand how the ω phase affects the formation, growth, and morphology

of the α phase.

2.4 The ω phase

2.4.1 Crystal structure

To understand how the ω phase can affect the α phase transformation, a thorough understanding

of the ω phase is necessary.

Discovered in 1954 by Frost et al. [29], theω phase is defined as a hexagonal crystal structure that

can exist in pure Ti and zirconium (Zr) at high pressures [30,31], in shock-deformed polycrystalline

Ta and Ta-W alloys [32], or in β-Ti alloys [2,33]. The hexagonal structure is not close-packed [34]

and forms by the collapse of a pair of (1 1 1) BCC planes into a single plane [7, 33–36]. This

collapse occurs when linear defects of vacancies and crowdions in the ⟨1 1 1⟩ direction align so

that the ω structure is created from the BCC structure, thereby changing the stacking pattern of

the (1 1 1) planes from ABCABC in the BCC structure to AB’AB’ in the ω structure [37, 38].

Because there are four ⟨1 1 1⟩ directions in the BCC unit cell, four variants of the ω phase can be

formed [7, 39, 40]. The ω phase has three atoms in the primitive unit cell and the lattice points

are (0,0,0), (2/3,1/3,1/2), and (1/3,2/3,1/2), belonging to the space group D1/6h, P6/mmm [30,35].

Figure 2.2 shows the BCC (β phase), HCP (α phase), and hexagonal ω-phase structures. The

crystallographic orientation relationship between the β, α, and ω phases has been determined as:
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⟨0 0 0 1⟩ω ∥ ⟨1 1 2 0⟩α ∥ ⟨1 1 1⟩β

⟨1 2 1 0⟩ω ∥ ⟨0 0 0 1⟩α ∥ ⟨0 1 1⟩β

(0 0 0 1)ω ∥ (1 2 1 0)α ∥ (1 1 1)β

(1 0 1 0)ω ∥ (1 0 1 0)α ∥ (2 1 1)β

(1 1 2 0)ω ∥ (0 0 0 1)α ∥ (0 1 1)β

These relationships have been verified through multiple independent studies [7,9,10,32,39,41–

54]. A representation of the (1 0 1 0)ω||(2 1 1)β relationship is shown in Figure 2.2 (e), showing

that the (1 0 1 0)ω planes have a d-spacing of 3 times that of the (2 1 1)β planes.

Figure 2.2: The (a) BCC β phase, (b) HCP α phase, (c) hexagonal ω phase with the primitive
unit cell bolded, (d) ω phase primitive unit cell with corresponding highlighted atoms, and (e)
relationship between the β and ω phase unit cells, with the primitive ω unit cell bolded.

The ω phase in a Ti-16Vwt.% alloy was reported to have a lattice parameter ‘a’ value of 460 pm

and a ‘c’ value of 282 pm [33,35]. Calculating the c/a ratio from these parameters gives a value of

0.613 and a calculated APF of 0.68. The ω-phase APF was calculated assuming the radius of each

atom in the unit cell was equivalent. In the case of the α phase, an ‘a’ value of 295 pm, a ‘c’ value of

468 pm, a c/a ratio of 1.587, and an APF of 0.74 has been reported [7,8]. Even though the reported
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Table 2.1: Lattice parameters, volumes, and APFs of the β, ω , and α phases.

β phase ω phase α phase
Lattice parameters a=328pm a=460pm c=282pm a=295pm c=466pm
c/a ratio 0.613 1.588
Volume 64𝑟3

3
√

3
� 12.3168𝑟3 32𝑟3

√
3
� 18.4752𝑟3 8𝑟3√2 � 11.3137𝑟3

Volume per atom 32𝑟3

3
√

3
� 6.1584𝑟3 32𝑟3

3
√

3
� 6.1584𝑟3 4𝑟3√2 � 5.6569𝑟3

APF 𝜋
√

3
8 � 0.68 𝜋

√
3

8 � 0.68 𝜋
√

2
6 � 0.74

ω-phase lattice parameters are for Ti-16V and Aurelio and Guillermet [55] and Bönisch et al. [56]

found that the ω-phase lattice parameters change with alloy content, the c/a ratio is consistently

0.613 [33, 55]. In Zr alloys, Hatt and Roberts found that the ω-phase c/a ratio was 0.622 [51], and

a shock-induced ω phase in polycrystalline Ta had a c/a ratio of 0.611 [32].

Table 2.1 contains a comparison of the lattice parameters, volumes, and APFs of the ω , α , and

β phases. These APF calculations illustrate that if the β and ω phases are made up of atoms with

the same radii, the β-to-ω transformation would not change the overall volume of the material; the

APFs for the β and ω phases are both 0.68. The APF also helps clarify that even though the ω

phase is sometimes misidentified in the literature as HCP [8, 52, 57], it is not close-packed.

Selected area electron diffraction (SAED) patterns are commonly used to analyze the presence

of the ω phase. ω-phase diffraction spots can be imaged along the [1 1 0]β or [1 1 3]β zone

axes, appearing at the 1/3⟨1 1 2⟩𝛽 or 2/3⟨1 1 2⟩β positions. Figure 2.3 (a) and (b) show example

diffraction patterns of the β and ω phases. These patterns have assisted in identification of the

crystallographic orientation relationships between the β and ω phases (detailed above). These

patterns have also allowed the morphology of the ω phase to be studied using dark-field imaging.

Ellipsoidal and cuboidal are two morphologies exhibited by theω phase (see Figure 2.3) [37,58,59].

The morphology of the ω phase depends on alloying elements and processing and is covered in

more detail in Section 2.4.2.3.
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Figure 2.3: Examples of SAED patterns containing the β and ω phases taken from the (a) [1 1 0]β
and (b) [1 1 3]β zone axes, as well as dark-field images obtained using the ω reflections in SAED
patterns showing the (c) ellipsoidal and (d) cuboidal morphologies of the ω phase. ((a, c) adapted
from F. Prima et. al., Scripta Materialia, vol. 54, pp. 645–648, 2006. (b) from J. I. Qazi et. al.,
Materials Science and Engineering C, vol. 25, pp. 389–397, 2005. (d) from V. Chandrasekaran
et. al. Metallography, vol. 11, pp. 183–198, 1978).

2.4.2 Classification of ω phases

The plane collapse that creates the ω phase in β-Ti alloys is triggered by pressure/plastic defor-

mation, quenching from above the β-transus, or thermal energy. Compositional differences in the

β phase affect these triggers [39, 60, 61], which create different types of the ω phase. While the
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types of ω phase have the same crystal structure, they are differentiated in the literature to help

the reader distinguish between their formation mechanisms. These distinctions are useful because

the formation mechanism can affect the size, morphology, and composition of the ω phase. The

generally recognized types of ω phase are the (1) deformation-induced ω phase, (2) athermal ω

phase (ωath), and (3) isothermal ω phase (ωiso). A detailed analysis of the state of the knowledge

of each type of ω phase is provided below.

2.4.2.1 Deformation-induced ω phase

The deformation-induced ω phase can be studied in pure Ti and Zr through the application of high

static pressures because the structure remains stable after the pressure is removed [30, 31, 62–65].

This is true ofβ-Ti alloys as well as pureα-Ti. β-Ti alloys have four stress-induced transformations:

the α’ and α” martensites, the ω phase, and mechanical twins [36]. Low concentrations of β-

stabilizing elements favor α’- and α”-martensitic transformations (decreasing the Ms temperature).

Higher concentrations of β-stabilizing elements suppress the α’ and α” transformations, allowing

the ω phase and twins to form instead [36, 66], with the ω phase forming in both the β matrix

and inside of the twins [66, 67]. If the β-stabilizer concentration is high enough, the ω-phase

transformation will also be suppressed and only twins will form [36, 68]. Clear cutoffs for low,

medium, and high β-stabilizer concentrations are not well defined in the deformation-induced

ω-phase literature. Comparing the β-phase stability can be difficult because different alloys are

often used, such as Xing and Sun’s Ti-23Nb-0.7Ta-2Zr-0.2O (at.%) alloy [69] and Ahmed et al.’s

Ti-10V-3Fe-3Al alloy [67], so Mo-Eq is used to help the comparisons. Each multiplier in the

Mo-Eq is determined by taking the critical minimum level of β-stabilizer content (βc)needed to

retain the β phase and dividing it by the βc of Mo (10) [17]. A higher βc value is associated with

a lower amount of β stability imparted by the element, while a lower βc value is associated with a

higher amount of β stability [17]. Table 2.2 gives the βc values and the multipliers from the Mo-Eq

(Equation 2.1) as given by Bania [17].
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Table 2.2: β-stabilizing elements with their associated βc values and Mo-Eq multipliers. The βc
wt.% values are the concentration of each alloying element needed to retain 100% of the β phase
upon quenching.

Elements βc (wt.%) Mo-Eq multiplier
Mo 10.0 1.0
V 15.0 0.67
W 22.5 0.44
Nb 35.7 0.28
Ta 45.0 0.22
Fe 3.5 2.9
Cr 6.5 1.6
Cu 13.0 0.77

In general, a low β-stabilizer concentration seems to refer to alloys with a Mo-Eq of less than

10 [70]. The β-phase stability range where the ω phase forms is a Mo-Eq of approximately

10–12.5 [67–71]. A range of ∼12 to 15 supports deformation-induced twin formation, with or

without the ω phase [71,72]. A Mo-Eq higher than ∼15 supports slip as the dominant deformation

mechanism [70]. These ranges are only general guidelines for β-Ti alloys and exceptions to these

ranges can be found, such as twins and ω phase forming along with α” martensite in a cold-rolled

Ti-24Nb-4Zr-8Sn alloy (Mo-Eq of ∼6.7) [66].

However, β-stabilizer concentration is not the only variable that affects deformation-induced

ω-phase formation. Grain size [44], processing route [67], and the existence of deformation

twins [65] have been shown to affect the volume fraction of the ω phase. In static-pressure

experiments, impurities such as O or N increased the pressure required to initiate the deformation-

induced ω-phase [62].

Severe shear plastic deformation during high-pressure torsion (HPT) has been shown to induce

the ω phase in Ti and its alloys. The torsion that the samples experience lowers the incubation time

for ω-phase formation at RT in Ti by approximately 27 h compared to static pressure alone [73]

and reduces the amount of pressure needed to generate the ω phase [74]. β-stabilizer concentration

affects the amount of ω phase in the material after HPT processing [75, 76]. However, Tane et

al. [77] and Panigrahi et al. [78] demonstrated that HPT processing can lead to the formation of a
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deformation-induced ω-phase in pure Ti and Ti-16.1Nb. The starting microstructure can affect the

number of turns needed to start theω-phase transformation [75] as well as the amount ofω phase in

the material formed after HPT [79]. HPT can also induce an α-to-ω phase transformation [73,79]

through atomic shuffles in the (0 0 0 1)α planes [75]. However, the α-to-ω transformation is not

guaranteed to form in all Ti alloys during HPT [79]. Wang et al. [44] and Edalati and Horita [80]

found that grain size is an important variable that influences theω-phase formation in bothβ-Ti and

pure Ti, with smaller grains lowering the amount of ω phase in the material, although temperature

was also a variable in the Edalati and Horita study [80].

Multiple morphologies are reported for the deformation-induced ω phase. In compression

testing, long, thin lamellar ω phases were generated [67]. During hot deformation in the β+α

region, a thin lamellar-like ω phase was reported to form [52]. Impact testing formed a plate-like

ω phase [81, 82]. Cold-rolling produced plate-like ω phase [66]. In polycrystalline Ta and Ta-W

alloys, the shock-generated ω phase had a zigzag structure with multiple interconnected ω-phase

variants [32]. Also, alloying Ta with the β-stabilizer W increased both the volume fraction and the

size of the ω phase [32].

2.4.2.2 Athermal ω phase

The athermal ω phase forms as well-dispersed particles during the quenching of β-Ti alloys from

above theβ transus temperature, when the (1 1 1)β plane collapse occurs as a result of the instability

of the β phase with respect to a specific mode of phonon [25, 40, 83]. ωath particles are less than

10 nm in size—usually between ∼2 and 5 nm [7, 39, 45, 66, 84–86], and are generally reported as

spheroidal [39, 52, 67, 85, 87] or ellipsoidal [45, 52, 84, 86]. Because quenching does not allow

diffusion to occur, ωath theoretically has the same composition as the surrounding β matrix [88],

with higher volume fractions forming in β alloys with β stabilizer concentrations close to the lower

limit of β-phase retention [33,48,89]. Hydrogen is known to limit the amount of ωath formed [8].

Rather than discrete diffraction spots, ωath is observed to lead to diffuse streaking in SAD

patterns as a result of the small size of ωath, local strain fields around ωath, and/or short-range
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correlated displacements in the β lattice [25, 51, 83, 90, 91]. Diffuse streaking in SAD patterns

is also observed when there is an incomplete collapse of the (1 1 1)β planes during the β-to-ω

transformation. Instead of being located at (0,0,0), (1/3,2/3,1/2), and (2/3,1/3,1/2), the atoms

have positions at (0,0,0), (1/3,2/3,1/2+δ), and (2/3,1/3,1/2-δ), where 0<δ<1/6. The value of δ

depends on the degree of plane collapse, which seems to be correlated with the β-stabilizer

concentration [34]. Although the existence of the partially collapsedω phase has been debated [83],

high-resolution STEM (HRSTEM) images have verified that this occurs [39, 43, 60]. Sometimes

referred to as “rumpled” ω [32], “rumpled-plane” ω [51], trigonal ω [34], “modulated” ω [92],

or “embryonic” ω [10,39,43,93], these “incommensurate” structures have also been reported with

the fully collapsed “commensurate” ωath after quenching [25, 39, 90]. However, it is important

to note that these ω structures can also form during heat treatments, causing diffuse streaking

in selected area diffraction patterns of quenched and isothermally aged samples [10, 94]. Figure

2.4 shows an example of the incommensurate ω phase as seen in high resolution transmission

electron microscopy (HRTEM), along with graphical representations of the incommensurate and

commensurate ω-phase structures.
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Figure 2.4: (a) Fully collapsed and (b) partially collapsed ω structures in Ti-Mo alloys as shown
in HRTEM images and (c) a schematic of the structures. (All images adopted from A. Devaraj et
al. Acta Materialia, vol. 60, no. 2, pp. 596–609, November 2011).

The different types of ω phase (deformation-induced, athermal, and isothermal) are differenti-

ated via their formation pathway (deformation, quenching, heat treatment). Because the incommen-

surateω phase can form through either quenching or heat treatment, labeling it as solely an athermal

or isothermal type of ω phase is not sufficient, and the literature to date has been inconsistent with

its nomenclature. Therefore, in the remainder of this work, the terminology “athermal ω phase” or
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“ωath” is used to mean a commensurate ω phase that forms through quenching and “isothermal ω

phase” or “ωiso” is used to mean a commensurate ω phase that forms during isothermal aging. To

refer to incommensurateω phase formed through the athermal pathway, “incommensurate athermal

ω phase” or “incommensurate ωath” is used. Similarly, “incommensurate isothermal ω phase” or

“incommensurate ωiso” is used to refer to incommensurate ω phase formed through the isothermal

pathway.

2.4.2.3 Isothermal ω phase

The isothermalωphase precipitates homogeneously in metastableβ-Ti alloys during low-temperature

heat treatments that favor the β-toω transformation over the β-to-α transformation [8, 25, 28, 33,

95–97]. Depending on the alloy, the lowest temperature that initiates the β-to-ωiso transformation

is between 150°C [42] and 280°C [98]. Most researchers use a temperature range of 300°C–400°C

to generate the isothermal ω phase [10,41–43,47,49,50,58,93,98–100], and 500°C is the highest

temperature reported to form ωiso [56, 101]. Using in situ synchrotron diffraction experiments,

Bönisch et al. [56] found that the ω phase lattice parameters remained relatively constant in both

Ti−28.5Nb and Ti−36Nb as they were heated from 300°C to 500°C.

ωiso has been found to nucleate at defects in the β matrix left by ωath after ωath reverts to

β phase during heat treatment [42, 102]. ωiso has also been found to grow from ωath [9, 40, 88].

Locations in the β matrix with lower concentrations of β-stabilizers due to nanoscale chemical

fluctuations are also favorable sites for ωiso nucleation [39, 43, 60].

During the growth of ωiso particles, alloying elements diffuse from the ω phase into the

surrounding β matrix [7, 33, 34, 98, 103]. APT is a powerful technique for investigating at the

sub-nanometer scale and provides spatially resolved composition of precipitate phases [104], and

APT studies of multiple binary β-Ti alloys clearly show that the ω phase is solute−lean (shown

in 2.5) [39, 49, 60, 84, 104]. For example, in a binary Ti-9.9Mo (at.%) alloy, the ellipsoidal

ω phase was found to have a Mo concentration near 2 at.% [39, 105]. More complex alloys

have also been studied using APT, showing that ωiso is depleted of both β- and α-stabilizing
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elements [9, 10, 47, 85, 93, 95, 96, 99, 106, 107].

Figure 2.5: (a) A Mo composition plot taken from a 1-D cylinder showing the Mo composition
difference between the β matrix and an ω-phase particle and (b) the associated Mo contour plot.
(Figure adopted from A. Devaraj, et al., "Three−dimensional morphology and composition of ω
precipitates in a binary titanium−molybdenum alloy," Scripta Materialia, vol. 61, pp. 701–704,
June 2009).

The size of ωiso particles depends on the time spent at the heat treatment temperature because

the particles coarsen with time. A range of 2–100 nm has been reported for ωiso particles generated

using various temperatures and times [39, 41, 43, 45, 59, 84, 85, 88, 95, 96, 100, 105, 108]. Moffat

and Larbalestier [108] have also shown that higher aging temperatures produce larger precipitates

for the same amount of time. Because of the small size of ωiso, transmission electron microscopy

(TEM) is the most effective microscopy technique for detecting the ω phase, although some studies
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have detected the presence of the ω phase using X-ray diffraction (XRD) [48, 101, 106,109].

The morphology of the ω phase is determined by the elastic strain energy in the crystal that

is due to the difference between the radii of alloying elements and Ti [40, 105] or by elastic

interactions between the ωiso particles [110]. ωiso particles in high-misfit systems, such as Ti-Cr,

have a cuboidal morphology with the flat surfaces parallel to the (1 1 0)β planes [7,105,108]. ωiso

particles in low-misfit systems, such as Ti-Mo, have an ellipsoidal morphology in which the major

axis is parallel to the ⟨1 1 1⟩β directions [7, 53, 105, 108] as a result of the elastic anisotropy of the

β phase, and an average ratio of the major to the minor axis of 3.56 [104]. With enough time, the

ellipsoidal ωiso particles in low-misfit systems become cuboidal because the elastic interactions

between the particles affect the morphology with increasing growth of ωiso [110]. Blackburn and

Williams [53] show this transformation from ellipsoidal morphology to a cuboidal morphology of

ωiso in a high-misfit Ti-V alloy. Figure 2.3 shows dark-field TEM images of ωiso particles with the

two morphologies. Furthermore, for a low-misfit Ti-6554 alloy, the morphology of ωiso—which

grew from an ellipsoidal incommensurate isothermal ω phase—was observed to evolve from more

lath-like to a mixed plate- and rod-like morphology as the annealing time increases at 300°C [10].

Because of the effects of ωiso on mechanical properties (covered in detail below), methods

have been developed to avoid precipitation of ωiso. Precipitation of the isothermal ω phase

can be avoided through the addition of alloying elements that increase the stability of the β

phase [101, 111, 112] or the α phase (such as oxygen or aluminum) [46, 112–114]. Heat treatment

temperatures above 500°C can be used to precipitate the α phase without precipitating the ω

phase [25, 28, 33]. However, the ω phase might still be precipitated if the heating rate to reach

temperatures above 500°C is slow enough to allow ω-phase precipitation or if the α ” phase was

present before heating and a fast heating rate is used [57, 115, 116]. Increasing the amount of time

the alloy stays at lower heat treatment temperatures (100°C–500°C) can cause the α phase to grow

into the ω phase, leaving only the α crystal structure and no ω crystal structure [10, 41, 43, 59];

in some alloys, however, ωiso can coexist with α after heat treatments of 192 h [43, 47]. ω-phase

formation can also be suppressed by large quantities of grain boundaries or dislocations that prevent
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(1 1 1)β plane collapse [28].

2.4.3 β-to-ω phase transformation mechanism

ωath and deformation-induced ω are formed through a displacive mechanism via atomic shuffling.

Driven by quenching or stress, the (1 1 1)β plane collapse occurs without diffusion. The displacive

collapse is reversible, as De Fontaine et al. showed through in situ TEMωath formation and reversion

in the temperature range of =171°C to 5°C, which prevented diffusion [83]. The combination of

temperature increase from electron irradiation and oscillations from inelastic scattering in a TEM

can also reverse the displacive collapse [87].

Current debate about the β-to-ω transformation centers around the athermal and incommen-

surate ωiso phases (which are early stages of ωiso). Nag et al. [60] and Devaraj et al. [39] found

evidence that incommensurate ωiso particles formed in pockets of slight Mo-depletion in a binary

Ti-Mo alloy during quenching, and Li et al. [10,43] found that the incommensurate ωiso particles in

Ti-6Cr-5Mo-5V-4Al were Mo lean. However, they clarified that the Mo-lean pockets were created

by second-order spinodal decomposition of the β phase and that the incommensurate ωiso phase

forms via a displacive mechanism within these Mo-lean regions [43]. Tane et al. [117] came to

a similar conclusion with their work in a Ti-V alloy system, showing that the ω phase can form

without diffusion in quenched-in V-lean pockets while aging at RT. In contrast, Ahmed et al. [57]

and Ng et al. [85] have found no change between the matrix composition and the composition of

the athermal ω phase. Coakley et al. [99] also did not observe the formation of ωath in Mo-lean

pockets in Ti-5Al-5Mo-5V-3Cr. Sun et al. [118] and Mantri et al. [119] both found no composi-

tional variation in a Ti-12Mo alloy associated with the formation of ωath, but both recorded sharp

diffraction spots—this suggests a lack of the incommensurate ω phase, which Nag et al. [60],

Devaraj et al. [39], and Li et al. [10] all observed forming in the Mo-lean pockets.

Recent work by Li and Min [120] appears to resolve the debate about the relationship between the

displacive collapse forming the athermal and incommensurate ωiso phases. Although independent

of diffusion, the displacive collapse that forms the athermal ω phase is not totally independent of
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composition. Li and Min [120] have shown in a Ti-Mo alloy that, although the ω phase can still

form in areas with Mo, stacking fault energy and charge density difference drive theω phase to form

in Mo-depleted areas. This supports predictions by Gullberg et al. [121] and earlier findings by

McCabe and Sass [122] thatωath is Ti rich, as well as with observations by Fan and Miodownik [61]

that the ω phase forms in solute-lean β phase areas more readily. Li and Min’s [120] work also

supports findings by Nag et al. [123] that suggested ωath/incommensurate ω phase particles were

associated with fluctuations in stabilizer concentrations. However, while ωath and incommensurate

ω phase prefer Mo-lean areas, their formation is still a displacive collapse and is not dependent on

diffusion to occur.

In contrast, ωiso is known to form via a diffusion mode. That is, elemental partitioning occurs

along with the (1 1 1)β plane collapse, creating an ω phase with a lower energy than the ω phase

generated through displacive collapse [111]. While ωiso has been shown to grow rapidly without

diffusion for short times (60 seconds) at the start of nucleation [40, 85, 118], the rejection of

the β stabilizers is important for ωiso growth because it stabilizes the ω phase by lowering the

energy of the structure and making the ω transformation irreversible [83]. Quenching before the

heat treatment and heating during isothermal aging are necessary to make the β-to-ω transition

more energetically favorable than the β-to-α transition, with faster quenching rates increasing the

number of ωiso precipitates formed [108, 114, 124]. This is attributed to the relationship between

ωath and ωiso because ωath locations in the β matrix have been shown to act as nucleation sites

for ωiso [34, 102]. However, the exact mechanism behind ωath-assisted precipitation of ωiso is

not known. Additionally, a slow heating rate is found to allow nucleation and growth of ωiso

particles from the β phase during heating [57, 115, 116], although Barriobero-Vila et al. [116]

have shown that if α” martensite is present, a faster heating rate increases the volume fraction of

ωiso compared to slower heating rates by activating the α”-to-ωiso transformation along with the

β-to-ωiso transformation.
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2.4.4 ω-assisted precipitation of the α phase

Another important phase transformation is theω-to-α phase transformation. ωiso is known to affect

the precipitation of the α and α” phases [24, 28, 40, 54]. The finely distributed α platelets formed

by ω-assisted precipitation were noted by Ohmori et al. [54] to have a significantly deviated habit

plane compared to the coarse α plates formed without ω-assistance. It should be clarified that ωath

and the incommensurate ωiso phases do not assist in α-phase formation [10,49,125,126], but they

can coexist with the α phase [10, 25]. The commensurate ωiso phase promotes the formation of

refined α-phase precipitates, thereby providing attractive mechanical properties for high-strength

applications [9, 24]. A fine-grained α-phase also formed in high-pressure torsion (HPT) samples

composed of the deformation-inducedω-phase when heated above 320°C, although the mechanical

properties of this α-phase have not been investigated [78].

Understanding ω-assisted precipitation of the α phase is key for tuning processing conditions

and/or alloy content to achieve desired mechanical properties. In the last 20 years, this topic has

been an active area of research, and APT has expanded the field of knowledge considerably.

In high-misfit systems where the ω phase has a cuboidal morphology, ledges between the β and

ω phases drive the ω-to-α transformation [49]. In low-misfit systems, the nucleation sites for the

α phase have been the subject of debate for years. Historically, three locations of α precipitation

have been considered:

1. The α phase precipitates at some distance from the ω/β boundary [97].

2. The α phase precipitates in the core of the ω phase [59].

3. The α phase precipitates at the ω/β boundary [57].

Azimzadeh and Rack [97] proposed that Al diffuses away from the ω phase into the β matrix

in a low-cost β-Ti alloy, providing an α phase nucleation point at some distance from the ω

phase, where it then grows toward—and looks like it is precipitating “in association” with—the

ω phase. Against this view, Prima et al. [59] have presented concurrent ω/α phase images that
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suggest the α phase forms in the core of the ω precipitate. The α phase might prefer nucleating

in the core of the ω phase as a result of the low amounts of β stabilizers present in the ω phase

compared to the heavily stabilized surrounding β phase, and the transformation would most likely

be a purely displacive reaction [42, 59]. TEM images of α particles with ω super cells at both

boundaries—which could provide evidence that the α phase nucleates in the ω phase core—have

been presented by Ahmed et al [57]. Ahmed et al.’s [57] TEM images could also provide evidence

for the α phase nucleating at the ω/β boundary because the α particles were coherent with both the

β and ω particles. HRTEM images by Furuhara et al. [127] also suggest that the α phase nucleates

at the ω/β boundary, although the α phase growing toward the boundary cannot be ruled out. Li

et al. [43] presented images similar to Furuhara et al. [127], but they determined that the α phase

did not nucleate in the β phase and grow toward the boundary through composition analysis. If

the α phase had nucleated in the β phase, the β stabilizer concentrations in the α phase would be

expected to decrease with time, which does not match experimental observations [43]. Chemical

driving force calculations by Shi et al. [128] indicate that the cuboidal ω/β interface is the most

favorable nucleation site for α phase, and subsequent HRSTEM work showed the presence of the

α phase at the cuboidal ω/β interface as predicted. Li et al. [10] and Zheng et al. [49] have also

presented images of the α phase that nucleated at the ω/β boundary, and the 3-D APT results in

the work of Zheng et al. [49] show the association of the ω and α phases.

Another much-disputed topic is the dominant nucleation driving force for ω-assisted α forma-

tion. Recent studies proposed that the elastic stress associated with the coherent ω/β interface,

compositional variation betweenωiso and the surroundingβ phase, and/or dislocations migrating to

or forming at the ω/β boundary could provide additional driving force to promote the precipitation

of the α phase [9,40,128]. A combination of those reasons could also influence α precipitation. To

ascertain the key nucleation driving force for ω-assisted α formation, the transitional stage before

and after the α phase forms must be identified. Li et al. [10] captured the transitional stage by

analyzing samples aged for 2, 4, 8, 12, 16, 24, 32, 48, and 192 h, respectively, at 573 K using

HRTEM and APT. They found that high elastic stress and O-rich regions present around the coher-

24



ent incommensurate-ω/β interface (at 12 h) do not assist α formation (see Figure 2.6) [10]. The

α phase forms only when the coherent interface becomes semi-coherent, suggesting that increased

interfacial energy serves as the dominant factor in triggering ω-assisted α precipitation [10]. In

addition, O trapped by ledges at the semi-coherent interfaces could provide an additional nucleation

driving force for ω-assisted α formation. These results are supported by the chemical driving force

calculations of Shi et al. [128] which indicate that a semi-coherent β/ω interface provides a lower

energy barrier to α phase nucleation than a coherent interface. However, while Shi et al. [128]

indicate that local enrichment of O at the ω/β interface could provide another chemical driving

force for α nucleation, they also argue that the energy associated with other factors could outweigh

the contribution of O and that more study is needed. Similarly to Shi et al. [128], Nag et al. [123]

concluded that coherency strains and local enrichment of Zr both played a role in the nucleation

and growth of α precipitates at the ω/β interface. Zheng et al. [9] also conclude from CALPHAD

studies that composition variance and coherency stress between the β and ω phases both play a

role in α nucleation. Thus, there is a lack of current consensus and more experimental evidence

combined with modeling studies are required to determine the key nucleation driving force behind

ω-assisted α formation.
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Figure 2.6: APT reconstructions of a Ti-6554 sample showing the relative positions of orange O-
rich regions compared to (a) Mo-lean regions in red (embryonicω phase) and (b) Al-lean regions in
blue (isothermal ω phase) and Ti-lean regions in pink (α phase). A close-up region of (b) is shown
in (c) and (d) highlighting the Al-lean and Ti-lean regions in (c) and the same Al-lean regions along
with the O-rich regions in (d). The concentration profile in (e) was made using Arrow 1 in (c), and
the profile in (f) was made using Arrow 2 in (c).

Furthermore, conclusions about O’s role in α phase nucleation have led to debate on O’s

significance in ω-assisted α nucleation. While O increases the range of α phase stability in Ti

alloys [7], it also suppresses the formation of ωiso. O suppresses ωiso by pinning the linear defects

that initiate the (1 1 1)β plane collapse [46] and/or by increasing the relative energy of the ω phase

and the energy barrier for theβ-to-ω transition [129]. Therefore, Li et al.’s [47] analysis that O-rich

regions were near the ω phase, and that those O-rich regions could drive α-phase nucleation, was

novel. Li et al.’s [47] claims are supported by Coakley et al.’s [130] results of a 27% higher
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concentration of O at the ω/β boundary compared to the β matrix. O-rich regions have also been

found near Mo-lean embryonic ω particles [93], and Coakley et al. [99] observed O-enrichment at

the ω/β boundary starting after 1 h of 300°C heat treatment of Ti-5Al-5Mo-5V-3Cr. Within ω-

phase particles, Niinomi et al. [106] have found a higher concentration of O than in the surrounding

β matrix, although the association between O, the ω phase, and the α phase was not reported.

Contradictory to those results, Zheng et al. [9, 49, 107] did not find a significant difference in O

concentration moving from the β phase to the ω phase. Instead, compositional differences of the

other alloying elements and strains at the ω/β boundary are presented as the driving force by these

studies.

The differing results about O’s role in α phase formation, along with the differing results about

the composition of athermal and incommensurate ωiso phase outlined above, could be because of

the varying alloy compositions used by the different studies and lack of worldwide standardized

approaches for APT data analysis procedures, especially when it comes to analyzing minor impurity

element concentrations. Comparing the alloys used in 22 studies by Mo-Eq, 15 different Mo-Eq’s

were investigated as shown in 2.3. It is clear that comparisons of mechanisms are not usually

made between alloys with similar Mo-Eq’s. For example, Ahmed et al. [57] compared their ωath

composition results from a Ti-5Al-5Mo-5V-2Cr-1Fe (Mo-Eq of 9.45) alloy to Devaraj et al.’s [39]

results for a Ti-18Mo alloy (Mo-Eq of 18). Along with different Mo-Eq’s, Ahmed et al.’s [57] alloy

is more complex than the binary Ti-18Mo alloy. Stabilizer types are not consistent either, with

some studies using alloys of four or more alloying elements of isomorphous- and eutectoid-type

stabilizers, while others use binary isomorphous systems.
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Table 2.3: Molybdenum equivalencies of alloys used in APT studies.

Alloy Mo-Eq Reference
Ti-1Al-8V-5Fe 18.86 [4]
Ti-18Mo 18 [39, 60, 86, 105, 107]
Ti-6Cr-5Mo-5V-4Al 13.95 [10, 43, 47, 93]
Ti-20V 13.4 [49]
Ti-18Mo-5Al 13 [107]
Ti-5Al-5Mo-5V-3Cr-0.5Fe 12.8 [131]
Ti-12Mo 12 [86]
Ti-10V-6Cu 11.3 [85]
Ti-38Nb-2Ta-3Zr 11.08 [96]
Ti-29Nb-13Ta-4.6Zr 10.98 [106]
Ti-24Nb-3Mo-3Zr-2Sn 9.72 [132]
Ti-5Al-5Mo-5V-2Cr-1Fe 9.45 [67, 133]
Ti-5Al-5Mo-5V-3Cr 8.15 [9, 95, 99]
Ti-24Nb-4Zr-8Sn 6.72 [134–137]
Ti-6Al-4V −3.32 [61]

Along with alloy composition, the APT experimental procedure can affect the reported compo-

sitions and spatial accuracy of APT results. Coakley et al. [130] have addressed this by comparing

their results to those of Li et al. [43], explaining how higher sample temperatures and laser energies

make quantitative concentration analysis more difficult and increase the potential for surface diffu-

sion, which affects spatial accuracy. Other studies, however, have not addressed how experimental

procedures can affect results. This can be seen in Ahmed et al.’s [57] comparison to Devaraj et

al.’s [39] work; Ahmed et al. [57] did not mention that they used pulsed-laser-assisted APT and

that Devaraj et al.’s [39] work used pulsed-voltage APT. In APT studies of the ω phase, the biggest

differences in experimental procedure are the pulsing mode (pulsed laser vs. pulsed voltage), oper-

ating temperature, and laser pulse energies. The APT experimental parameters used for a selection

of ω phase studies in β-Ti alloys are shown in Table 2.4. Unfortunately, not all settings are reported

in the literature for pulsed-laser-assisted APT.
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Table 2.4: Experimental procedure settings used for 16 different APT studies of the ω phase.

APT Operating Evaporation Voltage Laser Pulse Pulse Laser Reference
mode temperature rate pulse wavelength rate energy spot size

(K) fraction (nm) (kHz) (pJ) (µm)
Voltage 60 0.2-1.0% 20% [9,49]
Voltage 60 0.5-0.7% 20% [107]
Voltage 70 0.2-1.0% 20% [39,60,

85, 105]
Voltage 70 0.2-1.0% 30% [131]
Voltage 80 0.5-0.8% 10% [106]
Laser 60 0.005 ions/pulse 355 20 [4]
Laser 50 0.005 ions/pulse 355 250 70 2 [67]
Laser 50 0.005 ions/pulse 250 70 2 [43]
Laser 50 0.005 ions/pulse 80 [10]
Laser 50 80 [47, 93]
Laser 40 355 50 [95]
Laser 40 512 200 [95]

Both voltage pulsing and laser pulsing of APT have been used to analyze β-Ti alloys. In both

voltage and laser modes, higher specimen temperatures or higher laser energies can provide better

yield but poorer spatial resolution as a result of surface migration. Coakley et al. [99] found

that higher laser pulse energies reduced the volume fraction of the ω phase that is identified in a

sample, as shown in Figure 2.7. Coakley et al. [99] have also found that laser direction can influence

detection of the ω phase in Ti samples, with ω-phase particles on the same side as the laser being

more difficult to detect.
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Figure 2.7: An APT sample reconstruction showing how laser energy affects the detection of the ω
phase in β-Ti alloys. Adopted from J. Coakley, A. Radecka, D. Dye, P. A. Bagot, T. L. Martin, T. J.
Prosa, Y. Chen, H. J. Stone, D. N. Seidman and D. Isheim, "Characterizing nanoscale precipitation
in a titanium alloy by laser-assisted atom probe tomography," Materials Characterization, vol. 141,
pp. 129–138, 2018.

Finally, when it comes to using APT to analyze the composition of ω , β, and α phases, the

procedure selected for ranging the mass-to-charge spectra peaks of minor impurity elements such

as O can induce a significant amount of statistical variability. For example, the O1+ peak at 16 Da

can overlap with the Ti3+ peak, requiring a detailed peak deconvolution. TiO molecular peaks are

often minor and may not be indexed if the mass-to-charge spectra ranging is not conducted using

a log scale for the counts. Such variability in data analysis procedures must be accounted for to

facilitate accurate interpretation of the roles of minor impurity elements such as O in key phase

transformation mechanisms in alloys.

Thus, the different alloy compositions, variabilities in APT experimental parameters used, and

APT mass-to-charge spectra ranging procedures used in the research for ω-phase transformation
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Table 2.5: The Young’s modulus (E) and shear modulus (G) of the ω and β phases.

Phase Temperature Eiso (GPa) Giso (GPa) Reference
ω (simulation) 0 155 61 [77]

ω (polycrystalline) RT 152.8±0.6 60.1±0.3 [77]
β 1293 K 65 23 [140]

β (as-quenched) RT 78-103 34-43 [8]
β (aged) RT 100-124 40.7-43.3 [8]

in β-Ti alloys can make it difficult to conclusively use only the current body of work to resolve the

debates around the ω-phase transformation.

2.4.5 Effect of the ω phase on mechanical properties

A single crystal of ω phase is difficult to grow without high pressures, so the mechanical properties

of a single crystallineω phase have been determined using simulations and polycrystalline material.

Tane et al. [77] used HPT to create a polycrystalline ω microstructure to determine the mechanical

properties of the ω phase because the elastic tensor was calculated using simulations but had

never been verified experimentally. The ω phase was anisotropic, with the ⟨0 0 0 1⟩ direction

modulus equal to 201 ± 7.4 GPa and the ⟨1 1 2 0⟩ direction modulus being 70 GPa lower at 129

± 3.9 GPa [77]. The experimental ω-phase elastic tensor agreed well with the simulated elastic

tensor calculated using the tight-binding model [138] (shown in Table 2.5), and an experimental

isotropic elastic modulus was calculated to compare to the β phase [77]. The experimental and

calculated ω-phase shear moduli (G) also agree with the ω-phase G values calculated for pure

Ti by Salloom et al. [139]. While direct comparison to pure Ti with the BCC structure at RT is

not possible, the β values at 1293 K are included. Also included are a range of property values

compiled from multiple β alloys (β III, β C, Ti-1023, Ti-13V-11Cr-3Al, Ti-15V-3Cr-3Al-3Sn,

Ti-8Mo-8V-2Fe-3Al, Ti-15Mo-5Zr, Ti-15Mo-5Zr-3Al, Ti-8V-5Fe-1Al, and Ti-16V-2.5Al) at RT,

both as-quenched and aged, since processing can significantly affect the mechanical properties of

β alloys. More detail on aging treatments and corresponding modulus values for specific alloys

can be found in the Materials Properties Handbook: Titanium Alloys [8].
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While it is difficult to compare these moduli because of the variability in temperatures, the

experimental ω phase Young’s modulus (E) is approximately 30 GPa higher than the highest E

reached for β-Ti alloys, and the shear modulus (G) is approximately 17 GPa higher than the highest

β-Ti G. Therefore, the E and G values of the ω phase should contribute to an increase in the E

of β-Ti alloys when the ω phase is present. Hsu et al. [141] and Ho et al. [142] have observed

this, recording increases in the bending elastic modulus of ∼35 GPa and ∼20–40 GPa, respectively.

Coakley et al. [99] and Hsu et al. [109] also report an E increase as indicated by the increase in

slope in the elastic region of their tensile and bending tests, given in Figure 2.8 [142]. However,

this apparent increase is not observed for athermal ω microstructures. ωath tends to be neglected in

studies on the mechanical influence of the ω phase because it is generally thought not to affect the

mechanical properties of β-Ti alloys [8, 25, 40]. Unfortunately, because ωath cannot be prevented

during quenching of metastable or near-β alloys without changing the alloy composition to stabilize

theβ phase [45,143], the mechanical properties ofβ alloys with and withoutωath (such as Ti-15Mo

with ωath and Ti-15Mo without ωath) cannot be compared [40]. It is possible that ωath does affect

mechanical properties—one study by Ho [143] reports an increase in microhardness from 263 Hv

to 337 Hv associated with the presence of ωath. No extensive studies on the mechanical effects of

the incommensurate ω phase have been done so far.
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Figure 2.8: Bending test results showing the elastic modulus increase in β-Ti with ω-phase
microstructures. Adopted from Ho, W.-F., Pan, C.-H., Wu, S.-C., et al. “Mechanical properties
and deformation behavior of Ti–5Cr–xFe alloys,” Journal of Alloys and Compounds, V. 472, Nos.
1–2, 2009, pp. 546–50.

The ω phase also increases the microhardness of β-Ti alloys. Multiple studies have reported

an increase in microhardness after precipitation of the isothermal ω phase, regardless of alloy

composition [88, 90, 99, 101, 109, 115, 141, 144–147]. Although Jones et al. [25] attribute the

microhardness increase to precipitation of the nanoscale α phase, Coakley et al. [88] counter that

the observed hardness increase from 280 Hv to 400 Hv was due to the rapid precipitation of ωiso

during a 400°C heat treatment. ω phase microstructures have also exhibited higher microhardness

than martensitic α” microstructures by approximately 100 Hv [109], although the hardness of α”

martensite is not wholly intrinsic and is partly due to sliding interfaces. Hida et al. [90] found that

hardness increased with precipitation of the commensurate ω phase, as shown in Figure 2.9. The

results in Figure 2.9 also support the assumption stated above that the incommensurate ω phase

33



does not affect the mechanical properties of β alloys because the incommensurate ω phase did not

appear to affect microhardness [90]. Figure 2.9 is also a typical example of the scale of hardness

increase, as most hardness values were reported to start around 300 Hv and increase to 400–550

Hv [88,90, 101, 109, 141,145–147].

Figure 2.9: The effects of incommensurate and commensurate ω phases on the microhardness of
a Ti-20Mo alloy. Adapted from M. Hida, E. Sukedai and H. Terauchi, "Microscopic approaches
to isothermal transformation of incommensurate ω phase zones in Ti-20wt%Mo alloy studied by
XDS, HREM and EXAFS," Acta Metallurgica, vol. 36, no. 6, pp. 1429–1441, 1988.

The ω-phase microstructure also increases the tensile strength of alloys. Chandrasekaran et

al. [148] found that precipitating ωiso in a Ti-15Cr (at.%) alloy increased the yield strength (σy) of

the alloy by ∼186 MPa, and Mantri et al. [119] found that ωiso precipitation increased the ultimate

tensile strength (UTS) of Ti-12Mo by ∼525 MPa. Feeney and Blackburn [149] found that β + ω

microstructures in a Ti-11.5Mo-6Zr-4.5Sn alloy exhibited strengths up to 1500 MPa. Williams et

al. [150] found that the yield stress σy of Ti-10Mo (at.%), Ti-25V (at.%), Ti-8Mn (at.%), and β

III alloys increased when the ω phase was present and decreased when the α phase became the

dominant phase. Alloys that deform via the ω-phase transformation also exhibit higher σy than

alloys that deform via twins [68].
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The increase in elastic modulus and tensile strength due to the ω phase is accompanied by

embrittlement. In tension, embrittlement is shown by a decrease in ϵf when ω microstructures are

present, as Zhao et al. [48], Mantri et al. [119], Williams et al. [150], and Feeney and Blackburn [149]

documented in alloys that had precipitated the isothermal ω phase. The decrease can be seen the

most clearly in the Ti-18V alloy used by Zhao et al. [48] in Table 2.6 and is also demonstrated by

the drop in ϵf from ∼35% to < 5% with ωiso precipitation in the Ti-12Mo alloy used by Mantri

et al. [119]. Li et al. [100] has shown that ϵf in tensile deformation varies with ωiso, with higher

ωiso volume fractions corresponding to lower elongation to failure values. A drop in ϵf from

6.1% to ∼1.7% in a Ti-24Nb-4Zr-8Sn alloy was associated with the presence of isothermal ω-

phase microstructures [144]. Chandrasekaran et al. [58] also observed a drop in ϵf from 17% to

2% when ωiso was precipitated. When the 𝜔 phase was removed from the β matrix using heat

treatments, the ϵf increased from 2% to 6% [148]. These embrittling effects are only true for ωiso

microstructures because ωath does not embrittle alloys as does ωiso; Wang et al. [151] and Sun et

al. [118] observed no embrittling effects in binary Ti-Mo alloys. Chandrasekaran et al. [148] have

also found that ωath microstructures reach an ϵf of 13%, while ωiso microstructures reached 2%.

Salloom et al. suggest that the embrittling effects of ωiso are due to the increase in shear modulus

(G) as the ωiso precipitates become more Ti-rich, making them less plastically deformable and

more embrittling [139].

Table 2.6: The strengths and ϵf of the β and β+ω microstructures [48].

Alloy Microstructure Approximate Approximate Approximate
σy (MPa) UTS (MPa) ϵf (%)

Ti-18V β+ωath 730 830 28
Ti-18V β+ωath+deformation ω 750 1080 6
Ti-20V β+ωath 880 910 17
Ti-20V β+ωath+deformation ω 900 1050 10
Ti-22V β 910 900 11
Ti-22V β+deformation ω 950 980 10
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Bending tests also illuminate the embrittling effects of the ω phase. Hsu et al. [109] and Ho et

al. [142] found that alloys with ω-phase microstructures fractured during bending at significantly

lower deflections than alloys containing the ω + α or no ω phase microstructures. This can be

seen in the low deflections at the fracture of ω-phase microstructures (Alloys 2–5) in Figure 2.8,

compared to Alloys 1, 6, and 7, which completed the bending test without fracture [142]. Cleavage

facets were found on the fracture surfaces of the ω-phase microstructures [109, 142], which are

characteristic of decreased ϵf.

The embrittling effects of theω phase are thought to be because dislocations stop or bend around

ω particles, leaving high dislocation densities in the β matrix [150]. When dislocations do move

through the ω phase, they shear the ω phase, creating slip bands that can lead to crack nucleation

at low macroscopic strains [152], as shown in Figure 2.10. Recently, Lai et al. [96] have shown that

high densities of nanometer-sized (∼1.23 nm) ω phases suppress TWIP and TRIP effects. TWIP

and TRIP deformations have been shown to lead to a desirable balance of strength and ϵf in β

alloys [153], and the ω phase suppression of these effects leads to localized plasticity in dislocation

channels and reduction of ϵf values [96]. Sun et al. [118] have used low heat-treatment temperatures

and 60 second heat treatment times to avoid embrittlement while strengthening their Ti-12Mo alloy

through precipitation ofωiso. Their study pointed to diffusion being another cause of embrittlement

because the processing route was meant to precipitate ωiso without allowing significant diffusion

between the ω and β phases [118]. When diffusion did not occur, strengthening of the alloy from

ωiso was achieved but the true strain at fracture was still over 40%. When diffusion occurred, the

tensile strength of the alloys was observed to be highest, but the embrittling effects were also seen

manifested by the reduction of true strain at fracture to ∼3% [118].
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Figure 2.10: TEM micrographs of deformedβ alloys showing dislocation channels that areω-phase
free. Adapted from M.J. Lai, T. Li, and D. Raabe, “ω phase acts as a switch between dislocation
channeling and joint twinning- and transformation-induced plasticity in a metastable β titanium
alloy,” Acta Materialia, vol. 151, pp. 67–77, 2018.

Because the ω phase allows crack nucleation at low macroscopic strains, it can be detrimental

to fatigue properties [152]. However, ωiso microstructures have been found to retard fatigue crack

propagation significantly more than α-phase microstructures [154]. Nakai et al. [146] have also

found that the maximum cycle stress of their TNTZ alloy increased by ∼200 MPa after precipitation
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of the ω phase through a combination of cold-rolling and aging. In Feeney and Blackburn’s [149]

study, the fracture toughness of the β-Ti alloy was independent of ω particle size once the particles

were larger than ∼10 nm.

Although crack nucleation and embrittlement are reasons why processing routes and alloy

compositions are designed to avoid precipitation of theω phase,ω-assistedα-phase microstructures

have attractive mechanical properties. The ω phase can also influence the mechanical properties

of β alloys by preventing the formation of the martensitic α” phase [35, 41], which is detrimental

to the formability of β alloys [155].

The tensile behavior of β alloys is heavily affected by the size, morphology, and distribution

of α-phase particles in the β matrix, and fine-grained α-phase microstructures have exhibited high

strengths with higher ϵf than ω-phase microstructures [27]. Azimzadeh and Rack [97] found that

the hardness of a Ti-6.8Mo-4.5Fe-1.5Al alloy (TIMET LCB alloy) was highest with a combination

ω phase and α phase microstructures. Hsu et al. [109] and Ho et al. [142] found that alloys with

ω + α phase microstructures could withstand more deflection before fracture in bending tests than

alloys with only ω-phase microstructures. ω-assisted α-phase microstructures have been found

to be weaker than ωiso microstructures, as Williams et al. [150] showed when the σ𝑦 of Ti-10Mo

(at.%) dropped by ∼275 MPa with precipitation of the α phase; however, the strength was still

relatively high at ∼965 MPa, and the ϵf increased from 6% to 8%. The mechanical property

benefits of the ω-assisted α phase are driving research of processing routes that encourage ωiso to

form the ω-assisted α phase [9, 10, 49, 57, 59, 125].

2.5 The novel Ti-Cr-Fe-Al alloy system

As stated in Section 2.2, the use of β-Ti alloys in commercial applications is limited due to its

higher cost in comparison to cheaper steel and Al alloys [13, 15]. Low-cost alloying elements,

which can be substituted for the relatively expensive and commonly used vanadium (V), niobium

(Nb), and molybdenum (Mo), can help reduce the costs associated with β-Ti alloys and expand

their commercial applications [2]. Out of the elements that can be alloyed with Ti to create a β-Ti
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alloying elements Cr, Fe, and Al are all low-cost options. Cr and Fe are both lower-cost options

to Mo or V, and stabilize the β phase more than Mo or V, requiring less Cr and Fe to be used to

achieve the same β stability [17]. Al is a common low-cost α-stabilizer already used in alloys like

Ti-6Al-4V to promote α-phase formation.

Cr and Fe are both eutectoid-type β-stabilizers [17], and are known to affect the mechanical

properties of β-Ti alloys as well as the β-to-ω phase transformation. Increasing the concentration

of the β-eutectoid element Cr in binary Ti-Cr alloys affects E, σy, and UTS through solution

strengthening and athermal ω-phase formation [156]. Binary Ti-Cr alloys can also exhibit 5% of

the isothermal ω phase after short heating times (15 minutes) at 400 ◦C [157]. The eutectoid β-

stabilizer Fe can affect ω-phase formation by altering the β-phase lattice parameter [74]. However,

Fe exhibits a strong stabilizing effect on the β phase and promotes the ω-to-β phase transformation

[17, 158, 159]. Fe is also thought to inhibit the α-phase transformation by preventing long-range

diffusion of the β-stabilizing elements needed to undergo the β-to-α transformation [160]. The

α-stabilizer Al suppresses the athermal ω phase [161] and provides solid solution strengthening

for the α phase [2].

To understand the effects of how low-cost β-stabilizing and α-stabilizing alloying elements

affect the β-to-ω and β-to-α transformations, the novel Ti-Cr-Fe-Al alloy system was created for

this work.

Fe and Al were added to a base Ti-Cr alloy to determine their individual and synergistic effects

on the phase transformations. A 400 ◦C aging treatment was also chosen since it is within the

300 ◦C to 500 ◦C range of stability for the ω phase [10, 41–43, 47, 49, 50, 56, 58, 93, 98–101], and

an aging range of 0 to 24 h was chosen to allow precipitation of the ω and α phases.

2.6 Research gaps

After the above review of β-Ti alloys and their phase transformations, and the review of how the

alloying elements Cr, Fe, and Al affect the physical metallurgy ofβ-Ti alloys, the following research

gaps were identified:
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1. How do the β- and α-phase stabilizers affect the microstructure and mechanical properties

of the Ti-Cr alloy system after a β-homogenization treatment?

2. How do the β- and α-phase stabilizers affect the microstructural evolution during the phase

transformations in the Ti-Cr alloy system?

3. Where do such alloying elements (and interstitials) diffuse and how do they affect the phase

transformations?

4. How do the microstructural changes during the phase transformations affect the mechanical

properties of the Ti-Cr alloy system?

Understanding these research gaps can aid alloy and processing route design in β-Ti alloys. Such

understanding may be applicable to other materials that transform from the BCC structure to other

structures.

To investigate these research gaps, a baseline alloy containing nominally 12wt.% (11at.%) Cr

was chosen. Fe was the model β-stabilizer used in this study, at 1wt.% (0.85at.%) nominally. Cr

and Fe are both eutectoid-type β-stabilizers. Al was the model α-stabilizer used in this study, at

3wt.% (5.3at.%) nominally. All transformations were induced by a 400 ◦C treatment.

2.6.1 Research gap 1: how do the β- and α-phase stabilizers affect the microstructure and
mechanical properties of the Ti-Cr alloy system after a β-homogenization treatment?

Determining whether the small alloying additions of 0.85% Fe and 5.3% Al caused changes to the

microstructure and mechanical properties of the Ti-Cr system after undergoing aβ-homogenization

treatment is important for understanding how alloying element additions affect the β-phase mi-

crostructure in β-Ti alloys. As the β-phase microstructure can affect the subsequent phase trans-

formations, understanding the β-homogenized microstructure before the 400 ◦C treatment was

also critical for understanding the phase transformations and microstructural evolution detailed in

Chapter 6.
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As each alloy underwent the same levitation melting, hot forging, homogenization annealing,

and quenching processes, it was reasonable to assume that the microstructure of each alloy would be

similar. Also, the β-phase lattice parameters (aβ) of each alloy were expected to be less than those

for pure Ti, as aβ has been shown to decrease with increasing Cr content [162]. Similarly, since

each alloy contained similar Cr contents, the lattice parameters of each alloy were not expected to

differ significantly. Thus, the following hypotheses about the β-homogenized microstructures of

the Ti-Cr alloy system were made:

• The alloys were fully β-homogenized. If the α phase was present, it would appear at the

grain boundaries due to greater diffusion rates at the boundaries.

• The alloys would possess similar grain sizes.

• The alloying elements would be randomly distributed in the microstructure.

• The alloys’ β-phase lattice parameters would be less than that of pure Ti.

• The small additions of Fe and Al would not affect theβ-phase lattice parameters significantly.

Investigating these predictions was important since any α phase in the microstructure would in-

crease the strength, moduli, and hardness of the material compared to a fully β-homogenized

microstructure, and areas of compositional variation could affect the β-to-ω and β-to-α transfor-

mations during the 400 ◦C treatment. Different lattice parameters in each alloy could also affect

the β-to-ω and β-to-α transformations as well as the ω-assisted α-phase transformation, since

different aβ values could affect the strain at the ω/β boundary.

To test these hypotheses, diffraction was necessary to determine the phases present in the

microstructure and to determine the lattice parameters. XRD was chosen, as XRD could measure

a larger volume of material than other diffraction techniques, such as TEM selected area diffraction

or EBSD. However, if the α phase was present in volumes of less than 5 mass%, XRD would not be

able to detect it [163], so BSE SEM imaging was chosen to supplement the XRD measurements.

BSE SEM imaging would be able to view the β-stabilizer lean α phase because BSE imaging is
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sensitive to atomic number, and thus the α phase and β phases would have a contrast difference.

APT was chosen to measure the compositions of each alloy, as the sub-nanometer resolution of

the technique would be able to determine whether the alloying elements were randomly distributed

within the microstructure or whether nanoscale compositional variation existed. The resolution of

APT could also determine whether there was local ordering of the alloying elements, which could

affect the transformations or mechanical properties.

Assuming that each alloy exhibited similarβ-phase microstructures after theβ-homogenization

process, no significant differences between the hardness, σy, UTS, ϵf values, and fracture mecha-

nisms of each alloy were predicted. To test this hypothesis, Vickers microhardness and Rockwell

B hardness were used to determine the hardness values of each alloy, and tensile testing was used

to determine the σy, UTS, and ϵf values of each alloy. After tensile testing, the fracture surface of

each alloy was investigated using SE SEM imaging to determine the fracture mechanism. It was

expected that each alloy would experience ductile fracture, as the β phase is the most ductile phase

in Ti. Unlike the hardness, σy, UTS, ϵf values, and fracture mechanisms, the elastic moduli of the

alloys were expected to change with the Fe and Al additions. Considering that the Bo values of

Ti, Cr, Fe, and Al in BCC Ti were 2.790, 2.779, 2.651, and 2.426, respectively, adding Fe and Al

should reduce the bond strengths in the Ti-Cr alloys [164]. Reducing the bond strengths in the Ti-Cr

alloys should reduce the E and G values of the alloys as well. Overall, the following hypotheses

regarding the mechanical properties were proposed:

• The alloying element additions will not significantly affect the hardness, σy, UTS, ϵf values,

or fracture mechanisms of the alloys.

• The 0.85% Fe addition will reduce the bond strengths and moduli in TCF compared to TC.

• The 5.3% Al addition will reduce the bond strengths in TCA more than the 0.85% Fe addition

in TCF, and TCA will exhibit lower moduli than TCF.

• Adding both Fe and Al will reduce the bond strengths in TCFA the most, and TCFA will

exhibit the lowest moduli of TC, TCF, and TCA.
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These hypotheses could be tested using tensile testing to determine the E of each alloy and RUS

testing to determine the G of each alloy.

By utilizing XRD, SEM, APT, hardness, tensile, and RUS testing, the effect of Fe and Al

additions on the microstructure and mechanical properties of the Ti-Cr alloy system could be

investigated.

2.6.2 Research gap 2: how do the β- and α-phase stabilizers affect the microstructural
evolution during the phase transformations in the Ti-Cr alloy system?

The question of how the β- and α-stabilizers affect the microstructural evolution during the phase

transformations in the Ti-Cr alloy system is very broad. The β-stabilizer Fe and the α-stabilizer Al

have the potential to affect which phase transformations occur during the 400 ◦C treatment. The ω

and α phases are known to affect the strength, ϵf, and moduli of β-Ti alloys. The volume fraction

of each phase can also affect the strength, ϵf, and moduli, as phase volume fraction and mechanical

properties are related and can be predicted using techniques such as the rule of mixtures (ROM).

The composition of each phase can also affect the phase lattice parameters. Lattice parameters can

affect interfacial strain between phases, phase misfit, and transformations such as the ω-assisted

α-phase transformation. Thus, the question of how the alloying elements affect the microstructural

evolution during the phase transformations was narrowed to two specific questions:

1. How do the phase volume fractions change?

2. How do the phase lattice parameters change?

Since Fe is the strongest β-stabilizing element in the Mo-Eq, and since Al is an α-stabilizer,

the following effects of Fe and Al on the phase volume fractions were hypothesized:

• Fe would suppress α- and ω-phase formation, therefore lower α-and ω-phase volume frac-

tions would be expected in the Fe-containing alloys.

• The α-phase stabilizer Al would promote α-phase formation, and higher α-phase volume

fractions would be expected in the Al-containing alloys.
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To test these hypotheses, diffraction was needed to determine the phase transformations that oc-

curred in each alloy. 400 ◦C XRD was chosen to investigate the phase transformations in the bulk

material. The in-situ measurements allowed the phase transformations to be determined as they

occurred at 400 ◦C. To evaluate the phase volume fractions, Rietveld analysis and threshold analysis

were used. Rietveld analysis is a technique that can deconvolute the individual contributions from

each phase towards the measured XRD profile. This deconvolution allows the volume fraction of

each phase to be calculated, and applying the Rietveld analysis technique to the 400 ◦C XRD profiles

would determine the volume fractions of each phase as the transformations occurred. Threshold

analysis is a technique which determines what fraction of a darker contrast phase is present in a

BSE SEM image. By setting a threshold contrast value, summing the pixels in the image that are

darker than the set value, and dividing that sum by the total pictures in the image, the fraction of

the darker precipitates in the image is determined. Both techniques have benefits and limitations

towards calculating accurate volume fractions.

One strength of Rietveld analysis is that it can determine the volume fractions of individual

phases. The volume fractions calculated using Rietveld analysis are also bulk measurements, as a

larger volume of material is measured using XRD than can be measured using other techniques.

However, overlapping or broad peaks in the XRD profile can decrease the accuracy of the analysis.

Compared to Rietveld analysis, threshold analysis has more limitations, such as providing local

measurements, with many images needed to achieve a statistically significant result for the bulk

material. Also, if the contrast of two or more phases is similar, the threshold analysis cannot

distinguish between the phases. Contrast differences between β-phase grain could also affect the

accuracy of the measurement. Finally, threshold analysis is a 2D area measurements that can be

used to estimate the fraction of phases in a 3D volume. The benefit of threshold analysis over

Rietveld analysis is that the spatial distribution and morphology of the precipitate volume fractions

can be determined, i.e., it can be used to determine whether the precipitates form mainly along

grain boundaries, whether the volume fractions are coming from a few large precipitates or many

small precipitates, and whether the precipitates are randomly distributed throughout the β grains.
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To balance the benefits and limitations of each technique, Rietveld analysis was used to calculate

the volume fractions of the individual phases, and threshold analysis was used to verify the Rietveld

analysis and provide more information about the size, morphology, and distribution of the phases

within the microstructure through the BSE SEM images. To determine the phase transformations

and volume fractions, XRD measurements were taken every 0.5 h during the 12 h 400 ◦C treatment.

BSE SEM images were taken after 0.75, 1.5, 3, and 6 h of treatment. The measurement times and

relationships are provided in Figure 2.11 at the end of this section.

While the phase transformations occurred in each alloy, the alloying elements were expected to

diffuse. This diffusion could affect the phase lattice parameters, as the aβ of binary β alloys tend to

decrease with increasing β-stabilizer content [162, 165, 166]. The change in lattice parameters of

all three phases during the β-to-ω and β-to-α transformations is not well understood. Considering

the trend of binary β alloys and the radius differences between Ti and Cr, Fe, and Al, the following

changes in β-, ω-, and α- phase lattice parameters were hypothesized:

• The diffusion of the β-stabilizers from the α and ω phases into the β phase would increase

the stability of the β phase. The relative β-phase stability of the alloying elements would

decrease the β-phase lattice parameter.

• The diffusion of the α-stabilizer Al from the β phase into the α phase would affect the lattice

parameter of the α phase in the Al-containing alloys differently than the Al-free alloys.

• The rejection of all alloying elements except Ti from the ω phase would cause the ω-phase

lattice parameter to remain constant throughout the transformation. The Fe and Al additions

could affect the ω-phase lattice parameter, as different ω-phase lattice parameters have been

reported in different compositions of β-Ti alloys.

To test these hypotheses, diffraction was needed to determine the phase transformations and calcu-

late the phase lattice parameters during the phase transformations, and composition measurements

of each phase were needed. The phase transformations and lattice parameters were investigated

during the phase transformations using 400 ◦C XRD. Rietveld analysis was used with the 400 ◦C
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XRD data to determine each phase’s peak locations and their associated lattice parameters. To

measure the compositions of the nanoscale α and ω phases, a composition measurement technique

with high spatial resolution was necessary. APT, with its sub-nanometer 3D spatial resolution,

was ideal for determining the phase compositions in each alloy. The evolution of the phase lattice

parameters as a function of composition could be determined by combining the lattice parameter

results from the Rietveld analysis with the composition results from APT. To determine the phase

lattice parameters, XRD measurements were taken every 0.5 h during the 12 h 400 ◦C treatment.

APT measurements were taken after 0.75, 1.5, 3, 6, and 12 h of treatment. The measurement times

and relationships are provided in Figure 2.11.

Figure 2.11: The experiment matrix detailing the length of time the alloys spent at 400 ◦C before
each experiment.

2.6.3 Research gap 3: where do such alloying elements (and interstitials) diffuse and how
do they affect the phase transformations?

Diffusion of the β-stabilizers and α-stabilizers during the phase transformations could affect the

phase stability and phase lattice parameters. Phase stability could affect how likely the ω and α

phases are to nucleate and grow, which could affect phase size and volume fraction. The location of
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the alloying elements could also affect the where the ω and α phases precipitate, as they may prefer

β-stabilizer lean volumes, and the α phase may prefer Al- or O-rich volumes. The diffusion of

the β- and α-stabilizers during the phase transformations could also affect how quickly the ω and

α phases nucleate and grow, as the β-to-ω and β-to-α transformations use a displacive/diffusive

mechanism. These fundamental relationships between composition and microstructure can be used

to understand how local diffusion is related to the transformation from the BCC to other crystal

structures, and can be applied to alloy and thermomechanical treatment design to achieve desired

microstructures.

Since β-stabilizers increase the stability of the β phase, α stabilizers increase the stability of

the α phase, and the ω phase is known to reject all alloying elements, the alloying elements were

hypothesized to diffuse in the following ways:

• The β-stabilizers Cr and Fe would diffuse from the α and ω phases into the β phase.

• The α-stabilizer Al would diffuse from the β phase into the α phase.

• The ω-phase would reject any elements except Ti.

Since theβ-to-ω, β-to-α, andω-assistedα transformations tend to form fine microstructures, APT

was chosen to determine the compositions of each phase in the microstructure as it can be used

to measure compositions in 3D volumes with subnanometer resolution. With its sensitivity to all

elements in the periodic table, APT could also determine the location of the low atomic number

impurity elements, particularly O and H, in the microstructure.

O and H occupy interstitial sites in Ti lattices, and in high enough concentrations can form

oxides and hydrides with Ti [7, 167]. The impurity element O is an α-phase stabilizer, and could

play an important role in theω-assistedα-phase transformation, as explored above in Section 2.4.4.

O can also promote the formation of an α-phase layer known as "α case" along the surface of β-Ti

alloys. Along with changing the microstructure, interstitial O can also increase the hardness of the

α phase [7]. Thus, the following hypotheses regarding were made:
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• The interstitial O would be present in higher concentrations in the α phase than the other

phases.

• The interstitial O would be rejected from the ω phase and cluster at the ω/β boundaries,

which would promote the ω-assisted α-phase transformation.

The impurity element H is known for being detrimental to the strength and ϵf of β-Ti alloys

through hydrogen embrittlement [167, 168]. H can affect the fracture mode of β-Ti alloys at

concentrations below that needed to form hydrides in the β phase [167], thereby reducing the

strength of the alloys. Thus, studies of H in β-Ti alloys are important. H can also cause complex

fracture mechanisms such as hydrogen-induced decohesion in metastable β-Ti alloys with small

amounts of α phase [169–171]. The ratio of the solubility of H in the β phase to the solubility of H

in the α phase is 20:1 due to the higher number of interstitial sites in the BCC lattice compared to

the HCP lattice [168,172]. Because of the advantages of APT in measuring H, significant work has

been done to quantify H in materials using APT [173–176]. In Ti specifically, APT has successfully

measured the composition of titanium hydrides for comparison to phase diagram predictions [177].

H can be picked up in significant quantities during the FIB-based lift-out process for APT samples.

The platinum (Pt) precursor, used to protect the surface of the sample during the lift-out process

and to weld the sample to the microtip array for the APT experiments, was identified as a likely

source of H in APT samples [178,179]. H was hypothesized to behave in the following ways:

• The interstitial H would be present in higher concentrations in the β phase than in any other

phase. If enough H was present in the sample, equilibrium hydrides would form.

• During the FIB-based lift-out process for APT samples, a higher electron-beam accelerating

voltage during the decomposition of the Pt precursor would cause more gaseous H to be

released, and this would result in an increase in the H concentration in the APT samples.

The diffusion of the alloying elements, and the locations of O and H in the microstructure, were

investigated using APT after 0.75, 1.5, 3, 6, and 12 h of 400 ◦C treatment. Figure 2.11 in Section
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2.6.2 above provides a graphical representation of the APT experiments, and how they relate to

other microstructural characterization experiments.

2.6.4 Research gap 4: how do the microstructural changes during the phase transformations
affect the mechanical properties of the Ti-Cr alloy system?

The β-to-ω and β-to-α transformations are known to increase the strength and hardness of β-Ti

alloys [7]. The ω and α phases also affect the elastic moduli of β-Ti alloys, as the moduli of the

β, ω, and α phases are all different [77]. Since the β phase is the most ductile of the Ti phases,

any phase transformations are also expected to decrease the ϵf of β-Ti alloys. Out of all the phase

transformations, the ω phase is known to reduce ϵf the most, and microstructures containing the

ω phase tend to undergo brittle failure [48, 119, 149, 150]. Thus, the following hypotheses about

the mechanical properties of the Ti-Cr alloy system were made:

• The elastic moduli would increase with increasing volume fractions of the ω and α phases

according to the rule of mixtures.

• The σy and UTS values would increase with increasing volume fractions of the ω and α

phases.

• The hardness values would increase with increasing volume fractions of the ω and α phases.

• Increasing the ω-phase volume fraction would increase E, G, σy, UTS, and the hardness

more than increasing the α-phase volume fraction.

• Alloys containing any amount of the ω-phase microstructure would fail before yielding.

To test these hypotheses, various mechanical testing of the alloying after the β-to-ω and β-to-α

transformations had occurred was needed. Vickers microhardness testing could determine the

change in hardness after the β-to-ω and β-to-α phase transformations, and tensile testing could

determine the change in E, σy, UTS, and ϵf after the phase transformations. Resonance ultrasound

spectroscopy (RUS) could determine G as the phase transformations were occurring, as it could

49



be performed during the 400 ◦C treatment. The tensile testing could determine whether samples

containing the ω-phase microstructure failed before yielding via the tensile curves. In addition,

the fracture surfaces could provide information about the failure mode of the alloys, to determine

whether the ω phase affected the failure mode of the sample differently than the α phase.

The results of the mechanical testing could be coordinated with the results from the microstruc-

tural characterization. Through that coordination, the effects of the microstructural evolution on

the mechanical properties could be determined. Figure 2.12 shows the experimental matrix for the

mechanical testing experiments.

Figure 2.12: The experiment matrix detailing the length of time the alloys spent at 400 ◦C before
each mechanical property characterization experiment.
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CHAPTER 3

EXPERIMENTAL METHODS

This chapter presents the alloys investigated in this work, as well as the processing, sample prepara-

tion, characterization techniques, and experiments that were employed to complete this dissertation

research. Details on the alloy processing, including the information provided by Daido Steel Cor-

poration (Nagoya, Japan), are provided first, followed by a description of the aging treatments

used to induce the phase transformations in the alloys. Metallographic sample preparation and

microstructural characterization are listed next, followed by a description of the mechanical prop-

erty experiments. Because much of the necessary sample preparation was experiment specific,

sample preparation is not provided in a separate section and is instead included with information

on the individual experiments. Schematics and photos are provided to assist anyone interested in

reproducing each experiment.

3.1 Alloys

The four alloys investigated in this dissertation work were nominally Ti-11Cr, Ti-11Cr-0.85Fe,

Ti-11Cr-5.3Al, and Ti-11Cr-0.85Fe-5.3Al (at.%). All of the alloys were levitation melted in a

2kg, 90Dx80L LEV levitation induction furnace and hot forged at approximately 1047 ◦C into

25mmx60mmx250mm blocks. After hot forging, the alloys were subjected to a homogenization

anneal at 900 ◦C for 1 hour in a vacuum, then quenched in ice water at an estimated cooling rate

of 34.7 ◦C s−1. This cooling rate was necessary to prevent the formation of the α phase [180].

The bulk chemical compositions of Cr, Fe, and Al in the alloys were measured using inductively

coupled plasma atomic emission spectroscopy (ICP-AES) and the compositions of the impurity

elements C, O, and N were measured using non-dispersive infrared spectroscopy (NDIR) by the

Daido Steel Corporation (Nagoya, Japan). These bulk composition measurements are presented

together as ICP-AES/NDIR. The measured compositions are provided in both wt.% and at.% in

Table 3.1 as published in [181].
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Table 3.1: The chemical compositions of each alloy measured using ICP-AES/NDIR as provided
by Daido Steel Corporation.

Alloy Chemical composition
Ti Cr Fe Al C O N

TC wt.% Bal. 12.1 0.02 0.01 0.004 0.059 0.004
at.% Bal. 11.2 0.02 0.02 0.02 0.18 0.01

TCA wt.% Bal. 12.3 0.02 3.06 0.003 0.062 0.004
at.% Bal. 11.2 0.02 5.35 0.01 0.18 0.01

TCF wt.% Bal. 12.5 0.93 0.02 0.003 0.069 0.004
at.% Bal. 11.6 0.8 0.04 0.01 0.21 0.01

TCFA wt.% Bal. 12.4 0.93 3.02 0.003 0.11 0.004
at.% Bal. 11.3 0.79 5.28 0.01 0.32 0.01

3.2 Processing

The β-homogenized alloys were subjected to a 400 ◦C aging treatment to induce the β-to-ω and

β-to-α phase transformations. Each aging was performed in a quartz vacuum tube furnace. One

thermocouple was wrapped around the samples to monitor the sample temperature during the aging

treatment and another thermocouple was wrapped around the outside of the quartz tube to monitor

the surrounding temperature. A reliable connection between the sample and the thermocouple was

ensured before starting the furnace.

Samples were heated at a rate of 15 ◦C min−1. The aging time was measured from when the

sample temperature reached 400 ◦C. The aging times were for 0.75, 1.5, 3, 6, and 12 h. Once the

treatment time had elapsed, the quartz tube was removed from the furnace and atmospheric air was

allowed into the tube to air-quench the samples to RT.

3.3 Microstructural characterization

The microstructural characterization was accomplished according to the experimental matrices in

Figures 2.11 and 2.12 in Sections 2.6.2 and 2.6.4, respectively.
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3.3.1 Scanning electron microscopy

β-homogenized and 12 h aged samples for SEM imaging were cut from the forged blocks using

a diamond wheel cutter. The aged samples were mounted in a Conductomet conductive resin so

that three different perpendicular orientations, referred to as the cross-section, thickness, and top

orientations, could be polished using the same mount. Figure 3.1 shows these orientations with

respect to the original forged blocks. The mounted samples were ground and polished to a mirror

finish using standard metallographic procedures including SiC paper up to 1200 grit and water,

with a final polish containing a 50/50 mix of Struers OP-S Colloidal silica (0.02-0.04 micron) and

30% hydrogen peroxide. Samples from the β-homogenized and 12 h 400 ◦C aged conditions were

etched using Kroll’s reagent (2ml HF, 6ml nitric acid, 92ml distilled water).

Figure 3.1: The cross-section, top, and thickness orientations of the forged TC alloy block. These
orientations are consistent for all forged alloy blocks. The forged block is missing material that was
removed using electro-discharge machining to make dogbone-shaped tensile samples (see Figure
3.4 for reference).

The FEI Quanta 3D field emission gun (FEG) dual beam focused ion beam/scanning electron

microscope (FIB/SEM) at the Pacific Northwest National Laboratory (PNNL) was used to obtain

back-scattered electron (BSE) images and energy dispersive X-ray spectroscopy (EDS) measure-

ments of the β-homogenized and 12 h aged samples. EDS measurements were taken with a 30 kV

accelerating voltage.

0.75, 1.5, 3, and 6 h aged samples for BSE-SEM imaging were cut from the grip sections of the
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aged tensile samples and polished using 320 grit SiC paper and water. The samples were then ion

milled using a Hitachi IM4000Plus at 6 kV to reveal the microstructure. BSE photomicrographs

were taken using a Hitachi Regulus 8230 using 5.0 kV accelerating voltage and a photodiode

backscattered electron (PDBSE) detector at 70x, 10kx, and 80kx magnifications. A threshold

analysis was conducted using ImageJ software to estimate the volume fractions of the precipitating

phases in the HRSEM photomicrographs. For the threshold analysis, subsets of each image were

isolated and a threshold saturation value was set. Pixels that were darker than a set threshold value

were counted to determine the volume fraction of the precipitates.

The grain size of the β-homogenized samples was measured according to the method detailed

in ASTM standard E112-12 [182].

Fracture surfaces were cut from tensile samples using a diamond wheel cutter without damaging

the fracture surfaces and were imaged using a Tescan Mira III FEG SEM. Surfaces were imaged

using an accelerating voltage of 20 kV and beam current of 3 nA.

3.3.2 Transmission electron microscopy

Samples for scanning TEM (STEM) imaging were prepared from the 12 h aged and etched SEM

sample of TCFA. General procedures from Muehle et al. [183] were followed to manufacture the

FIB-liftouts for TEM imaging using a FEI Quanta 3D FEG dual beam FIB/SEM equipped with an

Omniprobe nanomanipulator at PNNL. STEM imaging of the 400 ◦C 12 h samples was completed

with a probe-corrected FEI Titan 80-300 operated at 300 kV with a high-angle annular dark-field

(HAADF) detector. The probe convergence angle was 18 mrad and the inner detection angle on the

HAADF detector was three times higher than the probe convergence angle.

3.3.3 Energy Dispersive X-ray Spectroscopy

The FEI Quanta 3D field emission gun (FEG) dual beam focused ion beam/scanning electron

microscope (FIB/SEM) at the Pacific Northwest National Laboratory (PNNL) was used to obtain
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BSE photomicrographs and energy dispersive X-ray spectroscopy (EDS) measurements of the

β-homogenized samples. EDS measurements were taken with a 30 kV accelerating voltage.

3.3.4 Atom probe tomography

Needle specimens for APT were taken from samples cut from the forged blocks using a diamond

wheel cutter and polished to a mirror finish using SiC paper up to 1200 grit with a final polish

of 50/50 mix of Struers OP-S Colloidal silica (0.02-0.04 µm) and 30% hydrogen peroxide. The

β-homogenized and 12 h 400 ◦C aged SEM samples were etched using Kroll’s reagent (2 mL HF,

6 mL nitric acid, and 92 mL distilled water).

Specimens from the β-homogenized and 12 h 400 ◦C aged conditions were prepared from the

polished bulk metallographic samples using a FEI Quanta 3D FEG dual beam FIB/SEM equipped

with an Omniprobe nanomanipulator at PNNL. The FIB-based lift-out and annular milling method

described in Thompson et al. [184] and Devaraj et al. [104] was followed. Associated images

and the standard operating procedure for the needle specimen manufacturing process can be found

in Appendix A. During the FIB-based lift-out and annular milling process, accelerating voltages

and beam currents were kept consistent for each sample, with the exception of the electron-beam

accelerating voltage during platinum (Pt) deposition. The accelerating voltage during Pt deposition

was either 30 kV or 5 kV. Each deposited Pt capping layer was approximately 1 µm thick on all

samples, regardless of accelerating voltage. Needle samples from the 0.75, 1.5, 3, and 6 h 400 ◦C

samples were made using the same standard procedures on a FEI Nova200 FIB at ORNL.

The CAMECA local electrode atom probe (LEAP) 4000X HR system was used for all APT

data collection. Pulsed-voltage mode with a 200 kHz pulse frequency, 50 K specimen temperature,

pulse fraction of 0.2, and a detection rate of 0.5% was used for all alloys in the β-homogenized and

12 h 400 ◦C aged conditions, for the TC 0.75 h and 1.5 h condition samples, and for some of the

TCFA 0.75 h and 1.5 h condition samples. Pulsed-laser mode with a 50 pJ laser energy, 200 kHz

pulse frequency, 30 K specimen temperature, and a detection rate of 0.5% was used for the TCA and

TCF 0.75 h and 1.5 h aged samples, and for some of the TCFA 0.75 h and 1.5 h aged samples. All
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data sets were analyzed using the Interactive Visualization and Analysis Software (IVAS) version

3.8.2.

3.3.5 X-ray diffraction

XRD samples were cut from the grips of the dogbone mechanical testing samples in the β-

homogenized condition and top orientation, and were polished using 320 grit SiC paper and water

to remove any macroscopic surface defects or oxidation-affected surface layers. The final sample

dimensions were 17 mmx17 mmx1.1 mm.

RT XRD was performed at Alfred University (AU) on a D8 Advance with an automatic sample

changer. Cu-Kα X-ray radiation was used and data was collected over a 2θ range of 25◦ to 75◦ .

400 ◦C XRD was performed using a Bruker-AXS (Madison, WI) D8 diffractometer with an

automatic sample changer, a Vantec linear position-sensitive detector, Cu-Kα radiation, and an

Anton-Paar HTK1200 furnace with ultra-high-purity nitrogen gas to prevent oxidation during

heating. The heating rate was 30 ◦C min−1 except for the beginning and ending of the heating

process, which had an exponential and logarithmic character, respectively. Data was collected

in situ over a 2θ range of 25◦ to 75◦ every 0.5 h during the 12 h 400 ◦C exposure. Along with

analyzing the XRD scans for peaks associated with Ti oxides, samples were visually inspected after

the HTXRD tests to determine if oxidation occurred during testing. No evidence of oxidation was

found in the data or during the visual inspection.

For each alloy, Rietveld analysis was performed on the 400 ◦C XRD data to determine the

volume fractions and lattice parameters of the β, α, and ω phases at each 0.5 h time step. The

Rietveld refinement and lattice parameter calculations were performed using the Topas software

package (Bruker-AXS). The Rietveld lattice parameter refinement for TC was accomplished using

software suite PDXL version 2 [185], and the weighted-profile residual for each Rietveld analysis

was between 4.87% and 7.85%. Table 3.2 contains the crystallographic information of the phases

considered for Rietveld refinement as cited in the ICSD database, and Figure 3.2 contains the phase

peaks and relative intensities considered for Rietveld refinement.
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Table 3.2: The crystallographic data of the β, α, and ω phases used for Rietveld refinement.

Phase a (Å) b (Å) c (Å) Structure Space Group Atom Positions (x,y,z) Reference
β 3.2100 - - Cubic Im3̄m(229) (0,0,0) (1/2,1/2,1/2) [186]
α 2.9508 - 4.6855 Hexagonal P63/mmc(194) (0,0,0) (1/3,2/3,1/2) [187]
ω 4.6000 - 2.82 Hexagonal P6/mmm(191) (0,0,0) (1/3,2/3,1/2) (2/3,1/3,1/2) [188]

Figure 3.2: The peak locations and relative peak intensities for the β, α, and ω phases, from [186],
[187], and [188], respectively.

3.4 Mechanical testing

The E, σy, UTS, and ϵf were determined using tensile testing. The shear modulus was determined

using RUS. The hardness was determined using Vickers microhardness and Rockwell B hardness

testing for the β-homogenized condition, and Vickers microhardness testing for the 400 ◦C treated

conditions.

The Vickers microhardness and tensile tests on the aged samples were performed after holding
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the samples at 400 ◦C for 0.75, 1.5, 3, 6, and 12 h. RUS testing was performed at RT before heating

to 400 ◦C, at 400 ◦C where measurements were taken every 5 minutes during a 24 h test, and after

cooling from 400 ◦C to RT.

3.4.1 Tensile testing

Samples for tensile testing were electro-discharge machine (EDM) cut from the forged blocks into

one of 2 ‘dogbone-shaped’ geometries according to the schematic in Figure 3.4(a). A photo of

the larger dogbone geometry samples with accompanying forged block is shown in Figure 3.4(b).

After being EDM cut, aged samples were subjected to the 400 ◦C aging described in Section 3.2

above. Before tensile or fatigue testing, surface defects and oxidation-affected surface layers were

removed using 320 grit SiC paper and water. The larger dogbone geometry in 3.3(a) was used for

tensile testing and fatigue testing. The smaller dogbone geometry illustrated in 3.3(b) was only

used for tensile testing.
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Figure 3.3: Schematic drawings of the (a) 122 mm long dogbone and (b) 65 mm long dogbone geometries used in tensile and fatigue
testing. All measurements are given in mm.
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Figure 3.4: A schematic of how the larger dogbone geometries were EDM cut from the forged alloy
blocks (a) and a photo of the larger dogbone geometry extracted from the TC forged block (b).

Prior to tensile testing, specimens were mechanically polished using 60 grit SiC paper and water

to remove any oxidation-affected surfaces that occurred during the 400 ◦C aging. After the initial

polish with the 60 grit SiC paper, the used paper was saved and reused to provide a final surface

polish. The used 60 grit SiC paper efficiently removed surface oxides and defects.

Conventional uniaxial tensile tests were performed using a MTS® servo-hydraulic testing ma-

chine, shown in Figure 3.5, equipped with an MTS® Flex Test 40 controller. All tests were per-

formed in an open-air environment at approximately 25 ◦C using a displacement rate of 0.025 mm
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per second. Strain was measured using an alumina-arm extensometer with a 12mm gage length

spring-pressed to the side of the gage section, as shown in Figure 3.6. σy, UTS, and ϵf were

calculated using sections 7.7.1, 7.10, and 7.11.5 of ASTM standard E8-E8M-13a, respectively, and

the σy and UTS values were reported according to section 7.13.1. The E was calculated using the

slope of the elastic portion of the engineering stress versus engineering strain curves. Two samples

were tensile tested per condition to evaluate the data reproducibility.

Figure 3.5: A digital image of the MTS® servo-hydraulic testing machine (with the chamber door
closed) used for the tensile and fatigue testing.
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Figure 3.6: A digital image of the mechanical testing setup with a larger dogbone geometry sample.
Shims were placed under the dogbone to facilitate gripping of the sample, and the alumina-arm
extensometer was spring-pressed to the side of the gage sample.

3.4.2 Hardness testing

Hardness testing was performed according to ASTM Standards E92-17 and E18-18a for Vickers mi-

crohardness and Rockwell B hardness, respectively. Vickers microhardness testing was performed

using a 500 gram-force load and a dwell time of 15 seconds.

For the β-homogenized condition, tests were performed for each alloy on the undeformed grip

sections of tensile test samples polished according to the procedures described in Section 3.4.1. A

total of 6 Vickers microhardness measurements were taken per alloy, with two measurements taken

on three separate samples. A total of 9 Rockwell B hardness measurements were taken per alloy,

with three measurements taken on three separate samples.
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For the aged samples, Vickers hardness tests were performed on samples prepared for SEM

imaging according to Section 3.3.1. 10 measurements were obtained per alloy and aging condition,

and all 10 measurements were taken on the same sample.

3.4.3 Resonance ultrasound spectroscopy

Resonance ultrasound spectroscopy (RUS) is a nondestructive vibration-based technique used to

measure the elastic properties of solid samples [189]. Samples for RUS measurements were EDM

cut from the forged blocks into cubes with dimensions of 4.5 mmx5 mmx5.5 mm, and polished

using 320 grit SiC paper and water to remove any surface defects or oxidation.

A commercial room temperature RUS (RUS008) was used to determine G before and after heat

treatment [189]. In situ RUS measurements were taken using a high-temperature stage employing

alumina buffer rods attached to piezoelectric transducers in a sealed chamber. Samples were

mounted with the diagonally opposite corners in contact with the piezoelectric transducers to

approximate free boundary conditions. Samples were heated at a rate of 45 ◦C min−1 to 400 ◦C,

followed by a 24 h heat treatment at 400 ◦C in flowing argon gas. Resonance spectra were

collected every 15 seconds for the first 2 h of the 24 h test, then every 5 minutes thereafter. The

excitation frequencies were between 170 to 194 kHz. This range contained the first peak in the

vibrational spectrum, the location of which was solved using the Los Alamos National Laboratory-

based software [189]. Since the first peak was almost entirely c44 dependent, the G could be

determined by converting the frequency of the peak positions into c44 using Equation 3.1, where

F was the frequency of the first peak and A was a multiplication factor determined from the fit

of the RT RUS scan after the 24 h aging and cooling. The A values used for TC, TCF, TCA,

and TCFA were 9.878 × 10−10 MPa Hz−2, 1.007 × 10−9 MPa Hz−2, 1.012 × 10−9 MPa Hz−2, and

9.9055 × 10−10 MPa Hz−2, respectively. Texturing of the sample prevented any peaks other than

the first peak from being fit.

𝑐44 = 𝐴 ∗ (𝐹2) (3.1)
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CHAPTER 4

RESULTS OF β-HOMOGENIZED ALLOYS

In this chapter, the results of testing the hypotheses concerning theβ-homogenized condition of each

alloy is presented. This chapter is divided into two sections, the first containing the microstructural

characterization of the β-homogenized alloys, and the second containing the mechanical property

characterization of the β-homogenized alloys.

The microstructural characterization in the first section includes the investigation of whether

the microstructure of each alloy was fully β-homogenized. Because each alloy underwent the

same levitation melting, hot forging, and β-homogenization process, the following hypotheses

were proposed:

• The alloys were fully β-homogenized. If this hypothesis is incorrect and the α phase was

present, it would appear at the grain boundaries due to greater diffusion rates at the boundaries.

• The alloys would possess similar grain sizes.

• The alloying elements would be randomly distributed in the microstructure.

• The alloys’ β-phase lattice parameters would be less than that for pure Ti.

• The small Fe and Al additions would not affect the β-phase lattice parameters significantly.

XRD was used to determine the phases present and the aβ of each alloy. BSE SEM was used to

observe the grain boundaries and grain interiors of each alloy, since XRD would not detect the α

phase if it was present in amounts less than 5 mass% [163]. SEM was also used to determine the

grain size of each alloy. The composition of the alloys and the distribution of the alloying elements

at the nanoscale was investigated using APT. The XRD, SEM, and APT results are presented in

separate subsections.

The mechanical property characterization in the second section includes the investigation of

how the small additions of Fe and Al affected the hardness, tensile properties, and shear modulus
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of each alloy. While the alloys were not expected to have significant microstructural differences,

the moduli were expected to change as Ti, Cr, Fe, and Al each have different bond orders in Ti,

2.790, 2.779, 2.651, and 2.426, respectively. The following hypotheses regarding the mechanical

properties were proposed:

• As the microstructure of each alloy was hypothesized to be similar, the σy, UTS, ϵf values,

and fracture mechanisms should also be similar.

• The 0.85% Fe addition will reduce the bond strengths and moduli in TCF more than in TC.

• The 5.3% Al addition will reduce the bond strengths in TCA more than the 0.85% Fe addition

in TCF, and TCA will exhibit lower moduli than TCF.

• Adding both Fe and Al will reduce the bond strengths in TCFA the most, and TCFA will

exhibit the lowest moduli of TC, TCF, and TCA.

Vickers microhardness testing was used to determine the effect of the alloying element additions on

the hardness of each alloy. RUS was used to determine the effect of the alloying element additions

on G. Tensile testing was used to determine the E, σy, UTS, and ϵf of each alloy, and SE SEM

imaging of the tensile test fracture surfaces was used to investigate the fracture mechanisms of

each alloy. The Vickers microhardness, RUS, tensile testing, and SE SEM images of the fracture

surfaces are presented in separate subsections.

4.1 Characterization of the β-homogenized microstructure

The microstructures of each alloy were investigated using XRD, BSE SEM imaging, and APT, to

determine the phases present in each alloy and their lattice parameters, the grain sizes of each alloy,

the composition of each alloy, and the alloying element distribution within each alloy.

The XRD and BSE SEM results indicated that each alloy was fully β-homogenized. XRD

results showed only peaks associated with the β phase in each alloy, and no α phase was observed

along the grain boundaries using BSE SEM imaging. The Fe and Al additions did not affect aβ

significantly.
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Even though the alloys underwent the same processing, TC exhibited the smallest grain size.

TCF and TCFA exhibited similar grain sizes, and the grains were twice as large as those in TC.

TCA exhibited the largest grain size, at nearly triple the size of those in TC.

The APT analysis indicated that the alloying elements were randomly distributed throughout

the material. The Ti and Cr atoms exhibited a greater association than Ti and Ti, Ti and Fe, or Ti

and Al. This was most prevalent in TC.

The results of the XRD, SEM, and APT experiments are presented below. The discussion of

why the hypotheses were verified or not can be found in Section 5.1.

4.1.1 XRD

RT XRD scans of the top face of each β-homogenized alloy revealed peaks corresponding to the

(1 0 1), (2 0 0), and (2 1 1) β-phase crystallographic planes, see Figure 3.1. No other phase peaks

were visible, indicating that the microstructure was purely β phase, or that any other phases were

present in amounts less than 5 mass% [163].

Figure 4.1: Intensity versus 2θ XRD plots of the top face of the β-homogenized TC, TCF, TCA,
and TCFA alloys, showing the (1 0 1), (2 0 0), (2 1 1), and (2 0 2) β peaks.

Bragg’s Law, provided in Equation 4.1, was used to calculate the BCC lattice parameter (aβ) for

each alloy. For each alloy, 𝑑 was the spacing between the (2 0 0)β planes, λ was the monochromatic

wavelength of Cu-Kα radiation (1.54Å), and θ was the angle of the incident X-ray on the sample.
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As aβ is the distance between the (1 0 0)β planes, and 𝑑 was the spacing between the (2 0 0)β

planes, aβ was twice the value of 𝑑. Table 4.1 lists the calculated aβ values. The pure Ti RT lattice

parameter was calculated because the β phase does not exist in equilibrium in pure Ti at RT [166].

As expected, adding Cr reduced the lattice parameter from the theoretical Pure Ti lattice parameter.

Also as expected, the small additions of Fe and Al did not significantly affect aβ.

𝜆 = 2 𝑑 sin 𝜃 (4.1)

Table 4.1: The calculated β-phase lattice parameters of the TCFA alloys. *Calculated value
from [166]

Alloy D8 Advance lattice parameter (Å)

Pure Ti* 3.282±0.003
TC 3.22
TCF 3.22
TCA 3.22
TCFA 3.22

4.1.2 SEM

Each alloy was characterized using SEM imaging in three orientations, which were referred to

as cross section, thickness, and top, see 3.1 in 3.3.1. The α phase rejects β-stabilizing elements

such as Cr and Fe during precipitation and growth [131], which allows the α phase to be identified

using Z-sensitive BSE imaging. Thus, high-magnification BSE imaging was used to help identify

the α phase, which would appear as a darker contrast phase within the lighter-contrast β-phase

grains or along the β-phase grain boundaries. The samples were imaged before and after etching.

Representative images of the etched samples of each alloy are provided in Figure 4.2. The α phase

was not observed in any orientation of the alloys.
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Figure 4.2: Representative BSE-SEM photomicrographs of the cross-section of the (a) TC, (b)
TCF, (c) TCA, and (d) TCFA alloys.

While the α phase was not observed within the bulk of the alloys, a darker phase was observed

in areas of each alloy that were previously the surfaces of the forged blocks. The darker phases

extended between 200 µm and 300 µm from the surface, and EDS element maps of the phases found

that they were Cr-poor, see Figure 4.3. Higher amounts of impurity elements O, C, and N were

also present at the surfaces of the forgings, see Figure 4.3. The size, morphology, lack of Cr, and

presence of O and N suggests that the darker phase at the surface of the forging is a layer of α-phase

precipitates known as "α case," and most likely was formed when O and N were absorbed into the

surface of the forged block during the elevated temperature thermo-mechanical processing steps or

during the 900 ◦C homogenization anneal, as described in Gammon et al. [190]. Since no APT or

mechanical testing samples were taken from the edges of the forgings, this α case layer could not

have affected any of the experimental results in this work.
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Figure 4.3: A (a) BSE-SEM photomicrograph of a β-homogenized TC sample showing the α case, and the element maps of (b) Ti, (c)
Cr, (d) O, (e) C, and (f) N.
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Each forged block was evaluated in the top, thickness, and cross-section orientations in order

to estimate the average β-phase grain size. The β-homogenized SEM samples were etched with

Kroll’s reagent, as described in Section 3.3.1, to make each grain visible. The grains were visible

after etching in all alloys and orientations, and representative images of the cross-section orientation

of all alloys can be found in Figure 4.2. In some grains, plate- or needle-shaped lamella appeared.

To determine whether the lamella were a secondary phase, EDS measurements were taken to

determine their composition, see Figure 4.4. The EDS element maps indicated that the alloy

composition did not vary within the lamella. As such, the lamella were considered to be surface

topography, and an artefact of the etching process.

Figure 4.4: Representative BSE photomicrograph of the lamella visible on the surface of TCA (a)
with EDS element maps of (b) Ti, (c) Cr, (d) and Al. The lack of compositional variation suggested
that the lamella in (a) were the result of surface topography from etching and not a different phase.

The β-phase grain sizes were measured from the etched samples for each orientation according

to ASTM standard E112-12 [182]. Three images, taken at 120x, 200x, and 500x, were used to

measure the grain size. Procedures for measuring the intercept length, outlined in section 16.3

of ASTM E112-12 [182], were used with the randomly placed test line method. The mean lineal

intercept lengths (𝑙) were calculated from the total test line length (𝐿), the magnification of the

image (𝑀), and the total number of intersections (𝑁) according to Equation 4.2 (developed from

equations 10 and 12 in ASTM E112-12 [182]):

𝑙 = 𝑁̄−1
𝐿 =

𝐿/𝑀
𝑁

(4.2)

and the values are provided for each orientation in Table 4.2. To calculate the overall mean lineal

70



intercept length ("Overall Mean" in Table 4.2), 𝑁̄𝐿 was calculated according to Equation 4.3:

𝑁̄ = (𝑁̄𝐿𝑡ℎ𝑖𝑐𝑘𝑛𝑒𝑠𝑠 ∗ 𝑁̄𝐿𝑡𝑜𝑝 ∗ 𝑁̄𝐿𝑐𝑟𝑜𝑠𝑠−𝑠𝑒𝑐𝑡𝑖𝑜𝑛)1/3 (4.3)

The average 𝑁̄ was used to calculate the grain size number, also reported in Table 4.2, according

to ASTM E112 [182].

Adding Fe or Al resulted in an increased grain size in all three orientations, see Table 4.2.

The addition of Fe approximately doubled the grain size while the addition of Al nearly tripled

the average grain size. However, when 5.3% Al was added to TCF, the average grain size only

increased by 20%. Thus, Fe appears to limit the ability of Al to increase the grain size. Overall, by

adding both Fe and Al to TC, a greater than doubling of the average grain size resulted.

Table 4.2: Summary of the measured grain sizes for TC, TCF, TCA, and TCFA.

Orientation TC TCF TCA TCFA
𝑙, Cross-section (µm) 33.9 50.9 84 57

𝑙, Top (µm) 46 86.8 134.2 78.4
𝑙, Thickness (µm) 27.1 52.3 94.2 89.1
Overall mean (µm) 34.9 61.3 102 73.6

Grain size number (G) 6.4 4.8 3.3 4.2

4.1.3 APT

APT was used to investigate nanoscale compositional fluctuations because the relatively large

interaction volume of the 30-keV electron beam limits the sensitivity of the BSE image contrast

to composition fluctuations above 1 µm [191]. Nanoscale α-phase precipitation, which could not

be resolved by SEM BSE imaging, has been reported in other β-Ti alloys depending on specific

thermomechanical treatments [4]. If such nanoscale α-phase precipitation occurred in any of the

alloys, it would induce a nanoscale compositional partitioning that APT is able to measure.

Since the composition of each β-homogenized alloy was measured using APT and ICP-

AES/NDIR, the measured composition from each technique was compared, see Table 4.3.
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Table 4.3: Alloy composition measured via APT, with ±1 standard deviation, compared with composition measured via ICP-AES/NDIR
and SEM-EDS. All SEM-EDS measurements were taken from a sample area of approximately 1200 µm by 1200 µm (see Figure 4.3 for
an example region from which the EDS measurement was taken). * indicates no standard deviation.

Alloy Method Ti (at.%) Cr (at.%) Fe (at.%) Al (at.%) C (at.%) O (at.%) N (at.%)

TC

APT 84.7 ± 1.1 14.1 ± 1.3 0.03 ± 0.005 0.01* 0.91 ± 0.31 0.21 ± 0.04 0.02 ± 0.02
ICP-

AES/NDIR 88.5 11.2 0.02 0.02 0.02 0.18 0.01

TCF

APT 83.9 ± 0.1 14 ± 0.05 0.94 ± 0.11 0.08 ± 0.04 0.68 ± 0.08 0.32 ± 0.05 0.03 ± 0.001
ICP-

AES/NDIR 87.3 11.6 0.8 0.04 0.01 0.21 0.01

TCA

APT 79.7 ± 0.2 13.7 ± 0.1 0.04 ± 0.02 5.71 ± 0.26 0.49 ± 0.09 0.23 ± 0.03 0.13 ± 0.13
ICP-

AES/NDIR 83.3 11.2 0.02 5.35 0.01 0.18 0.01

TCFA

APT 79 ± 0.14 13.3 ± 0.14 1.1 ± 0.16 4.48 ± 1.39 0.85 ± 0.54 0.32 ± 0.05 0.93 ± 0.79
ICP-

AES/NDIR 82.3 11.3 0.79 5.28 0.01 0.32 0.01
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The Cr concentrations of the alloys measured from APT are approximately 2-3% higher than

the bulk Cr concentrations reported by Daido Steel using ICP-AES/NDIR. The concentrations of

Al in TCA and TCFA differ, with TCA containing 0.36 at.% more Al than the ICP-AES/NDIR

measurement, and TCFA containing 0.8 at.% less. Higher amounts of C were also measured in the

APT tips than in the bulk ICP-AES/NDIR samples. Gallium, which can be implanted during the

FIB/SEM lift-out process, was present at concentrations of less than 0.07% in all samples used for

this study.

The difference between the APT and ICP-AES/NDIR concentrations could be because APT

measured the dissolved H concentration in the alloys while ICP-AES/NDIR did not. To directly

compare APT to ICP-AES/NDIR, the APT results in Table 4.3 were also calculated while excluding

the H ions from the analysis. However, this could lead to skewed concentration values. The

elemental concentrations of TC and TCFA including H were significantly different than when H

was excluded, see Table 4.4. TC and TCFA contained 32.7% and 15.4% H, respectively. In

contrast, TCA and TCF contained between 2% and 4% H, and the concentrations with and without

H are similar. Because the compositions of TC and TCFA do not significantly differ from TCF and

TCA when H is not included in the analysis, the H-free calculations are still considered reliable. It

is believed that the H in TC and TCFA was introduced during the sample preparation process, and

more detailed results and discussion of H are provided in Sections 6.1.3.3 and 7.1.3.3, respectively.

APT was also used to investigate the presence of nanoscale compositional fluctuations not easily

seen in the elemental distribution maps. To check for local elemental ordering/clustering in these

alloys, a frequency distribution analysis was performed using 100 atom bins [192], and the results

are provided in Figure 4.5(b-e). For a homogeneous solid solution, the observed frequency distri-

bution should match a calculated binomial distribution [193]. All observed measurements seem to

match well to the binomial distributions, see Figure 4.5(b-e), suggesting that the compositions are

homogeneous in the volumes analyzed via APT. The largest visible difference between the observed

and binomial distributions was in the Ti distribution of the TC alloy, suggesting order/clustering of

the Ti atoms.
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Table 4.4: Alloy composition measured via APT (calculated with and without H included, ±1 standard deviation). * indicates no standard
deviation available.

Alloy H (at.%) Ti (at.%) Cr (at.%) Fe (at.%) Al (at.%) C (at.%) O (at.%) N (at.%)

TC - 84.7 ± 1.1 14.1 ± 1.3 0.03 ± 0.005 0.01* 0.91 ± 0.31 0.21 ± 0.04 0.02 ± 0.02
32.7 ± 16.7 57.1 ± 14.6 9.40 ± 1.7 0.02 ± 0.003 0.01* 0.65 ± 0.3 0.14 ± 0.05 0.02 ± 0.01

TCF - 83.9 ± 0.1 14.0 ± 0.05 0.94 ± 0.11 0.08 ± 0.04 0.68 ± 0.08 0.32 ± 0.05 0.03 ± 0.001
2.57 ± 0.3 81.7 ± 0.4 13.7 ± 0.1 0.92 ± 0.11 0.07 0.04 0.66 ± 0.08 0.31 ± 0.05 0.03 ± 0.001

TCA - 79.7 ± 0.2 13.7 ± 0.1 0.04 ± 0.02 5.71 ± 0.26 0.49 ± 0.09 0.23 ± 0.03 0.13 ± 0.13
3.47 ± 3.1 76.9 ± 2.2 13.2 ± 0.6 0.04 ± 0.02 5.52 0.4 0.48 ± 0.08 0.22 ± 0.03 0.12 ± 0.12

TCFA - 79.0 ± 0.14 13.3 ± 0.14 1.1 ± 0.16 4.48 ± 1.39 0.85 ± 0.54 0.32 ± 0.05 0.93 ± 0.79
15.4 ± 14.0 66.7 ± 10.4 11.3 ± 1.77 0.94 ± 0.26 3.93 1.69 0.76 ± 0.54 0.27 ± 0.06 0.70 ± 0.48
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Figure 4.5: The (a) APT elemental distribution maps of a TCFA sample, which are representative
of the elemental distributions in each alloy, showing a uniform distribution of ions. The frequency
distribution functions for (b) TC, (c) TCF, (d) TCA, and (e) TCFA. The functions are representative
of all samples studied, and include the Pearson coefficients (µ) for each distribution.
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To quantitatively evaluate the composition distributions, the Pearson correlation coefficient (µ),

which measures deviance from a random solid solution [194, 195], were calculated. µ was used

instead of a χ2 value because µ is independent of dataset size [193, 196]. A µ equal to 0 indicates

a binomial distribution, while a µ equal to 1 indicates complete association between the chosen

atoms [196]. Agreeing with the observation that the Ti distribution was less random in TC, the

calculated µ of 0.265 for Ti in TC was the highest for Ti in each alloy. This µ value suggests that Ti

is distributed more non-uniformly in TC than in the other alloys, which could affect the mechanical

properties and phase transformations of the alloy. While other smaller deviations are visible in the

frequency distributions in TCF, TCA, and TCFA, µ was <0.1 for all other distributions, indicating

a closer to ideal homogeneous distribution in those alloys.

While the element distribution maps provided qualitative visual information regarding any

partitioning of the elements and the frequency distribution analysis gives quantitative information

on overall compositional segregation, radial distribution function (RDF) analysis can provide

information on the spatial relationships of atoms [192]. RDF analysis provides information on the

local neighborhood of the specified atoms in a radial direction, which allows for the determination

of local ordering/clustering that other techniques cannot identify. RDFs for each alloy were created

with respect to the ions from the Ti2+ peak at 24 Daltons (Da). This peak was selected because

there was no overlap with other peaks in the Ti-Cr-Fe-Al alloy mass spectrum. Similarly, the 26

Da Cr2+, 28 Da Fe2+, and 13.5 Da Al2+ peaks were used in the analysis. The shell thickness

for RDF was kept at 0.1 nm and RDF analysis was conducted for a maximum distance of 2 nm

from the center Ti atoms. Because the first and second nearest neighbors can affect the E and G

values in BCC metals, such as Ti, which show an allotropic transformation to the FCC or HCP

phase [164], the distances from the center Ti atoms were normalized by aβ (3.22Å), which is the

distance of the second nearest neighbor, see Figure 4.6. The RDFs were then normalized with the

bulk concentration of each alloy to obtain the bulk normalized concentration shown in Figure 4.7.

Each bulk normalized concentration plateaued after reaching aβ.
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Figure 4.6: The BCC unit cell with a lattice parameter of 3.22Å, showing the distance between the
first and second nearest neighbors.

Figure 4.7: APT radial distribution functions of elemental concentrations for (a) TC, (b) TCF, (c)
TCA, and (d) TCFA.
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When the bulk normalized concentration of two atoms are greater than 1, there is a positive

correlation, while a value of 1 indicates no correlation, and a value less than 1 means anti-

correlation. At distances greater than 0.5 nm, the RDFs settle into constant values close to 1 for all

alloys. However, within the first 0.5 nm, specific correlation trends are observed between center Ti

atoms and all the other elements in all alloys. Ti had a positive correlation with Cr for each alloy.

Ti also shows a slight positive correlation for other Ti atoms in TC. Fe has an anti-correlation in

TCA and TCFA, with bulk normalized concentration being less than 1 in both alloys, although a

correlation of 1 is approached as the distance increases to that of the first nearest neighbor. Al has

an anti-correlation up to the second nearest neighbor in TCA and TCFA.

Although Ti-Cr and Ti-Ti showing a greater than 1 value appears to be contradictory, it is

possible since each sample contained impurity elements such as O, H, or Ga, see Table 4.4, that

were not included in the RDF analysis. Since the impurity elements were not included, it is not

expected that the average bulk normalized concentration of each alloy be 1 for all distances.

4.2 Characterization of the β-homogenized mechanical properties

Tensile testing, RUS, and Vickers microhardness and Rockwell B hardness were used to investigate

the E, σy, UTS, ϵf, G, and hardness values of each alloy. SE SEM imaging was used to investigate

the fracture surfaces of the tensile samples.

No significant difference was found in the Vickers microhardness or Rockwell B hardness values

of each alloy.

Although each alloy underwent the same processing, TC exhibited the highest average σy and

UTS values, TCF and TCFA exhibited similar intermediate σy and UTS values, and TCA exhibited

the lowest σy and UTS values. TCF and TCFA exhibited higher ϵf values than TC and TCA. Even

though the ϵf values of each alloy were different, evidence of only ductile failure was found on

every fracture surface.

TC exhibited the highest E and G values. TCF exhibited a lower E and G than TC, and TCA

exhibited a lower E and G value than TCF, as hypothesized. However, TCFA did not exhibit the
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lowest E and G values as hypothesized, and instead exhibited similar E and G values to TCF.

The results of the hardness, RUS, tensile testing, and fracture surface experiments are presented

below. The discussion of why the hypotheses were verified or not can be found in Section 5.2.

4.2.1 Vickers microhardness

Vickers hardness and Rockwell B hardness were used to test the hardness of each alloy, and the

results are shown in Figure 4.8(a) and (b), respectively. No significant difference in either Vickers

or Rockwell B hardness values was exhibited between the alloys.

Figure 4.8: The average (a) Vickers microhardness values and (b) Rockwell B hardness values
measured for each alloy. The error bars show ±1 standard deviation from the average.

4.2.2 RUS

RUS was used to determine the G of each alloy at RT. The G values for TCF, TCA, and TCFA were

33 GPa, 30 GPa, and 33 GPa, respectively, measured from 1 sample each. For TC, two samples

were measured, and the G values were 37 GPa and 40 GPa.
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4.2.3 Tensile testing

Two tensile tests were performed per alloy, and the RT stress-strain curves are shown in Figure 4.9.

In both tests, TC exhibited the highest E while TCA exhibited the lowest E. TC exhibited higher

average σy and UTS values than TCF, TCA, and TCFA. TCF, TCA, and TCFA exhibited similar

σy and UTS values, seen in Figure 4.9. TC and TCA exhibited similar ϵf values, which were less

than the ϵf values of TCF and TCFA. TCF exhibited the highest ϵf at 12.4%.

Figure 4.9: Engineering stress versus strain curves for the β-homogenized TC, TCF, TCA, and
TCFA. Two tests per alloy were performed.

From the tensile curves shown in Figure 4.9, the tensile properties in Table 4.5 were calculated.

The E, σy, UTS, and ϵf values were calculated using sections 7.7.1, 7.10, and 7.11.5 of ASTM

standard E8-E8M-13a.

4.2.4 Fracture surface imaging

A single fracture surface per alloy was viewed in the SEM to examine the fracture features.

These surfaces are shown in Figures 4.10, 4.11, 4.12, and 4.13 for TC, TCF, TCA, and TCFA

respectively. Each alloy exhibited dimples on its fracture surface, indicative of ductile fracture.
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Table 4.5: Summary of the tensile properties of the β-homogenized alloys.

Alloy E (GPa) σy (MPa) UTS (MPa) ϵf (%)
TC 102, 105 917, 955 919, 955 5.0, 6.7
TCF 96, 99 873, 886 876, 903 10.2, 12.4
TCA 89, 92 825, 860 849, 872 6.4, 7.5
TCFA 93, 101 871, 885 892, 935 10.6, 10.7

Higher magnification SEM images of the dimples are provided in Figures 4.10(b-d), 4.11(b,c),

4.12(b), and 4.13(b,c) for TC, TCF, TCA, and TCFA, respectively.

Tearing ridges were also observed on the fracture surfaces, another characteristic of ductile

fracture, see Figures 4.10(b,d), 4.11(b), and 4.13(c). The different angles and ridges on the fracture

surfaces could be related to the crystallographic orientations of the β-grains with respect to the

direction of force on the tensile samples.

Dimples of multiple sizes were observed on each fracture surface. The larger microvoids on the

surfaces could be from smaller grain within the microstructure, where the grain could have pulled

and fractured along the axis of the grain. The larger microvoids are not expected to be related to

any precipitates in the microstructure, as the alloys were fully β-homogenized.
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Figure 4.10: (a) SE SEM photomicrographs of the fracture surface from a β-homogenized TC tensile test sample, stitched together using
multiple photomicrographs. (b-d) Higher magnification SE SEM photomicrographs illustrating dimples and tearing.
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Figure 4.11: (a) SE SEM photomicrographs of the fracture surface from a β-homogenized TCF tensile test sample, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating dimples and tearing.
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Figure 4.12: (a) SE SEM photomicrographs of the fracture surface from a β-homogenized TCA tensile test sample, stitched together
using multiple photomicrographs. Higher magnification SE SEM photomicrograph illustrating (b) a large and smaller dimples and (c, d)
dimples and tearing.
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Figure 4.13: (a) SE SEM photomicrographs of the fracture surface from a β-homogenized TCFA tensile test sample, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating dimples and tearing.
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CHAPTER 5

DISCUSSION OF β-HOMOGENIZED ALLOYS

In Chapter 4, the results from testing the hypotheses regarding the β-homogenized TC, TCF, TCA,

and TCFA were presented. Those results determined whether the hypotheses were correct or

incorrect. In this chapter, a discussion of why the hypotheses were correct or incorrect is presented.

In the first section of this chapter, the hypotheses regarding the microstructural characterization

are discussed. In the second section of this chapter, the hypotheses regarding the mechanical

properties are discussed.

5.1 The effects of Fe and Al on the β-homogenized microstructure

The hypotheses regarding how the Fe and Al additions affected the microstructure of the β-

homogenized alloys were as follows:

1. The alloys were fully β-homogenized. If this hypothesis is incorrect and the the α phase

was present, it would appear at the grain boundaries due to greater diffusion rates at the

boundaries.

2. The alloys would possess similar grain sizes.

3. The alloying elements would be randomly distributed in the microstructure.

4. The alloys’ β-phase lattice parameters would be less than that of pure Ti.

5. The small additions of Fe and Al would not affect theβ-phase lattice parameters significantly.

The discussions of why each hypothesis was found to be true or false through the XRD, SEM, and

APT experiments are presented below.
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5.1.1 Microstructural characterization

The hypothesis that the alloys were fullyβ-homogenized was proven true using XRD and BSE-SEM

imaging. The XRD results only found evidence of the β phase in each alloy, and the BSE-SEM

imaging of inside the β grains and along the grain boundaries did not find any evidence of the α

phase. The α case that was observed along the edges of the forged blocks did not extend into the

bulk of the material, and would not have affected any of the other experiments. This hypothesis

was true because the β-homogenization treatment and the composition of each alloy were designed

to achieve a fully β-phase microstructure.

Each alloy was homogenized at 900 ◦C, above the β-transus temperature of 882 ◦C for pure

Ti, and well above the 667 ◦C α-to-β transition temperature for the binary Ti-11Cr alloy [2, 7].

Holding each alloy at 900 ◦C for one hour and then quenching (according to the β-homogenization

process) would allow the β-phase microstructure to be retained at RT.

For 100% of theβ-phase microstructure to be retained after quenching from above theβ-transus

temperature, a Mo-Eq of 10 is required [17]. The Mo-Eq values of TC, TCF, TCA, and TCFA are

all greater than 10, see Table 5.1. While the addition of the α-stabilizer Al does reduce the Mo-Eq

of TCA and TCFA, the Mo-Eq values are still above 10, so they would still be expected to retain

100% of the β phase upon quenching.

Table 5.1: The Mo-Eq values of TC, TCF, TCA, and TCFA, calculated using the ICP-AES/NDIR
bulk concentrations for each alloy.

Alloy Mo-Eq

TC 19.3
TCF 22.6
TCA 16.7
TCFA 19.6

Although each alloy underwent the same levitation melting, hot forging, and β-homogenization

process, and each alloy retained 100% β-phase upon quenching, the hypothesis that the alloys

would possess similar grain sizes was false. The alloys possessed a range of grain sizes, with TC
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exhibiting the smallest grain size, TCF and TCFA exhibiting intermediate grain sizes, and TCA

exhibiting the largest grain size.

It is possible that Fe and Al affected the grain size during the levitation melting, hot forging,

and β-homogenization process. However, since grain size increased when Fe was added to TC,

and when Al was added to TC, if alloying element was driving the difference in grain size, TCFA

would be expected to have the largest grain size. Since TCFA exhibited an intermediate grain size,

it is more likely that the processing of the alloys affected grain size instead of Fe or Al addition.

Whereas each alloy underwent the same processing, the heating rates, temperatures, and time

spent hot forging each alloy is not known. Alloy grain size at each step of the processing is also not

known. If the grain sizes were different before the β-homogenization process, the grain size after

the homogenization process would be different, with a finer grain size before the homogenization

promoting recrystallization during the homogenization process [197]. Defects in the microstructure

can also affect recrystallized grain size. If more defects were present in TC than in the other alloys,

a finer recrystallized grain size would occur [197]. Dynamic recrystallization can also occur in β-Ti

alloys during hot forging, which could reduce the average grain size of the alloys by introducing

smaller β grains at the existing β-grain boundaries [198]. Dynamic recrystallization is sensitive

to temperature, so inconsistent temperatures throughout the material during the hot forging could

affect the grain size as well [198]. More information is needed on the evolution of the microstructure

during the hot forging and β-homogenization process to determine whether inconsistencies in the

process or the alloying elements affected the grain size of each alloy.

5.1.2 Alloying element distribution

The results from the APT experiments supported the hypothesis that the alloying elements were

randomly distributed in the microstructure, with some local ordering between Ti and Cr, Fe, and

Al. This was expected as the levitation melting, hot forging, and β-homogenization process were

designed to randomly distribute the alloying elements in a β-phase microstructure.

The local ordering measured using the RDFs has implications for the E and G values of the
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alloys, as a shorter distance between atoms implies a stronger bond between those atoms, and bond

strength directly affects elastic modulus [199]. According to the bond order (Bo), or the average

number of bonds formed by two atoms, Ti atoms should have the strongest bond between them,

as Ti-Ti has the highest Bo at 2.790. Cr should have the next strongest bond with a Bo of 2.779,

followed by Fe with a Bo of 2.651, followed by Al with a Bo of 2.426 [164].

The RDFs agree with the Bo for Ti and Fe and Ti and Al, with Fe and Al both exhibiting

bulk normalized concentrations less than 1 in TCF, TCA, and TCFA. However, Cr exhibited a

bulk normalized concentration greater than 1 in each alloy, while Ti exhibited a bulk normalized

concentration of 1, suggesting that Cr has a stronger bond with the Ti atoms than other Ti atoms.

Factors other than Bo could be affecting the local ordering of the alloying elements.

5.1.3 β-phase lattice parameters

The hypothesis that the alloys’ aβ would be less than that of pure Ti and the hypothesis that the small

additions of Fe and Al would not affect aβ significantly were both shown to be true. Calculating aβ

from the peak positions in the XRD profiles, the aβ of each alloy was 3.22Å, agreeing with Ti-Cr-Nb

alloys with similar Cr compositions [162], and which is less than that of pure Ti at 3.282Å [166].

The reduced aβ of the Ti-Cr alloys compared to pure Ti appears to contradict the Bo of Ti,

Cr, Fe, and Al; according to Bo, pure Ti should exhibit the smaller aβ as the Bo of Ti and Ti is

greater than Ti and Cr, Fe, or Al. aβ may have some relationship with Bo, but has a much stronger

relationship with the average d-shell energy (Md) of the alloying elements, average atomic radius

of the alloying elements, and overall β stability as described by Mo-Eq, see Figure 5.1.
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Figure 5.1: The β-phase lattice parameter of Ti-Cr-Nb alloys [162], Ti-Fe alloys [166], Ti-Mo
alloys [165], and Ti-Nb alloys [200] as a function of average (a) Bo, (b) average atomic radius, (c)
average Md, and (d) Mo-Eq.

aβ decreases with decreased atomic radius and Md and increased Mo-Eq. The decreasing

aβ is correlated with higher concentrations of alloying elements. β-stabilizing alloying elements

generally have a smaller atomic radius than Ti, see Table 5.2, so higher concentrations of alloying

elements should result in a smaller average radius [201]. Md shows a relationship with aβ because

atomic radius is directly influenced by the outer electron shell [201]. Mo-Eq also shares the

relationship because higher Mo-Eq values correlate with higher alloying element concentrations,

which result in lower average atomic radii. β-Ti alloys show a strong relationship between Md,
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atomic radius, and Mo-Eq, see Figure 5.2, so further discussions of aβ and alloying element

concentration in Section 7.1.2 include all three parameters. The relationship between aβ and

alloying element concentration is further discussed in Sections 6.1.1.2 and 7.1.2.

Table 5.2: The atomic radii for Ti and some of its β-stabilizing alloying elements, as reported by
Callister [201].

Element Atomic radius (Å)

Ti 1.45
Cr 1.25
Nb 1.43
Mo 1.36
Fe 1.24

Figure 5.2: The Mo-Eq values of TC, TCF, TCA, TCFA, Ti-Cr-Nb [162], Ti-Fe [166], Ti-Mo [165],
and Ti-Nb [200] alloys as a function of average atomic radius (Å) and average Md (eV).
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Considering the relationships between aβ and atomic radius, the reduced aβ of the Ti-Cr alloys

compared to pure Ti can be attributed to the smaller radius of Cr (1.25 Å) compared to Ti (1.45 Å).

The Al addition did not affect the aβ of TCA or TCFA compared to TC because Al has a similar

radius to Ti at 1.43 Å. The radius of Fe is smaller than Ti or Cr, at 1.24 Å, but the addition of 0.85%

was not large enough to affect the aβ of TCF or TCFA significantly compared to TC.

5.2 The effects of microstructure on the mechanical properties

The hypotheses regarding how the microstructure of the β-homogenized alloys affected their

mechanical properties were as follows:

1. As the microstructure of each alloy was hypothesized to be similar, the hardness, σy, UTS,

ϵf values, and fracture mechanisms should also be similar.

2. The 0.85% Fe addition will reduce the bond strengths and moduli in TCF more than in TC.

3. The 5.3% Al addition will reduce the bond strengths in TCA more than the 0.85% Fe addition

in TCF, and TCA will exhibit lower moduli than TCF.

4. Adding both Fe and Al will reduce the bond strengths in TCFA the most, and TCFA will

exhibit the lowest moduli of TC, TCF, and TCA.

The discussions of why each hypothesis was found to be true or false through the XRD, SEM, APT,

Vickers microhardness, Rockwell B hardness, RUS, and tensile experiments are presented below.

5.2.1 Hardness

The hypothesis that eachβ-homogenized alloy would exhibit similar hardness values was true. Even

though each alloy exhibited different grain sizes, each alloy exhibited similar Vickers microhardness

and Rockwell B hardness values. The variance in the measurements, while small, could be due

to the orientation of the β grains with respect to the tested surface. The Vickers microhardness

measurements show more variation between the alloys than the Rockwell B hardness measurements.
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The Vickers microhardness indents were approximately 50 µm along the diagonal, which could

fall within a single grain in each alloy. Different grain orientations could thus affect the Vickers

microhardness measurements more than the Rockqell B hardness measurements, since the Rockwell

B indents were approximately 100 µm, and resulted in measurements averaging multiple grains.

Since both Vickers microhardness and Rockwell B hardness tests reported similar hardness values

for each alloy, grain size did not appear to significantly influence the hardness.

Grain size did not significantly affect the hardness measurements because the primary hardening

mechanism of β-Ti alloys is the precipitation of secondary phases, such as the ω or α phases, in

the microstructure [7]. Some grain size effects have been explored by Kao et al. [202], who found

that β-Ti alloys increased in hardness with increased grain size. The increase in hardness was

associated with a higher dislocation density and the formation of martensite in the larger grains

rather than grain boundary effects, and which were only observed when the grains were larger than

1000 µm [202]. Since the alloys were fully β-homogenized, and the grain sizes of TC, TCF, TCA,

and TCFA were at least 10 times less than the size needed for the grain size effects reported by Kao

et al. [202], similar hardness values were expected for each alloy.

5.2.2 σy and UTS

The hypothesis that theσy and UTS of each alloy would be similar was dependent on the assumption

that the microstructure of eachβ-homogenized alloy would be similar. Because each alloy exhibited

different grain sizes, this hypothesis was shown to be false.

A smaller grain size was expected to coincide with a higher strength, as the grain boundaries

would prevent the movement of dislocations through the material. σy decreased linearly with

increasing grain size, see Figure 5.3(a). UTS also decreased with increasing grain size, but did

not correlate as strongly as σy, see Figure 5.3(b). This decrease in σy with increasing grain size

does not agree with the results presented by Doraiswamy and Ankem, who reported no change in

σy for a Ti-9.4Mn(wt.%) alloy with grain sizes between 100 and 500 µm [203]. However, Wang et

al. found for a Ti-38Nb-0.2O(wt.%) alloy that σy decreased roughly linearly from approximately
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620 MPa to 600 MPa when the grain size was increased from 8 to 128 µm.

Figure 5.3: The (a) average yield stress and (b) average ultimate tensile strength versus the average
grain size of each alloy. Linear curve-fits and the coefficients of determination (R2) for the datasets
are included. An R2 of 0.95 or greater indicates correlation.

Hardness and strength usually correlate, with higher hardness equating to higher σy and UTS

values [201]. The discrepancy between the hardness values, which are similar between each alloy,

andσy and UTS values, which varied between each alloy, is surprising. σy and UTS were influenced

by grain size, which did not influence the hardness measurements. As discussed in Section 5.2.1,

hardness in β-Ti alloys is not significantly influenced by grain size when the grains are smaller than

1000 µm [7, 202]. Thus, with a β-homogenized structure, hardness would not necessarily reflect

strength in TC, TCF, TCA, and TCFA.

5.2.3 Elastic moduli

Three hypotheses regarding E and G were proposed. The first hypothesis, that Fe would reduce E

and G when added to TC, was true. The second hypothesis, that Al would reduce E and G more

than Fe when added to TC, was true. The third hypothesis, that the Fe and Al additions together

would reduce E and G more than when added alone was false.

The hypotheses regarding E and G were developed based on the Bo between Ti and Ti, Cr, Fe,

and Al. According to the bond order (Bo), adding Fe or Al should reduce the average Bo of the
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alloy. Since Bo and bond strength are analogous, a higher average Bo should result in higher E

and G values [164, 199]. Considering the Bo for Cr, Fe, and Al in Ti (2.779, 2.651, and 2.426,

respectively), TC should have the highest average Bo, TCF should have the next highest average

Bo, TCA the next, and TCFA the lowest average Bo [164], and E and G were predicted to reflect

that. The RDFs of the APT data also support that TC would exhibit the highest E and G, as Ti and

Cr were more associated with each other, suggesting a stronger bond. The RDFs also supported

that Fe and/or Al would reduce the E and G, as Fe and Al were less associated with Ti, suggesting

a weaker bond.

The reason why TCFA exhibited a higher E and G than TCA is not known at this time. Further

investigation into the reason why could explain the synergistic effects of Fe and Al on E and G.

5.2.4 ϵf

The hypothesis that the ϵf of each alloy would be similar was dependent on the assumption that the

microstructure of each β-homogenized alloy would be similar. Since the assumption was incorrect,

and each alloy exhibited different grain sizes, each alloy exhibited different ϵf values.

One possible way grain size affected ϵf is through the critical stress needed for stress-induced

martensite (SIM). β-Ti alloys that form SIM are known to have enhanced formability, and so SIM

could have a significant effect on ϵf [7]. SIM is very sensitive towards alloy composition [7], but

Wang et al. [204] found a relationship between the critical stress for SIM and grain size, where

the critical stress decreased to a minimum and then increased again as the grain size increased

from 8 µm to 128 µm. The grain sizes of TC, TCA, TCF, and TCFA were within that range,

and extrapolating from Figure 12(b) of Wang et al., the grain sizes of TCF and TCFA fell close

to the minimum critical stress for SIM, see Figure 5.4(a) [204]. Plotting the average ϵf of each

alloy against the extrapolated critical stress for SIM found that the average ϵf decreased linearly

with increased critical stress, see Figure 5.4(b). TCF and TCFA have theoretically lower critical

stresses for SIM than TC and TCA, and could be activating more martensitic transformations during

deformation, which could result in the higher ϵf values of TCF and TCFA compared to TC and
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TCA.

Figure 5.4: The (a) relationship between critical stress for stress induced martensite (SIM) and
grain size, recreated from Wang et al. [204], with extrapolated TC, TCF, TCA, and TCFA values
included. The (b) average elongation-to-failure (ϵf) versus the critical stress for stress-induced
martensite (SIM). The critical stress for SIM was extrapolated from data in Wang et al. [204]. A
linear curve-fit and the coefficient of determination (R2) for the dataset are included. An R2 of 0.95
or greater indicates good correlation.

Although grain size did affect the alloys’ ϵf, each alloy exhibited dimples and tearing ridges

on their fracture surfaces, indicative of ductile fracture typical of the β phase in β-Ti alloys. No

features that would explain the different ϵf values were observed on the fracture surfacecs.

96



CHAPTER 6

RESULTS OF AGED ALLOYS

The following questions summarize some of the research gaps outlined in Section 2.6:

1. How do the β- and α-phase stabilizers affect the microstructural evolution during the phase

transformations in the Ti-Cr alloy system?

2. Where do such alloying elements (and interstitials) diffuse and how do they affect the phase

transformations?

3. How do the microstructural changes affect the mechanical properties of the Ti-Cr alloy

system?

In Section 2.6.1, the first question was further broken into two separate questions: how do the phase

volume fractions change?, and how do the phase lattice parameters change?. The first section of

this chapter addresses these questions using the 400 ◦C in-situ XRD data, which was analyzed to

identify the phase transformations and lattice parameter changes as a function of time. Once the

phases were identified, Rietveld analysis of the XRD data was used to calculate the phase lattice

parameters and the phase volume fractions. The overlap of the ω-, α-, and β-phase peaks, along

with the broad nature of the peaks, led to difficulty in refining some of the XRD data. To verify

the Rietveld phase volume fraction calculations, BSE SEM image threshold analysis was used.

Threshold analysis was possible using BSE SEM imaging because of the difference in composition

between the β matrix and the precipitated phases, resulting in a difference in contrast. Although

threshold analysis had its own challenges, discussed in more detail in Section 6.1.2, it was able to

supplement the Rietveld analysis results. The Rietveld analysis and threshold analysis results were

used to test the following hypotheses:
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Phase volume fraction hypotheses

• Fe would suppress the α- and ω-phase formation, therefore lower α-and ω-phase volume

fractions would be expected in the Fe-containing alloys.

• The α-phase stabilizer Al would promote the α-phase formation, and higher α-phase volume

fractions would be expected in the Al-containing alloys.

Phase lattice parameter hypotheses

• The diffusion of the β-stabilizers from the α and ω phases into the β phase would increase

the stability of the β phase, and the relative β-phase stability of the alloying elements would

decrease the β-phase lattice parameter.

• The diffusion of the α-stabilizer Al from the β phase into the α phase would affect the lattice

parameter of the α phase in the Al-containing alloys differently than the Al-free alloys.

• The rejection of all alloying elements except Ti from the ω phase would cause the ω-phase

lattice parameter to remain constant throughout the transformation. The Fe and Al additions

would affect the ω-phase lattice parameter, as different ω-phase lattice parameters have been

reported in β-Ti alloys of different compositions.

The XRD phase transformation results are presented first, followed by the Rietveld analysis decon-

volution of the phase peaks throughout the 400 ◦C treatment. The Rietveld-calculated phase lattice

parameter results are then presented, followed by the Rietveld-calculated phase volume fraction

results and the BSE SEM threshold analysis results.

The hypotheses concerning the second question of where the alloying elements Cr, Fe, and Al

diffuse, where the interstitial impurity elements O and H diffuse, and how this diffusion affects

the phase transformations were also addressed in the first section of this chapter. The results for

the diffusion of the alloying elements Cr, Fe, and Al are presented first, addressing the hypotheses

that the β-stabilizers Cr and Fe would diffuse from the α and ω phases into the β phase, the

α-stabilizer Al would diffuse from the β phase into the α phase, and the ω-phase would reject

98



any elements except Ti. The results for the location of the interstitial element O are presented

second, addressing the hypothesis that the interstitial O would be present in higher concentrations

in the α phase, and would cluster at the ω/β boundary, which could promote the ω-assisted α-

phase transformation. The results for the location of the interstitial element H are presented third,

addressing the hypothesis that the interstitial H would be present in higher concentrations in the β

phase than any other phase, and that if enough H was present in the sample, equilibrium hydrides

would form. Also addressed is the hypothesis that a higher electron-beam accelerating voltage

during the decomposition of the Pt precursor would cause more gaseous H to be released during

the FIB-based lift-out process for APT samples, and would increase the concentration of H in the

APT samples.

The discussion related to the microstructural characterization hypotheses is presented in Section

7.1.

The final section of this chapter addresses how the microstructural changes affect the mechanical

properties of each alloy. It was hypothesized that a higher volume fraction of the ω and α phases

would result in higher moduli, strengths, and hardness values. It was also hypothesized that the β-

to-ω transformation would increase the Young’s and shear moduli, the strength, and the hardness

more than the β-to-α phase transformation. The final hypothesis was that the ω-containing

microstructures would fail before yielding, while the ω-free microstructures would yield before

failure.

Changes in hardness were measured using Vickers microhardness testing. Changes in E,

σy, UTS, and ϵf were measured using tensile testing. Changes in G were measured during the

phase transformations using in-situ 400 ◦C RUS testing. This section is divided into subsections

containing the results from the Vickers microhardness testing, the tensile testing, and the 400 ◦C

RUS testing.

The discussion of why the mechanical property hypotheses were verified or not can be found

in Section 7.2.
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6.1 Characterization of the microstructural evolution during theβ-to-ω and
β-to-α phase transformations

In this section, the results and analysis of XRD and BSE-SEM imaging are presented to test the

hypotheses regarding the evolution of the phase volume fractions and phase lattice parameters during

a 400 ◦C treatment. The results from those experiments resulted in the conclusions summarized

here.

Al appeared to inhibit theβ-to-ω transformation as the Al-free TC and TCF formed theω andα

phases, while the Al-containing TCA and TCFA formed only the α phase. Al promoted the β-to-α

transformation when added to TC, as TCA exhibited higher α-phase volume fractions than TC.

Adding Fe to TCA decreased the α-phase volume fraction compared to both TCA and TC. Adding

Fe to TC suppressed the β-to-ω transformation but did not affect the β-to-α transformation: TC

and TCF exhibited similar α-phase volume fractions, but TCF exhibited lower ω-phase volume

fractions.

During the β-to-ω and β-to-α transformations, the β-stabilizers Cr and Fe diffused from the

ω and α phases into the β phase. During the β-to-α transformation, the α-stabilizer Al diffused

from the β phase into the α phase.

The aβ of each alloy decreased as the β-to-ω and β-to-α transformations occurred and the

β-stabilizers Cr and Fe diffused from the ω and α phases into the β phase. As the β-to-α

transformation occurred, the α-phase c/a ratios of TC and TCA approached 1.587, which is the

c/a ratio of the α phase in pure Ti, while the c/a ratios of TCF and TCFA approached 1.580.

The ω-phase lattice parameters were reduced in TCF compared to TC, but a similar c/a ratio was

observed in both alloys. The c/a ratio of TC increased with time at 400 ◦C while the c/a ratio of

TCF remained relatively constant throughout the duration of the 400 ◦C exposure.

Higher concentrations of the impurity element O were observed in the α and ω phases than

in the β phase. Higher concentrations of the impurity element H were observed in the β phase,

and some samples formed equilibrium and non-equilibrium hydrides. A lower accelerating voltage

during Pt deposition resulted in lower overall H concentrations in the hydride-free APT samples.

100



The results and a more detailed explanation of each conclusion are provided in the following

sections concerning the XRD, electron microscopy, and APT experiments.

6.1.1 XRD results

In the in-situ XRD experiment, samples from the top orientation of each alloy were held at 400 ◦C

for 12 h, with scans being taken every 0.5 h. Particular attention was focused on evidence for the

presence of theβ, α, ω, and TiCr2 phases. The highest intensity peak for TiCr2 occurs at a 2θ angle

of approximately 44◦ [205]. No peak was observed near 44◦ in any alloy, so it was assumed that

TiCr2 did not form during the 12 h aging treatment. Phase transformations occurred during the first

0.5 h at 400 ◦C. For TC and TCF, see Figure 6.1(a) and (b), the β-to-ω and β-to-α transformations

occurred, and β-, ω-, and α-phase peaks were observed in the 0.5 h XRD profiles. For TCA and

TCFA, see Figure 6.1(c) and (d), only the β-to-α transformation occurred during the first 0.5 h,

and only β- and α-phase peaks were observed in the 0.5 h XRD profiles.
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Figure 6.1: HTXRD intensity versus 2θ plots at 0.5 h and 400 ◦C showing the β-, α-, and ω-phase
peaks for (a) TC and (b) TCF, and the β- and α-phase peaks for (c) TCA and (d) TCFA. A square
root of the counts on the y-axis was found to suitably distinguish the phase peaks.

After determining the initial phase transformations, all XRD profiles were plotted vertically to

show the evolution of the phase peaks with time at 400 ◦C. Figure 6.2 shows the vertical XRD

profile plot for TC. In TC, the β-, α-, and ω-phase peaks were evident in each profile, indicating

that the α and ω phase precipitates were present throughout the 12 h treatment.
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Figure 6.2: HTXRD intensity versus 2θ plots from every 0.5 h during the 400 ◦C treatment showing the evolution of the β-, α-, and
ω-phase peaks for TC. Time spent at 400 ◦C increases as the plot moves from the top of the page to the bottom. A square root of the
counts on the y-axis was found to suitably distinguish the phase peaks.
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To determine the volume fractions and lattice parameters of each phase for each profile, a

deconvolution of the contributions from the β, ω, and α phases to each XRD profile using Rietveld

analysis was performed.

Rietveld analysis summed theβ-,α-, andω-phase peak intensities (from [186], [187], and [188],

respectively) to create an initial "theoretical" or "calculated" profile. For more information on the

phases, see Table 3.2 and Figure 3.2 in Chapter 3. Beginning with that initial calculated profile, the

iterative Rietveld analysis process adjusted different parameters associated with each phase’s lattice

parameters, peak intensity, and peak shape to match the calculated profile to the experimentally-

obtained profile. To determine how well the profiles matched, the difference between the calculated

and experimental profiles, also called the residual, was used. A residual of zero indicates a perfect

match between the profiles. The iterative Rietveld analysis minimized the residual, and the phase

lattice parameters and volume fractions were calculated using the final Rietveld parameter values.

Figure 6.3 shows a deconvolution (with residual) of the XRD profile of TC after 1.5 h at 400 ◦C.

While the peak position, shape, and intensity of each phase will differ depending on the experimental

profile, this data set is representative of the deconvolution accomplished for each alloy’s profiles.
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Figure 6.3: The experimental XRD profile of TC at 1.5 h at 400 ◦C, with the Rietveld-calculated
profile. The calculated profile is the sum of the individual contributions from each phase, and the
residual shows the difference between the experimental and the calculated profiles.

While the Rietveld analysis was performed for each phase profile shown in Figure 6.2, displaying

the deconvolutions like in Figure 6.3 made it difficult to determine the evolution of each phase’s

peaks. To better reveal the experimental XRD profiles and the deconvolution of the phase profiles,

heatmap-style waterfall plots were used, see Figure 6.4. These plots show that the β-phase peaks

shifted to a higher angle and the ω- and α-phase peaks appeared to remain relatively constant with

respect to their angle with increasing aging time. These peak locations suggest that aβ decreased

as the β-to-ω and β-to-α transformations occurred, while the ω- and α-phase lattice parameters

stayed relatively constant. The change in intensity of each phase is less evident. The β and ω

phases appeared to decrease in intensity and the α phase appeared to increase in intensity with

increased aging time. These changes in intensity suggest that the β- and ω-phase volume fractions

decreased with increased aging time, while the α-phase volume fraction increased. The lattice

parameter and volume fraction changes are covered in more detail in Sections 6.1.1.2 and 6.1.1.1

below.
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Figure 6.4: The (a) experimental profiles for TC from Figure 6.2 presented as a function of aging
time, where darker values indicate higher intensities. The Rietveld-calculated contributions from
the (b) β, (c) α, and (d) ω phases are also presented to show the evolution of each phase as a
function of aging time.
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The deconvolution process was repeated for TCF, see Figure 6.5. The β- , ω-, and α-phase

peaks were evident for aging times up to 7.5 h for TCF, after which the ω-phase peaks were not

clearly visible in the experimental profiles. This suggested that the ω-phase was only stable up to

7.5 h with the addition of Fe to TC. When the ω phase was included in the Rietveld analysis past 7.5

h, the iterative Rietveld analysis used the ω-phase peaks as a smoothing function to decrease the

residual between the calculated and experimental profiles. While this did minimize the residual for

the profiles, it also lead to unrealistic lattice parameters and volume fractions for all three phases.

Thus, the ω phase was removed from the Rietveld analysis after 7.5 h, see Figure 6.5(d), and

only the β and α phases were used for the calculated profiles from 8-12 h. Like in TC, a shift

of the β-phase peaks to a higher angle with increased aging time was observed. Also like in TC,

the α and ω peaks appeared to remain at a constant angle. The β- and ω-phase peak intensities

appeared to decrease and the α-phase peak intensities appeared to increase with increased aging

time, consistent with that seen in TC. These results suggest that, like TC, aβ decreased, the β- and

ω-phase volume fractions decreased, and the α-phase volume fraction increased with increased

aging time.
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Figure 6.5: The (a) experimental profiles for TCF presented as a function of aging time, where
darker values indicate higher intensities. The Rietveld-calculated contributions from the (b) β, (c)
α, and (d) ω phases are also presented to show the evolution of each phase as a function of aging
time. The ω-phase peaks were not visible after 7.5 h at 400 ◦C, and so were removed from the
Rietveld analysis after that time.
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Only the α- and β-phase peaks and intensities were used for the TCA and TCFA Rietveld

analysis deconvolution as no ω-phase peaks were observed in any of their XRD profiles. There

was less peak overlap between the β and α phases than between the β and ω phases, so the shift in

the β peaks to a higher angle and the lack of shift in the α peaks was evident in the experimental

profiles, see Figure 6.6(a) and (b) for TCA and TCFA, respectively. The intensity of the α-phase

peaks in TCFA was less than that in TCA, indicating that TCFA could exhibit less α-phase volume

fraction than TCA. The β-phase peak shift suggested that aβ decreased with increased aging time

for TCA and TCFA.

Figure 6.6: The experimental profiles for (a) TCA and (b) TCFA presented as a function of aging
time, where darker values indicate higher intensities. Each peak is labeled with its corresponding
phase along the bottom axis.
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From the Rietveld deconvolutions, the phase volume fractions were determined from the Ri-

etveld parameters associated with the intensities and shapes of the phase peaks. The lattice

parameters of each phase were determined from the Rietveld parameters associated with the phase

peak locations. In the following sections, the Rietveld-calculated volume fractions are presented

first, followed by the lattice parameters.

6.1.1.1 Phase volume fractions

The phase volume fractions were calculated using the height and the shape of the phase peaks.

Greater peak intensities indicated higher volume fractions. This is seen when comparing the

deconvolutions of TC after 3 and 6 h at 400 ◦C. The β peaks decreased in intensity from 3 to 6 h,

and this is most clearly seen in the (1 0 1) peak, see Figure 6.7. This decrease in intensity indicated

that the β-phase volume fraction decreased with time at 400 ◦C, which is consistent with the β

phase undergoing the β-to-ω and β-to-α transformations. In contrast, the α-phase peaks increased

in intensity from 3 to 6 h, seen when comparing the (1 0 1 1) peaks between 3 and 6 h aging in

Figure 6.7, which indicated that the α-phase volume fraction increased. The increase is consistent

with the β-to-α transformation continuing with time at 400 ◦C. The ω-phase peaks from 3 to 6 h

decrease in intensity, see the (1 0 1 1) and (2 1 3 1) peaks in Figure 6.7, which indicated a decrease

in ω-phase volume fraction from 3 to 6 h.
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Figure 6.7: The Rietveld refinement phase contributions for the (top) β, (middle) α, and (bottom)
ω phases for TC at (left) 3 and (right) 6 h at 400 ◦C. Guidelines have been added to illustrate the
decrease in β and ω peak heights and the increase in α peak height from 3 to 6 h. The residuals
are included to show the overall ’goodness-of-fit’ of the Rietveld refinement.
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Because Rietveld analysis tries to reduce the residuals with each iteration, some parameter

adjustments reduced the residuals, but the calculated volume fractions were unrealistic. The analysis

tends to favor broader peaks as they tend to produce smoother profiles and smaller residuals, and

thereby affect the calculated volume fractions. This was why the ω phase had to be removed from

the analysis of TCF after 7.5 h, as the analysis was using the ω phase as a smoothing function,

which reduced the residuals but led to unrealistic volume fractions of the three phases in TCF. Thus,

some variation in volume fraction was observed, particularly in TCA, where the broad experimental

phase peaks were difficult to refine. All calculated volume fraction values are presented here, and

the trends are discussed in more detail in Section 7.1.1.

The Rietveld-calculated β-, α-, and ω-phase volume fractions in each alloy were plotted as a

function of aging time, see in Figure 6.8. Throughout the 12 h aging, the β-phase volume fraction

decreased and the α-phase volume fraction increased for each alloy, see Figure 6.8(a) and (b). TC

and TCF both exhibited the highest ω-phase volume fractions after 0.5 h, and the associated ω-

phase volume fractions decreased with increased aging time. For TCF, the ω-phase was removed

from the Rietveld analysis after 7.5 h, thus a 0% ω-phase volume fraction was reported for 8-12 h

of aging.
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Figure 6.8: The Rietveld refinement calculations of the volume fractions of the (a) β phase, (b) α
phase, and (c) ω phase for TC, TCF, TCA, and TCFA as a function of aging time at 400 ◦C.

The Fe addition to TC appeared to reduce theω-phase volume fraction in TCF, as TCF exhibited

lower ω-phase volume fractions than TC. The Fe addition to TCA appeared to reduce the α-phase

volume fraction in TCFA, as TCFA exhibited lower α-phase volume fractions than TCA. The Fe

addition did not appear to affect the α-phase volume fraction in TCF, as TC and TCF exhibited

similar α-phase volume fractions. The Al addition appeared to promote the β-to-α transformation

when Fe was not present, as TCA exhibited higher α-phase volume fractions than TC or TCFA.

The effects of the alloying additions are discussed in more detail in Section 7.1.1.
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6.1.1.2 Phase lattice parameters

The lattice parameters of each phase were calculated from the Rietveld analyses of the profiles during

the 400 ◦C aging treatment of each alloy. Some scatter existed in the calculated lattice parameters of

each phase. This scatter came from certain inaccuracies within the Rietveld refinement technique.

Some profiles were more difficult to refine; the TCA profiles were particularly difficult due to

the broadness of the peaks, particularly during the later aging times. The peak overlap and peak

broadness led to some profiles from each alloy being more difficult to refine. In both TC and TCF,

where there was significant overlap between the β, ω, and α peaks, the Rietveld analysis tended

to reverse the ω- and α-peak locations. This reversal led to calculated lattice parameters which

did not follow the trends of the previous profile results, and which were unrealistic according to

the literature values for each phase. When these inaccuracies occurred, the Rietveld analysis was

redone, holding peak shape and location parameters constant whenever necessary to prevent the

reversals. This generally followed the pattern of holding the ω and α phase constant to refine the

β phase, holding the ω and β phases constant to refine the α phase, and holding the β and α

phases constant to refine the ω phase. This process was repeated as necessary to complete the

analysis. The calculated β-phase lattice parameters are presented first, followed by the α-phase

lattice parameters, followed by the ω-phase lattice parameters.

Rietveld analysis was critical to deconvolute each phase’s peak locations. This deconvolution

allowed the peak shift in the β-phase to be separated from the α and ω phases. To better illustrate

the β-phase peak shift, the (2 0 0)β peak was isolated from the TC profiles, see Figure 6.9. As

the aging time increased, and the β-to-ω and β-to-α transformations occurred, the (2 0 0)β peak

shifted to a higher angle which indicates that aβ decreased according to Bragg’s Law, see Equation

4.1 in Section 4.1.
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Figure 6.9: Intensity versus 2θ plots of TC highlighting the (2 0 0)β peak for 0.5 to 12 h aging
times; the peak shifted to a higher angle with increased aging time, i.e. the darker the line, the
longer the aging time.

Some shift in the β-phase peaks of all alloys was expected, as going from RT to 400 ◦C would

cause expansion of the crystallographic lattice. To determine how much thermal expansion would

affect the β-phase peak position, the 400 ◦C aβ was calculated using the equation of thermal

expansion provided in Equation 6.1. In Equation 6.1, 𝑇1 was the aging temperature of 400 ◦C, 𝑇0

was RT (i.e. 23 ◦C), 𝐿0 was the original β-homogenized aβ of 3.22 Å, and δ𝐿 was the change

in lattice parameter. The coefficient of thermal expansion for Ti (8.5 × 10−6/°C) was taken from

Hidnert in [206].

δ𝐿 = 𝐿0 (8.5 ∗ 10−6/°C) (𝑇1 − 𝑇0) (6.1)

According to Equation 6.1, theβ-phase lattice parameter should increase by 0.01 Å upon increasing
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the temperature from RT to 400 ◦C. Similarly, when the sample is cooled from 400 ◦C to RT, the

lattice should decrease by 0.01 Å. A decrease in aβ of 0.011 Å was measured between the aβ at

400 ◦C after 12 h aging and the aβ at RT after 12 h aging, confirming that the lattice parameter

decreased due to temperature. With the lattice parameter change due to heating and cooling

identified, any other lattice parameter changes could be attributed to factors other than temperature.

The increase in β-phase peaks, shown for TC in Figure 6.9, was observed in all alloys, and

the aβ of each alloy decreased with increased aging time, see Figure 6.10. The aβ values of the

Fe-containing and the Fe-free alloys decreased at different rates; the aβ of TC and TCA were

comparable, and the aβ of TCF and TCFA were comparable and greater than those of TC and TCA

at all aging times.

Figure 6.10: The β-phase lattice parameters (aβ) for each alloy, calculated using Rietveld analysis,
as a function of aging time at 400 ◦C.
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The ‘a’ (aα) and ‘c’ (cα) lattice parameters and the c/a ratio of the α phase were plotted as a

function of aging time for each alloy, see Figure 6.11(a), (b), and (c), respectively. The variation

of lattice parameters will be discussed, especially that of TCF and TCA, in more detail in Section

7.1.2.

The aα of TC and TCA and TCFA decreased with increased aging time, while the aα of TCF

remained approximately constant (around 2.99Å). The cα of TC and TCA remained approximately

constant, the cα of TCF appeared to slightly increase, and the cα of TCFA decreased with increased

aging time. These trends led to the c/a ratio of TC, TCF, and TCA to increase and the c/a ratio

of TCFA to decrease with increased aging time, see Figure 6.11(c). While the c/a ratio of TC,

TCF, and TCA all increased with increased aging time, TC and TCA exhibited similar α-phase c/a

ratios throughout the aging period, with both approaching the value of approximately 1.587 by 12

h aging. It is noted that the c/a ratio of the α phase in pure Ti is 1.587 [7,207]. The c/a ratio of TCF

increased by a similar rate as that of TC and TCA, but with a value approximately 0.005 lower at

all time steps, approaching 1.582 instead of 1.587. TCFA behaved differently from the other alloys,

with the c/a ratio decreasing from approximately 1.590 to approximately 1.580, and plateauing at

1.580 instead of at 1.587.
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Figure 6.11: The lattice parameters (a) aα, (b) cα, and (c) c/a ratio of the α phase as a function of
aging time at 400 ◦C for each alloy.

The ‘a’ (aω) and ‘c’ (cω) lattice parameters and the c/a ratio of the ω phase were plotted as a

function of aging time for TC and TCF, see Figure 6.12(a), (b), and (c), respectively. The aω of

TC before aging (∼4.63Å) decreased with increased aging time and approached 4.60Å. The cω of

TCF (∼2.78Å) remained relatively constant throughout the aging treatment, while the cω of TC

before aging (∼2.84Å) increased to 2.86Å during aging. The c/a ratio of TCF was approximately

0.613, and remained relatively constant throughout the aging period. The c/a ratio of TC started at
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approximately 0.613 and increased with increased aging time to ∼0.622. The aω, cω, and c/a ratios

are within the range of lattice parameters reported for other β-Ti and Zr alloys [33, 35, 51, 55, 56].

Figure 6.12: The lattice parameters (a) aω (b) cω and (c) c/a lattice parameter ratio (c) of the ω

phase as a function of aging time at 400 ◦C for each alloy.
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6.1.2 Electron microscopy results

High resolution electron microscopy was required to resolve the nanoscaleω andα precipitates. To

view these nanoscale precipitates, the aged samples were ion milled prior to imaging in the SEM.

Images were acquired at three different magnifications for each alloy. Figures 6.13, 6.14, 6.15, and

6.16 contain the BSE SEM photomicrographs acquired for the 0.75 h aged samples of TC, TCF,

TCA, and TCFA, respectively. Representative BSE SEM photomicrographs of the remaining aged

samples can be found in Appendix C, Figures C.1 through C.12. For each alloy, the precipitates

appeared with darker contrast in the lighter β matrix, indicating a composition difference between

the precipitates and the β matrix. The compositional differences between the phases are explored

in more detail in Section 6.1.3. These darker precipitates appeared along the β grain boundaries

and were also randomly distributed throughout the β grains.
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Figure 6.13: BSE SEM photomicrographs of TC aged at 400 ◦C for 0.75 h at (a) lower magni-
fication, showing darker precipitates in a light β-phase matrix. Higher magnification BSE SEM
photomicrographs of areas (b) 1 and (c) 2 (defined in (a)). The highest magnification BSE SEM
photomicrographs (d) and (e).
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Figure 6.14: BSE SEM photomicrographs of TCF aged at 400 ◦C for 0.75 h at (a) lower magni-
fication, showing darker precipitates in a light β-phase matrix. Higher magnification BSE SEM
photomicrographs of areas (b) 1 and (d) 2 (defined in (a)). The highest magnification BSE SEM
photomicrographs (d) and (e).
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Figure 6.15: BSE SEM photomicrographs of TCA aged at 400 ◦C for 0.75 h at (a) lower magni-
fication, showing darker precipitates in a light β-phase matrix. Higher magnification BSE SEM
photomicrographs of areas (b) 1 and (d) 2 (defined in (a)). The highest magnification BSE SEM
photomicrographs (d) and (e).
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Figure 6.16: BSE SEM photomicrographs of TCFA aged at 400 ◦C for 0.75 h at (a) lower magni-
fication, showing darker precipitates in a light β-phase matrix. Higher magnification BSE SEM
photomicrographs of areas (b) 1 and (d) 2 (defined in (a)). The highest magnification BSE SEM
photomicrographs (d) and (e).
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From the XRD results, the precipitates in TC and TCF after 0.75 h aging should be the ω and

α phases. The precipitates after 0.75 h aging in TCA and TCFA should be α phase precipitates.

The larger and smaller precipitates along the β grain boundaries are consistent with grain

boundary α-phase, which tend to exhibit the equiaxed morphology instead of the lamellar mor-

phology, and which can appear larger or smaller depending on the orientation of the α phase and

the sectioning plane of the sample [7, 208–211]. The small lenticular precipitates visible in the β

grains of each sample are also consistent with intergranularα phase [9,27,208,210,211]. TEM was

used to confirm that the lenticular precipitates wereα phase. The HAADF STEM photomicrograph

of TCFA after 12 h aging, see Figure 6.17(a), illustrated the lenticular α-phase precipitates, which

were confirmed to be the α phase by the SAD pattern, see Figure 6.17(b), which indicated only β-

and α-phase spots.

Figure 6.17: (a) HAADF STEM image and (b) representative SAD pattern of the ⟨1 1 0⟩β zone axis
for the TCFA 12 h aged sample. All spots within the red box in (b) are associated with α-phase
reflections.

In TC and TCF, small cuboidal or ellipsoidal precipitates were observed at less than 50 nm

in size. These precipitates were consistent with the ω-phase precipitates in BSE SEM photomi-
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crographs by Bartha et al., who confirmed the ω-phase precipitate size and morphology using

TEM [212], see Figure 6.18(a) and (b). In TC, the presumed ω-phase precipitates appear smaller

than those in TCF, and appear in greater numbers than those in TCF. The lack of these cuboidal

or ellipsoidal precipitates in TCA and TCFA (which exhibited the two-phase β+α microstructure)

also supports that they are the ω phase; if they were α-phase precipitates, similar features should

be visible in the TCA and TCFA BSE SEM photomicrographs.

Figure 6.18: (a) BSE-SEM photomicrograph of a β+ω+α microstructure in Ti-15Mo and (b)
corresponding dark-field TEM image using a diffraction spot from one variant of the ω phase
from the same microstructure. (a) and (b) are reproduced from Bartha et al. [212]. BSE-SEM
photomicrographs of (c) TC and (d) TCF with several precipitates consistent with the ω phase
circled in white.
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6.1.2.1 Threshold analysis

ImageJ software was used to estimate the volume fractions of the precipitating phases in the aged

microstructures by taking subsets of each BSE SEM photomicrograph, setting a threshold value,

and counting the fraction of pixels that were darker than the set threshold value. Due to their

similarly dark contrast, the ω and α phases could not be isolated using this analysis, therefore

they were combined in the volume fraction measurements for TC and TCF. A minimum of 9 and

a maximum of 31 measurements were made from each set of images. The threshold-calculated

volume fractions were lower than the Rietveld-calculated volume fractions, but agreed with the

trends in the Rietveld volume fraction results, see Figure 6.19. The difference between the threshold

and the Rietveld analysis can be explained by the limitations of the threshold analysis technique.

Because the contrast differences between β grains could affect the precipitate volume fraction

measurements, the threshold analysis volume fraction measurements were generally taken from the

inside of singleβ grains. While this decreased the measurement inaccuracy due to differingβ-grain

contrast, it introduced inaccuracy wherein the grain boundary α phase was underrepresented. The

exclusion of the grain boundary α-phase precipitates from the volume fraction calculation could

lead to significant underestimations of the precipitate volume fractions in each alloy. However,

since these inaccuracies were consistent throughout the threshold analysis, the threshold analysis

could be used to verify the volume fraction trends from the Rietveld analysis. The threshold analysis

confirms that the precipitate volume fraction increased with increased aging time.
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Figure 6.19: The threshold analysis precipitate volume fraction results compared to the Rietveld
analysis volume fraction results for (a) TC, (b) TCF, (c) TCA, and (d) TCFA. The Rietveld analysis
precipitate volume fraction for TC and TCF was calculated by summing theα- andω-phase volume
fractions. The threshold analysis results are consistent with the Rietveld analysis that the precipitate
volume fractions increased with time at 400 ◦C.
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6.1.3 APT

The sub-nanometer resolution of APT was critical to investigate the diffusion of Ti, Cr, Fe, and Al

concentrations in the β, α, and ω phases, as well as the locations of the interstitial elements O and

H. In this section, the diffusion of the alloying elements, β-stabilizers Cr and Fe and α-stabilizer

Al, are presented first. An analysis of the interstitial impurity element O is presented next, followed

by an analysis of the interstitial impurity element H.

6.1.3.1 The diffusion of Ti, Cr, Fe, and Al

The phase compositions of each alloy were measured after 0.75, 1.5, 3, 6, and 12 h at 400 ◦C. Cr

isosurfaces were used to illustrate the precipitates in each alloy. The α and ω phases were always

rich in Ti and contained almost none of the β-phase stabilizing elements Fe and Cr. The β phase

was rich in the β-phase stabilizing elements. Representative reconstructions from the 0.75 h aged

condition for TC, TCF, TCA, and TCFA are shown in Figure 6.20(a), (b), (c), and (d), respectively,

along with their corresponding proximity histograms.
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Figure 6.20: APT tip reconstruction of (a) TC with corresponding proximity histogram (b). Tip
reconstruction of (c) TCF with corresponding proximity histogram (d). Tip reconstruction of (e)
TCA with corresponding proximity histogram (f). Tip reconstruction of (g) TCFA with corre-
sponding proximity histogram (h). All samples were aged at 400 ◦C for 0.75 h.
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The compositions of the phases as a function of 400 ◦C aging are summarized in Figure 6.21.

As the β-to-ω and β-to-α transformations occurred, and the volume fractions of the α phase

increased, the β-phase stabilizers Cr and Fe diffused from the precipitated phases into the β matrix.

Thus, the β phase increased in β-stabilizer content with time. The β phase in TC increased in

Cr content significantly more than TCF (27% Cr in TC after 12 h aging compared to 15.5% Cr in

TCF) even with similar α-phase volume fractions. This difference could be explained by the higher

ω-phase volume fraction in TC than TCF, as TC contained approximately 10% more ω phase than

TCF throughout the 12 h aging. In contrast, the compositions of the α and ω phases remained

relatively constant with increased aging time, see Figure 6.21(b). Even when a small amount of

the α phase was observed in the 0.75 h aged TCA sample, see Figure 6.20(c), Cr depletion of

the α phase was still evident. This suggests that the β-to-ω and β-to-α transformations could

be limited by the speed of diffusion of Cr and Fe. The α phase in TCA and TCFA exhibited

slightly higher Al contents than the β matrix, and the α-phase precipitates in TCA and TCFA

contained approximately 10% less Ti than both the α- and ω-phase precipitates in TC and TCF.

This difference was attributed to the increased Al concentrations increasing the stability of the

α-phase, as Al is an α-phase stabilizer.
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Figure 6.21: The APT measured Ti, Cr, Fe, and Al concentrations of the (a) β phase and (b) α and
ω phases as a function of aging time. Error bars indicate ±1 standard deviation; where error bars
are lacking, only one measurement was taken.
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6.1.3.2 The interstitial O

Evaluating the location of O within β-Ti alloy microstructures is important since O is an α-phase

stabilizer and could be related to the ω-assisted α-phase transformation [128]. In each alloy, O

was observed in both the β phase and the ω and α phases. More O was observed in the α phase

than in the β phase, see a representative sample in Figure 6.22, where the O content in the group

of α-phase precipitates was about an order of magnitude higher than the surrounding β matrix.

Because O is an impurity element, the average concentrations of O were low in all samples, but the

average O content in the α phase was about four times larger than the average O content in the β

phase, see Figure 6.23.

Figure 6.22: The APT tip reconstructions and corresponding proximity histogram for the group of
α-phase precipitates highlighted at the thin end of the APT tip.
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Figure 6.23: The average O concentrations of the α and β phases in all alloys. Error bars indicate
1 standard deviation.

O was also measured across the α/β interface using a 1-D concentration profile across the α

precipitate in Figure 6.24. The enrichment of Al and rejection of Cr from the α phase during

α-phase precipitation is evident in the 1-D concentration profile. An O content of approximately

0.5at.% both within the α precipitate and near the α/β interface was calculated, compared to the

average O content of 0.1at.% in the β matrix.

Figure 6.24: The APT tip reconstruction and 1-D concentration profile for the α-phase precipitate
highlighted in the middle of the APT tip showing higher O concentrations in the precipitate and
along the α/β boundary. The α/β boundary, as delineated by the Cr isosurfaces, are shown with
the vertical red lines.
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6.1.3.3 The interstitial H

In atom probe mass spectra, elemental H has a peak at 1 Da corresponding to the H+ ion and a

peak at 2 Da corresponding to H+
2 . These peaks do not overlap with any other elements. The

concentration of H in each sample was calculated using the background corrected counts of H

found at the 1 Da and 2 Da peaks to determine the at.% of H in the samples.

Microstructure, whether fully β-homogenized, β+α, or β+α+ω, did not significantly affect

the overall concentration of H measured in the samples, see Figure 6.25. While there was a slight

shift between the β-homogenized and 12 h aged samples, the β-homogenized samples were shifted

right by less than a factor of 10, and H concentrations in the range of approximately 0.8 to 35 at.%

were measured regardless of microstructure.
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Figure 6.25: A cumulative probability distribution plot of the H concentrations in the β-
homogenized (gray) and the 12 h aged (black) samples. H concentrations were calculated using the
background corrected counts of H found at the 1 Da and 2 Da peaks to determine the at.% of H in
the samples. Data from TC, TCF, TCA, and TCFA are combined in this figure.

In the samples containing multiple phases, the β phase exhibited higher concentrations of H

than the α phase, see Figure 6.26(a). These results are consistent with similar APT experiments on

β+α microstructures [213]. The ratio of H in the β phase to H in the α phases was dependent on

the overall H concentration in the sample, and it was less than the 20:1 solubility ratio of H for the

β/α phases, see Figure 6.26(b) and (c) for β/α ratios of approximately 5:1 and 3:1, respectively.
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Figure 6.26: The (a) average H concentrations of theα andβ phases in all alloys (error bars indicate
1 standard deviation). The element distribution map and 1-D concentration profiles measuring Ti,
Cr, and H concentrations through the α and β phases in (b) one TC 12 h aged sample and (c) a
second TC 12 h aged sample.
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The effect of electron-beam accelerating voltage during the Pt-cap deposition step of the APT

sample lift-out process on the H concentration in APT samples was explored. Two accelerating

beam voltages, 5 kV and 30 kV, were used. Samples made using a 5 kV accelerating voltage during

Pt deposition contained significantly less H than those made using a 30 kV accelerating voltage,

with the exception of TC samples, see Figure 6.27. The data in Figure 6.27 showed the same shift

between β-homogenized and aged samples as in Figure 6.25.
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Figure 6.27: A cumulative distribution plot comparing the H concentrations in TC, TCF, TCA, and
TCFA samples using a 5 kV (green) or 30 kV (orange) accelerating voltage during Pt deposition.

The higher concentrations of H observed in both the 5 kV and 30 kV TC samples were investi-

gated using 1-D concentration profiles. The profiles taken across the 30% H isosurfaces calculated

varying H compositions, from 20% to 50% H or higher, see a representative example in Figure

6.28(a). The volumes containing 50% or higher H were consistent with equilibrium hydrides (i.e.

TiH𝑥 where 1≤x≤2) [168], while the 20% H volume was consistent with an H-rich β phase.
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Figure 6.28: The element distribution maps and 1-D concentration profile of a TC sample after
12 h at 400 ◦C, using a 5kV electron beam accelerating voltage during Pt deposition. An element
distribution map showing only the H atoms, a 30% H isosurface, and an arrow indicating the 1-D
concentration profile is included.

In TCFA, H-rich volumes consistent with hydrides were only observed when a 30 kV accel-

erating voltage was used. These hydrides did not reach an equilibrium concentration of at least

50%, and instead contained non-equilibrium concentrations between 20% and 40%, see Figure

6.29. These hydrides are classified as non-equilibrium hydrides because the concentration of H in

the hydrides is less than the 50% minimum necessary to form TiH. However, the hydrides are still

considered hydrides because they are not the β phase, as they were almost completely Cr-free, and

they are not the α phase, as the H concentration is significantly higher than the solubility of H in

α-phase Ti.
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Figure 6.29: The element distribution map and 1-D concentration profile of a TCFA sample after
12 h at 400 ◦C, using a 30kV electron beam accelerating voltage during Pt deposition, with an
arrow indicating the 1-D concentration profile.

6.2 Characterization of the mechanical properties during the β-to-ω and
β-to-α phase transformations

The effect of the microstructural changes on the mechanical properties was explored using Vickers

microhardness, RUS, and tensile testing. The results of the experiments resulted in the conclusions

summarized here.

A higher volume fraction of the ω and α phases resulted in higher Vickers microhardness and

higher strengths.

A higher volume fraction of the ω and α phases resulted in higher G values in TC and TCF

which followed the rule of mixtures (ROM). While an increased α-phase volume fraction in TCA

and TCFA did result in higher G values, they did not follow the ROM. For TCA and TCFA, E also

followed the ROM, and increased linearly with increased α-phase volume fraction. For TC and

TCF, E did not increase according to the ROM.

The ω-containing TC failed before yielding while the ω-containing TCF did not.

The results and a more detailed explanation of each conclusion are provided in the following

sections concerning the Vickers microhardness, RUS, and tensile experiments.
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6.2.1 Vickers microhardness

The Vickers hardness was measured after 0.75, 1.5, 3, 6, and 12 h of aging. After 0.75 h aging,

the three-phase (β+α+ω) TC exhibited the highest hardness of all the alloys, as well as the highest

ω-phase volume fraction, see Figure 6.30. The hardness of TC decreased as the ω-phase volume

fraction decreased from 0.75 h to 6 h of aging. Once the α-phase volume fraction was greater

than approximately 50%, the hardness increased again with increasing α-phase volume fraction.

TCF exhibited a similar hardness evolution as TC, however the ω-phase volume fractions of TCF

were less than TC, leading to TCF exhibiting lower hardness than TC. The two-phase (β+α) TCA

and TCFA exhibited increased hardness with increased α-phase volume fraction. TCA exhibited

higher hardness values and higher α-phase volume fractions than TCFA. After 6 h at 400 ◦C, TCFA

exhibited similar hardness as TCA, even though TCFA exhibited lower α-phase volume fractions

than TCA. No further significant increase in Hv was measured up to 300+ h of 400 ◦C aging for

TC, TCF, TCA, or TCFA [214].
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Figure 6.30: Vickers hardness as a function of 400 ◦C aging time for TC, TCF, TCA, and TCFA.
The α- and ω-phase volume fractions are provided for reference.

6.2.2 RUS

The RT RUS measurements of the β-homogenized samples resulted in G values of 37 GPa, 33 GPa,

30 GPa, and 33 GPa for TC, TCF, TCA, and TCFA, respectively. As the sample temperature

increased to 400 ◦C, the G values decreased due to the softening of the lattice, except for the TCA

G values, which increased. Each sample reached 400 ◦C after 15 minutes. The 400 ◦C G values

were 34 GPa, 31.5 GPa, 32 GPa, and 32 GPa for TC, TCF, TCA, and TCFA, respectively. Because
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TCA exhibited an increase in G, phase transformations were assumed to have occurred in TCA

while the alloys were heating to 400 ◦C. If transformations were occurring in TCA, it is possible

that they occurred in TC, TCF, and TCFA during heating as well.

The three-phase (β+α+ω) TC and TCF exhibited a higher increase in G during the 24 h 400 ◦C

experiment than the two-phase (β+α) TCA and TCFA, see Figure 6.31. With the precipitation of

the ω phase during the first 0.5 h at 400 ◦C, TC exhibited an increase of 9 GPa (or 26%) and TCF

exhibited an increase of 2.5 GPa (or 8%). The G values of TC and TCF continue to increase as the

ω-phase volume fraction decreases.

Figure 6.31: The shear modulus of each alloy at 400 ◦C measured using resonance ultrasound
spectroscopy (RUS) as a function of aging time. RT measurements are included for reference.
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After the 24 h experiment, the samples were cooled to RT and final measurements were taken.

The post-transformation RT G values were 52.5 GPa, 50 GPa, 35 GPa, and 36 GPa for TC, TCF,

TCA, and TCFA, respectively. TCF exhibited the largest relative increase in G at 51%, followed by

TC with an increase of 42%, while TCA and TCFA exhibited increases of 17% and 9%, respectively.

Since the G values of each alloy were hypothesized to increase according to the ROM, the ROM

for a two-phase material was used to calculate the predicted G values for TCA and TCFA, with

the upper bound for the ROM calculated using Equation 6.2 and the lower bound for the ROM

calculated using Equation 6.3. The RUS-measured 400 ◦C G values of 32 GPa were used for the

Gβ of TCA and TCFA (the G values of each alloy after reaching 400 ◦C). It was assumed that these

G values were of the β phase of each alloy at 400 ◦C, and that the β-to-α transformation had not

occurred when the RUS measurement was taken. Because the α phase exhibits different G values

along different crystallographic directions, upper and lower bounds for the ROM were calculated

using maximum and minimum G values. The maximum Gα occurs along ⟨1 1 2 0⟩ , and has a value

of approximately 35 GPa at 400 ◦C, while the minimum Gα occurs along ⟨0 0 0 1⟩ , and has a value

of approximately 20 GPa at 400 ◦C [77, 215]. The Rietveld-measured α-phase volume fraction for

each alloy was used for 𝑣α.

𝐺𝑚𝑎𝑥 = 𝐺β 𝑣β + 𝐺α 𝑣α (6.2)

𝐺𝑚𝑖𝑛 = (
𝑣β

𝐺β
+ 𝑣α

𝐺α
)−1 (6.3)

The RUS-measured G values for both TCA and TCFA fell within the range of values predicted by

the ROM, see Figure 6.32.

The ROM for a three-phase material was used to calculated the predicted G values for TC and

TCF, with the upper bound for the ROM calculated using Equation 6.4 and the lower bound for the

ROM calculated using Equation 6.5. The RUS-measured 400 ◦C G values of 34 GPa and 31.5 GPa

were used for were used for the Gβ of TC and TCF, respectively, and the same assumption, that the

RUS measurements were taken at 400 ◦C before theβ-to-ω orβ-to-α transformations had occurred,

was made. Because the ω and α phases exhibit different G values along different crystallographic

directions, upper and lower bounds were calculated for each phase. The same 400 ◦C Gα values
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Figure 6.32: The RUS-measured G values for (a) TCA and (b) TCFA compared to the ROM-
predicted G values.

as for Equations 6.2 and 6.3 were used. The values of Gω at 400 ◦C were not known, so the RT

maximum and minimum Gω values of 70 GPa along ⟨1 1 2 0⟩ and 45 GPa along ⟨0 0 0 1⟩ were

used [77]. The Rietveld-measured α- and ω-phase volume fractions for each alloy were used for

𝑣α and 𝑣ω, respectively.

𝐺𝑚𝑎𝑥 = 𝐺β 𝑣β + 𝐺α 𝑣α + 𝐺ω 𝑣ω (6.4)

𝐺𝑚𝑖𝑛 = (
𝑣β

𝐺β
+ 𝑣α

𝐺α
+ 𝑣ω

𝐺ω
)−1 (6.5)

The RUS-measured G values for both TC and TCF fell within the range of values predicted by the

ROM, see Figure 6.33.
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Figure 6.33: The RUS-measured G values (data points) for (a) TC and (b) TCF compared to the
ROM-predicted G values (green and blue contours). The G values fell within the range of values
predicted by the ROM.

6.2.3 Tensile testing

Dogbone-shaped samples were uniaxially tensile tested after 0.75, 1.5, 3, 6, and 12 h of aging to

determine the E, σy, UTS, and ϵf of each alloy as a function of aging time. Engineering stress

versus engineering strain was plotted to determine the differences in tensile properties between

each alloy after each aging time. tensile-tested samples of β-homogenized and aged TC, TCF,

TCA, and TCFA in Figures 6.34(a-d), respectively. The E, ϵf, σy, and UTS values were calculated

according to sections 7.7.1, 7.10, and 7.11.5 of ASTM standard E8-E8M-13a, and are covered in

detail below.
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Figure 6.34: Engineering stress versus engineering strain curves for (a) TC, (b) TCF, (c) TCA, and
(d) TCFA in the β-homogenized condition, as well as after aging for 0.75, 1.5, 3, 6, and 12 h.

6.2.3.1 Young’s Modulus

Unlike the G values calculated from the RUS experiment, TC did not exhibit a clear relationship

between either α- or ω-phase volume fractions and E, as E remained approximately constant

throughout the 12 h aging, see Figure 6.35. TCF appeared to exhibit a decrease as the ω-phase

volume fraction decreased from 0.75-3 h aging, and increased after 6 h aging as theα-phase volume

fraction increased past approximately 50%. The E values for TCA and TCFA also exhibited

a decrease from 0.75 to 1.5 h aging, and exhibited an increase with increased α-phase volume

fraction after 1.5 h aging.
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Figure 6.35: The E values calculated from two tensile tests per aging time for each alloy. The phase
volume fractions are included for reference.

Because the tensile tests were conducted at RT, RT values for the β, ω, and α phases were used.

Equations 6.2 and 6.3 were used for the upper and lower bounds, respectively, of the two-phase

alloys TCA and TCFA, and Equations 6.4 and 6.5 were used for the upper and lower bounds,

respectively of the three-phase alloys TC and TCF. The β-homogenized E values of 103.5 GPa,

97.5 GPa, 90.5 GPa, and 97 GPa were used for the Gβ of TC, TCF, TCA, and TCFA, respectively.

The E values in the ⟨0 0 0 1⟩ direction for the ω and α phases were used for the upper bounds, at

201.0 GPa and 143.3 GPa, respectively, and the E values in the ⟨1 1 2 0⟩ direction for the ω and α

phases were used for the lower bounds, at 129.0 GPa and 104.4 GPa, respectively [77].

TCA and TCFA both exhibited some E values within the range of values predicted by the ROM.

One E value for TCA fell below the ROM lower bound.
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Figure 6.36: The average E values calculated from two tensile tests per aging condition for (a) TCA
and (b) TCFA, compared to the ROM-predicted values.

TC and TCF both exhibited E values below the range of values predicted by the ROM. TCF

exhibited the closest value to the predicted value when the ω-phase volume fraction was 0% after

12 h aging.
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Figure 6.37: The average E values (data points) calculated from two tensile tests per aging condition
for (a) TC and (b) TCF compared to the ROM-predicted values (green and blue contours). The E
values fell below the minimum ROM-predicted E values for TC and TCF.

6.2.3.2 σy and UTS

σy and UTS increased with increasing α-phase volume fraction, see Figure 6.38. TC failed before

yielding after 0.75, 1.5, and 12 h aging, so σy could not be calculated for those times. TC exhibited

a higher UTS than TCF, TCA, or TCFA after 0.75 and 1.5 h aging. The higher UTS values of TC

after 0.75 and 1.5 h aging could be attributed to the higher ω-phase volume fractions at those times.

However, TCF did not exhibit significantly different σy or UTS values than TCA or TCFA even

though TCF contained the ω-phase microstructure. This suggests that there is a critical volume

fraction of ω phase that is necessary to achieve a higher UTS than what can be achieved with the

α phase microstructure alone.
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Figure 6.38: The σy (left) and UTS (right) values calculated from each tensile test shown in Figure
6.34, with the α- and ω-phase volume fractions for reference.

6.2.3.3 ϵf and fracture surfaces

ϵf decreased with the precipitation of the ω and/or the α phases in each alloy, see Figure 6.39.

No other relationship between microstructure and ϵf was evident. TC failed before yielding after

0.75, 1.5, and 12 h aging. The failure before yielding could be attributed to the ω phase, as it is

known to cause embrittlement in β-Ti alloys [48, 119, 149, 150]. However, TC yielded after 3 and

6 h aging, even though the ω-phase microstructure was present. TCF, which also contained the

ω-phase microstructure, did not fail before yielding in any of the tensile tests. The grain boundary

α-phase microstructures could be affecting the ϵf of the alloys more than the volume fractions of

the phases.
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Figure 6.39: The ϵf values calculated from each tensile test shown in Figure 6.34, with the α- and
ω-phase volume fractions for reference.

The fracture surfaces of the tensile tests were viewed using SE-SEM imaging to investigate

the failure modes of each alloy. Evidence of mixed-mode failure was visible on all of the fracture

surfaces evaluated. Representative fracture surfaces from the aged conditions of TC, TCF, TCA, and

TCFA are provided in Figures 6.40, 6.41, 6.42, and 6.43, respectively. SE-SEM photomicrographs

of the fracture surfaces of the remaining aged tensile-tested samples of each alloy are provided in

Appendix D, in Figures 6.40 through D.16.

Dimples indicative of ductile fracture are present on all of the aged fracture surfaces. The

dimples were formed when the more ductile β phase pulled around the less ductile ω and α phase

precipitates. The smaller dimples on each fracture surface could be associated with the smaller α

or ω precipitates, while larger features are most likely associated with larger α-phase precipitates
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that form along the β-grain boundaries.

River patterns, secondary cracks, and intergranular failure were observed on the fracture surfaces

as well, indicative of brittle fracture. Flat surfaces, also associated with brittle fracture rather than

ductile fracture, were observed on all fracture surfaces. The dimples appear alongside these

features, and in the case of the flat surfaces and grains associated with the intergranular fracture,

often appear on the features.

Lamellar-like structures were observed on some of the fracture surfaces, see Figure 6.41(b)

and (c). These structures could be colonies of α phase, separated by the β phase containing ω

precipitates. The presence of the lamellar structures on the fracture surface are influenced by

the orientation of the α-phase plates towards the fracture surface. If the plates intersect with the

fracture surface in an edge-on orientation, the features could appear to be lenticular or lamellar in

structure. If the plates intersect with the fracture surface face-on, the features could appear to be

flat planes with no dimples. The orientation of the β grains and the α-phase plates could cause

some of the large disparities in features between different regions of the same fracture surface, see

Figure 6.40(b) and (c). The ω-phase, in contrast, should appear the same at any orientation with

the fracture surface, as the ω phase morphology in Ti-Cr alloys is cuboidal and thus would look

similar regardless of orientation.

No clear differences in failure were observed between the alloys to explain the differences in

exhibited ϵf. Each alloy exhibited the mixed-mode failure features typical of multi-phase Ti alloys.
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Figure 6.40: (a) SE SEM photomicrographs of the fracture surface from a TC tensile test sample aged for 0.75 h, stitched together using
multiple photomicrographs. Higher magnification SE SEM photomicrograph illustrating (b) possible intergranular fracture or fracture
of larger α-phase precipitates and (c) dimples on the fracture surface.

153



Figure 6.41: (a) SE SEM photomicrographs of the fracture surface from a TCF tensile test sample aged for 0.75 h, stitched together
using multiple photomicrographs. Higher magnification SE SEM photomicrograph illustrating (b) a large flat plane containing dimples,
possible tearing ridges, and lamellar structures, and (c) a higher magnification of the lamellar structure with dimples.
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Figure 6.42: (a) SE SEM photomicrographs of the fracture surface from a TCA tensile test sample aged for 1.5 h, stitched together using
multiple photomicrographs. Higher magnification SE SEM photomicrograph illustrating (b) intergranular fracture with dimples and (c)
dimples and larger features where larger α phase precipitates could have separated from the β matrix.
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Figure 6.43: (a) SE SEM photomicrographs of the fracture surface from a TCFA tensile test sample aged for 3 h, stitched together using
multiple photomicrographs. Higher magnification SE SEM photomicrograph illustrating (b) dimples along a crack and (c) dimples and
faceted fracture.

156



CHAPTER 7

DISCUSSION OF AGED ALLOYS

In Chapter 6, the results from testing the hypotheses regarding the microstructural and mechanical

property evolutions of TC, TCF, TCA, and TCFA during a 400 ◦C treatment were presented. In

this chapter, the discussions of why the hypotheses were correct or incorrect are presented.

The discussions of the microstructural characterization hypotheses are presented first, sepa-

rated into the discussions regarding the phase volume fraction, phase lattice parameter, and phase

composition hypotheses. The discussions of mechanical property hypotheses are presented second,

separated into the discussions regarding the hardness, elastic moduli, strength, and ϵf hypotheses.

Finally, a comparison between the mechanical properties of TC, TCF, TCA, TCFA, and the

commonly used aerospace α+β alloy Ti-6Al-4V(wt.%) is presented.

7.1 Microstructural characterization

Hypotheses regarding the microstructural characterization fell into one of three categories: phase

volume fraction, phase lattice parameter, and phase composition. The hypotheses were as follows:

Phase volume fraction hypotheses

• Fe would suppress α- and ω-phase formation, therefore lower α-and ω-phase volume frac-

tions would be expected in the Fe-containing alloys.

• The α-phase stabilizer Al would promote the α-phase formation, and higher α-phase volume

fractions would be expected in the Al-containing alloys.

Phase lattice parameter hypotheses

• The diffusion of the β-stabilizers from the α and ω phases into the β phase would increase

the stability of the β phase, and the relative β-phase stability of the alloying elements would

affect the β-phase lattice parameter differently.
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• The diffusion of the α-stabilizer Al from the β phase into the α phase would affect the lattice

parameter of the α phase in the Al-containing alloys differently than the Al-free alloys.

• The rejection of all alloying elements except Ti from the ω phase would cause the ω-phase

lattice parameter to remain constant throughout the transformation. The Fe and Al additions

could affect the ω-phase lattice parameter, as different ω-phase lattice parameters have been

reported in different compositions of β-Ti alloys.

Phase composition hypotheses

• The β-stabilizers Cr and Fe would diffuse from the α and ω phases into the β phase.

• The α-stabilizer Al would diffuse from the β phase into the α phase.

• The ω-phase would reject any elements except Ti.

• The interstitial O would be present in higher concentrations in the α phase than the other

phases.

• The interstitial O would be rejected from the ω phase and cluster at the ω/β boundaries,

which would promote the ω-assisted α-phase transformation.

• The interstitial H would be present in higher concentrations in the β phase than in any other

phase. If enough H was present in the sample, equilibrium hydrides would form.

• During the FIB-based lift-out process for APT samples, a higher electron-beam accelerating

voltage during the decomposition of the Pt precursor would cause more gaseous H to be

released, and this would result in an increase in the H concentration in the APT samples.

The discussions of why each hypothesis was found to be true or false through the XRD, SEM,

TEM, and APT experiments are presented below.
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7.1.1 Phase volume fraction hypotheses

The phase volume fraction hypotheses addressed how the alloying element additions Fe and Al

would affect the volume fractions of the β, α, and ω phases. The Rietveld and threshold analyses

were able to calculate the phase volume fractions as the β-to-ω and β-to-α transformations

occurred, allowing the volume fraction hypotheses to be tested.

7.1.1.1 The effect of Al on α-phase volume fraction

The first hypothesis, that Al would promote the α-phase formation, and that higher α-phase volume

fractions would be expected in the Al-containing alloys, was partially true. The addition of the

α-phase stabilizer Al into the Ti-Cr alloy system made the β-to-α transformation more favorable

than the β-to-ω transformation (promoting α-phase formation), thus the ω phase was not formed

in TCA or TCFA. However, even though Al promoted the β-to-α transformation over the β-to-ω

transformation, the Al-containing TCFA exhibited lower α-phase volume fractions than the Al-free

TC and TCF. The limiting effect of Fe on the α-phase volume fraction in TCFA was stronger than

the promotional effect of Al.

Fe could prevent the longer-range diffusion needed for α-phase formation [160], which would

limit the α-phase volume fraction of TCFA compared to TCA. Fe could also affect α-phase volume

fraction more than Al due to its diffusion speed at 400 ◦C. Diffusion coefficients for Cr, Fe, and

Al at temperatures between 900 ◦C and 1350 ◦C were taken from diffusion data of a Ti-18Cr [216],

a Ti-1Fe alloy [217], and a Ti-2.1Al alloy [218], see Figure 7.1. Extrapolating the trends of D

from the 900 ◦C and 1350 ◦C temperature range to 400 ◦C, D for Cr, Fe, and Al at 400 ◦C were

calculated, see Table 7.1. The D for Al is 100x lower than the D of Fe, thus Al should diffuse

significantly slower than Fe during the β-to-α transformations. In TCFA, Fe could diffuse into the

β-phase faster than Al could diffuse to the α phase in TCFA, and the strong β-stabilizing effect

of Fe could limit the precipitation and growth of the α phase in TCFA compared to the Fe-free β

matrix of TCA.
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Figure 7.1: The diffusion data used to calculated the diffusion coefficients for Cr, Fe, and Al in Ti
at 400 ◦C.

Table 7.1: The calculated diffusion coefficients (D) for Cr, Fe, and Al in Ti at 400 ◦C.

Element Calculated D at 400 ◦C Using data from

Cr 2.98 × 10−16 m2 s−1 [216]
Fe 1.49 × 10−17 m2 s−1 [217]
Al 2.48 × 10−19 m2 s−1 [218]

7.1.1.2 The effect of Fe on α- and ω-phase volume fraction

Similarly, the hypothesis that Fe would suppress α- and ω-phase formation, resulting in lower

α-and ω-phase volume fractions in the Fe-containing alloys, was partially correct.

The Fe addition in TCF resulted in lower ω-phase volume fractions than TC. Since the β-to-ω

transformation is diffusion controlled [7], and Cr has a D approximately 10x larger than Fe, see

Table 7.1, the slower diffusion of Fe could have limited the β-to-ω transformation in TCF. The

higher β-stability from the Fe addition in TCF could have also reduced the free energy of the β

phase compared to the ω phase, thereby preventing the β-to-ω transformation in TCF [158].

As described above, Fe limited the β-to-α transformation in TCFA, reducing the α-phase

volume fraction of TCFA compared to TCA. However, the addition of Fe in TCF did not reduce the

α-phase volume fraction, and similar α-phase volume fractions were exhibited by TC and TCF. Fe

160



could still be limiting the β-to-α transformation in TCF, like in TCFA, but the ω phase could have

increased the α-phase volume fraction in TCF through the ω-assisted α-phase transformation. The

ledges and interfacial energy at the ω/β boundary would act as a favorable nucleation site for the α

phase [9,10,40,49,128]. The lack of β-stabilizers in the ω phase could also promote the formation

and growth of the α phase [42, 59], and could be promoting a higher α-phase volume fraction in

TCF compared to TCFA.

BSE-SEM photomicrographs of TCF contain features that could provide evidence for the

occurrence of the ω-assisted α-phase transformation. Some spheroidal or cuboidal precipitates,

presumed to be the ω phase, appeared near clusters or lines of small precipitates, presumed to be

the α phase. Figure 7.2 identifies some of these presumed ω and α phases in TCF. These features

are not conclusive, as the precipitates are nano-scale and the morphology of the ω and the α phases

are difficult to resolve, but are worth further investigation.

Figure 7.2: BSE-SEM photomicrographs indicating possible ω-assisted α-phase precipitates in
TCF aged at 400 ◦C for 0.75 h. The identified ω and α phases are assumed to be those precipitates
by their morphology, and are not confirmed as ω or α precipitates.
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7.1.1.3 Proposed TTT diagrams

The previous hypotheses addressed how Fe and Al affected the phase stability and the phase

transformations in the Ti-Cr-Fe-Al alloy system. Combining the data from this work with a similar

study by Chakravarty [214] allowed TTT diagrams for TC, TCF, TCA, and TCFA to be proposed.

Chakravarty investigated the phase transformations of TC, TCF, TCA, and TCFA after aging

at 210 ◦C, 300 ◦C, and 350 ◦C for 12 h [214]. In TCA and TCFA, the Al addition promoted the

β-to-α transformation over the β-to-ω transformation at all aging temperatures, resulting in only

β+α microstructures for TCA and TCFA at aging temperatures where β+ω+α microstructures

were observed for TC and TCF, see Figure 7.3 [214].
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Figure 7.3: Intensity versus 2θ plots for (a) TC, (b) TCF, (c) TCA, and (d) TCFA after 12 h aging at 210 ◦C, 300 ◦C, 350 ◦C, and 400 ◦C.
All intensities are in arbitrary units. The 210 ◦C, 300 ◦C, and 350 ◦C plots were recreated using data from Chakravarty [214].
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Using the identified phase transformations in the XRD data in Figure 7.3, TTT diagrams for

each alloy were proposed, assuming that the overall behavior of the TTT diagram is similar to that

of Figure 2 of Hickman [33], see Figure 7.4. It is possible that the peaks identified in TCF at 300 ◦C

were only ω-phase peaks, since the α- and ω-phase peaks overlap at approximately 71◦ 2θ, and no

purely α-phase peaks were observed in that profile. It is also possible that the ω phase formed in

TCA and TCFA before 12 h aging was reached at the lower aging temperatures, as those temperature

ranges are within the range of ω-phase stability [10, 41, 42, 42, 43, 47, 49, 50, 58, 93, 98, 98–100].

More data is needed to create more reliable TTT diagrams of each alloy.

Figure 7.4: Proposed TTT diagrams for (a) TC, (b) TCF, (c) TCA, and (d) TCFA. Phases were
indentified using XRD and data is included from this work at 400 ◦C and from Chakravarty at
all other temperatures [214]. Data points indicate completed characterization experiments, and
the location of demarcation lines is inspired by Hickman [33] and not violated by any of the
observations. Proposed boundaries would need confirmation through further experiments and
characterization.
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7.1.2 Phase lattice parameter hypotheses

The hypotheses about the phase lattice parameter concerned the β-phase, the α phase, and the ω

phase, and are presented in that order below.

7.1.2.1 The β phase

The hypothesis that the diffusion of the β-stabilizers from the α and ω phases into the β phase

would increase the stability of the β phase, and the relative β-phase stability of the alloying

elements would decrease the β-phase lattice parameter was true. The Rietveld analysis of the XRD

data showed the decrease in aβ with increased aging time, and the APT results confirmed that the

β-stabilizers Cr and Fe diffused from the precipitated α and ω phases into the β phase during

the β-to-α and β-to-ω transformations. Phase compositions were calculated from the APT data

by averaging the compositions of each phase from the proximity histograms generated for each

sample. The relationship between elemental concentration, β-stability, and aβ is explored below.

Comparing aβ to the Ti, Cr, Fe, and Al contents illustrated the relationships between elemental

content and aβ, see Figure 7.5. Each alloy exhibited similar relationships between Cr and aβ, see

Figure 7.5(b), but different relationships between Ti and aβ, see Figure 7.5(a). Importantly, the

Fe-containing TCF and TCFA exhibited different linear trends with Ti content than the Fe-free TC

and TCA, suggesting a synergistic effect of Cr and Fe on the aβ of TCF and TCFA. Al did not

appear to affect aβ, see Figure 7.5(d).
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Figure 7.5: The Rietveld analysis β-phase lattice parameters as a function of APT-measured (a)
Ti content, (b) Cr content, (c) Fe content, and (d) Al content. The data was taken along the aging
evolution from 0.75 h to 12 h.

Because Mo-Eq, average atomic radius, and average Md are all related to aβ, as described

in Section 5.1.3, aβ exhibited a linear relationship with each, see Figure 7.6. aβ decreased with

increased Mo-Eq, and increased with increased average atomic radius or Md. As discussed in

Section 5.1.3, the β-stabilizing elements have smaller radii than Ti, so higher concentrations of

the alloying elements correspond to smaller average radii. Similarly, higher alloying element

concentrations correspond to higher Mo-Eq values, i.e., higher β-phase stability.
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Figure 7.6: The β-phase lattice parameters as a function of Mo equivalency (top), average atomic
radius (middle), and average Md (bottom). Data was taken from this work and work involving Ti-Cr-
Nb alloys [162], Ti-Fe alloys [166], Ti-Mo alloys [165], Ti-Ta alloys [200], and Ti-Nb alloys [200].
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7.1.2.2 The α phase

The hypothesis that the diffusion of the α-stabilizer Al from the β phase into the α phase would

affect the lattice parameter of the α phase in the Al-containing alloys differently than the Al-free

alloys was false. Fe appeared to have a larger influence on the α-phase lattice parameters and c/a

ratio than Al.

TCA did not exhibit any clear relationships between the α-phase c/a ratio and Ti, Cr, or Al,

while TCF and TCFA exhibited relationships with both Cr and Fe, see Figure 7.7. aα and cα of any

alloy did not show correlation with the elemental content, and therefore such plots are not presented

here.

Figure 7.7: The Rietveld analysis α-phase c/a ratios of TC, TCF, TCA, and TCFA as a function of
the APT-measured (a) Ti, (b) Cr, (c) Fe, and (d) Al contents. The data was taken along the aging
evolution from 0.75 h to 12 h.
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Considering that aβ for TCF and TCFA was dependent on both Fe and Cr content, the relationship

between aβ and α-phase c/a ratio for each alloy was explored. The α-phase c/a ratio appeared to

have a stronger relationship with the β-phase lattice parameter than elemental content, see Figure

7.8. The relationship appears consistent for TC, TCA, and TCF, where an increased aβ resulted

in a decreased α-phase c/a ratio. TCFA, which exhibited a c/a ratio that increased with aging

time (unlike that of TC, TCA, or TCF) similarly exhibited an increased α-phase c/a ratio with an

increased aβ.

Figure 7.8: The α-phase c/a ratio as a function of aβ for each alloy.

Theα-phase c/a ratio could be affected by aβ through stresses or strains at theα/β boundary. As

aβ changes as the alloying elements diffuse during the β-to-α transformation, the misfit between

the α and β phases could be affected [219]. The changing aβ could also affect the coherency

strains along the (1 1 0 0)α and (1 1 2)β planes, where the misfit between the α and β phases is

minimized [219]. If the changing aβ and c/a ratio affect the misfit between the two phases, the

ledges that transition the crystal from the α to the β phase could be affected.

Further investigation into how misfit and coherency strain between the α and β phases are

affected as aβ, aα, cα, and the c/a ratio change would be valuable.
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7.1.2.3 The ω phase

The hypothesis that the Fe and Al additions could affect the ω-phase lattice parameter was true, as

TCF exhibited a smaller aω and cω than TC. The effect of Al on the ω-phase lattice parameters

could not be explored, as the β-to-ω transformation did not occur in the Al-containing alloys.

The hypothesis that the rejection of all alloying elements except Ti from the ω phase would

cause the ω-phase lattice parameter to remain constant throughout the transformation was true for

TCF but false for TC. The c/a ratio of TCF increased slightly from approximately 0.612 to 0.613

during the 7.5 h that the ω phase was present, but was close to 0.613 for the majority of that time,

and 0.613 is the ω-phase c/a ratio reported in several studies of β-Ti alloys [33,55,56]. In contrast,

the c/a ratio of TC was approximately 0.613 at the start of the 12 h aging, and increased linearly

with increased aging time to approximately 0.622. A c/a ratio of 0.622 has been reported in a Zr

alloy by Hatt and Roberts [51], but has not been reported in Ti alloys.

Because the morphology of the ω phase is determined by the elastic strain energy in the crystal

introduced by the difference between the radii of alloying elements and Ti [40, 105], and because

aβ was shown to change with changing composition, the ω-phase c/a ratio was plotted against aβ.

Like the α phase, the ω-phase c/a ratio showed a relationship with aβ. Unlike the α phase, the

relationship was consistent for both TC and TCF, approaching a ratio of 0.612 as aβ increased.

Figure 7.9: The ω-phase c/a ratio as a function of aβ for TC and TCF.
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The changing aβ and ω-phase c/a ratio could also affect the interfacial energy at the ω/β

boundary, which is known to be important for the ω-assisted α-phase transformation [10, 128].

Coherency strains at the ω/β interface have also been noted to affect the ω-assisted α-phase

transformation [123], and the changing aβ and ω-phase c/a ratio could affect those strains as well.

Further exploration into the effect of the changing aβ and the changing ω-phase c/a ratio on

the interfacial energy and coherency strains and the ω-assisted α-phase transformation could shed

light on the ω-assisted α-phase transformation.

7.1.3 Phase composition hypotheses

The hypotheses concerning the diffusion during the β-to-ω and β-to-α transformations involved

the alloying elements (Cr, Fe, and Al), the impurity element O, and the impurity element H. The

following sections address these hypotheses in the same order.

7.1.3.1 Diffusion of Cr, Fe, and Al during the β-to-ω and β-to-α transformations

The hypothesis that the β-stabilizers Cr and Fe would diffuse from the α and ω phases into the

β phase was correct. The β-phase of each alloy increased in β-stabilizer content with time as

the β-to-ω and β-to-α transformations occurred, as the β-to-ωiso and β-to-α transformations are

diffusion controlled displacive/diffusive transformations [7, 83, 111].

The hypothesis that the α-stabilizer Al would diffuse from the β phase into the α phase was

true, as the α phase in TCA and TCFA increased in Al content with time. Unlike the α and ω

phases, which completely rejected theβ-stabilizers Cr and Fe, theβ phase did not completely reject

Al. This could be due to the slower diffusion rate of Al than Cr or Fe, see Table 7.1, where Al may

not have had enough time to completely diffuse out of the β phase.

The hypothesis that the ω-phase would reject any elements except Ti was partially correct. The

ω-phase rejected all β-stabilizing alloying elements, but higher O concentrations in the ω phase

than the surrounding β matrix were observed. This is discussed in more detail below.
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7.1.3.2 The impurity element O in the microstructure

The hypothesis that the interstitial O would be present in higher concentrations in the α phase than

the other phases was true, as the average O content in the α phase was higher than the average O

contents in the β or ω phases. O is an α-phase stabilizer [7], and so diffused towards the α phase

during the β-to-α transformation.

O also appeared in higher concentrations near the α/β boundary. The O at the α/β interface and

in the surrounding β matrix could promote the growth of the α-phase, or promote the precipitation

of new α precipitates near the existing precipitate. This could create "strings" or "clusters" of α

phase stacked next to each other in the microstructure. Since the α phase rejects Cr, it appears as

a darker precipitate in the lighter Cr-rich β matrix in BSE-SEM imaging, or as Cr-poor volumes

in APT samples. The clusters would appear as several small precipitates seemingly attached to

create a larger cluster or string inside the β grains. These clusters were observed in the APT

reconstructions as several plate-like precipitates attached along the flat surfaces, see Figure 7.10(a),

and in the BSE-SEM photomicrographs as a series of darker precipitates in the lighter β matrix,

see Figure 7.10(b).
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Figure 7.10: The APT tip reconstruction of TCFA after 1.5 h aging showing an α-precipitate
cluster, and (b) BSE SEM photomicrograph of TCFA after 0.75 h aging showing α precipitate
clusters which could form due to the higher O concentrations at or near the α/β boundaries.

While O was found at the α/β boundary, the hypothesis that the interstitial O would be rejected

from the ω phase and cluster at the ω/β boundary was false. While it is possible that O did cluster

at the ω/β boundary, those clusters were not observed in the APT samples studied. Instead, higher

O contents were observed in the ω precipitates than in the surrounding β matrix. O in the ω phase

has not been widely reported in the literature, but O has been found to stabilize the ω phase in

certain Ti-Nb alloys [106,220].

Although ledges, compositional differences, and the strain at the β/ω interface appear to

contribute more towards the ω-assisted α transformation than O concentration [9,10,123,128], the

higher O content within the ω phase could support the ω-assisted α-phase transformation.
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7.1.3.3 The impurity element H in the microstructure

The hypothesis that the interstitial H would be present in higher concentrations in the β phase

than in any other phase was true. The β phase is known to exhibit higher H concentrations than

other phases typically found in Ti alloys (e.g. α, α”) [167, 174] because H has a 20 times higher

solubility limit in the β-phase of Ti than in the α-phase [221]. The higher solubility limit is due

to the higher number of interstitial sites in the BCC β-phase lattice compared to the HCP α-phase

lattice [168,172].

Samples that contained hydrides also had higher H contents in the overall sample, supporting

the hypothesis that if enough H was present in the sample, equilibrium hydrides would form.

These hydrides usually obscured the original microstructures in the samples, creating a β+hydride

microstructure instead of the possible β+α or ω microstructures. In one sample, the original

microstructures were not completely obscured. In this sample, shown in Figure 7.11, 25% H

isosurfaces were used to define the hydrides and Cr isosurfaces were used to define the β-phase.

A profile, taken through the volume of the material that did not contain hydrides, measured

compositions of the β and α phases. The compositions were consistent with those measured in

hydride free-tips. The consistent compositions indicated that, as long as hydride formation does not

completely obscure the original microstructure, compositional information may still be obtained

from Ti samples containing hydrides.
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Figure 7.11: A reconstructed 12 h aged TC sample with 25% H isosurfaces delineating the hydrides
and 9% Cr isosurfaces delineating the β phase. The 1-D concentration profile was taken along the
arrow passing through the β and α phases and missing all hydrides.

The hypothesis that during the FIB-based lift-out process for APT samples, a higher electron-

beam accelerating voltage during the decomposition of the Pt precursor would cause more gaseous

H to be released, resulting in an increased H concentration in the APT samples appeared to be true

for TCF, TCA, and TCFA. The hypothesis was not true for TC, which reported higher hydrogen after

both accelerating voltages, due to the formation of hydrides in the TC samples at both accelerating

voltages.

When the Pt precursor, composed of the molecule Trimethyl(methylcyclopentadienyl) plat-

inum(IV), abbreviated as MeCpPtMe3, in an amorphous carbonaceous matrix [178], decomposes,

it is accompanied by the evaporation of methane and gaseous H [179]. The higher energy of

the 30kV accelerating voltage could cause more gaseous H to be released from the amorphous

carbonaceous matrix, leading to more H available that could diffuse into the APT samples. A 30kV

accelerating voltage beam also induces more secondary electrons than a 5kV accelerating voltage

beam. Secondary electrons can decompose transiently adsorbed precursor molecules [179], so

more secondary electrons could lead to more H diffusing into the samples. After Pt deposition, the

ion beam could also decompose hydrocarbons and moisture from the sample surface [222]. If the

H source was from the decomposition of these surface hydrocarbons and moisture instead of from

the decomposition of the Pt precursor, the 5kV-deposited Pt layer could have protected the sample
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more than the 30kV-deposited Pt layer. Further investigation is needed to conclusively determine

how accelerating voltage during Pt deposition could affect the H concentration in the APT samples.

7.2 Mechanical property characterization

The hypotheses regarding the mechanical property evolution during the β-to-α and β-to-ω trans-

formations were as follows:

• The elastic moduli would increase with increasing volume fractions of the ω and α phases

according to the rule of mixtures.

• The σy and UTS values would increase with increasing volume fractions of the ω and α

phases.

• The hardness values would increase with increasing volume fractions of the ω and α phases.

• Increasing the ω-phase volume fraction would increase E, G, σy, UTS, and the hardness

more than increasing the α-phase volume fraction.

• Alloys containing any amount of the ω-phase microstructure would fail before yielding.

The discussions of why each hypothesis was found to be true or false through the Vickers mi-

crohardness, RUS, tensile testing, and SE-SEM imaging of the fracture surfaces are presented

below.

7.2.1 Hardness evolution during the β-to-ω and β-to-α transformations

The hypothesis that the hardness values would increase with increasing volume fractions of the ω

and α phases was true.

For the two-phase (β+α) microstructures of TCA and TCFA, hardness increased linearly with

increased α-phase volume fraction, see Figure 7.12.
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Figure 7.12: Vickers hardness as a function of α-phase volume fraction for TCA and TCFA.

For the three-phase (β+α+ω) microstructures of TC and TCF, an apparent increase in hardness

was observed when the ω- and α-phases precipitated, followed by an apparent decrease in hardness

as the aging time increased from 0.75 to 1.5 h. While this decrease appears to contradict the

hypothesis that hardness would increase with ω- and α-phase volume fractions, the decreased

hardness from 0.75 to 1.5 h was associated with a decrease in ω-phase volume fraction in both TC

and TCF, see Figure 7.13.
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Figure 7.13: The Vickers hardness and ω-phase volume fraction evolutions with increased aging
time for TC and TCF. The arrows highlight the similar increases and decreases in hardness and
ω-phase volume fraction.

The decrease in hardness with decreasedω-phase volume fraction also provides evidence for the

hypothesis that the hardness values would increase more with increased ω-phase volume fraction

than with increased α-phase volume fraction. This hypothesis appears to be true when the ratio of

the ω phase to the α phase is greater than 0.25. Once the ω/α ratio falls below 0.25, the α-phase

volume fraction becomes the dominant hardening phase, and TC and TCF exhibited increased

hardness with increased α-phase volume fraction even as the ω-phase volume fraction decreased,

see Figure 7.14.
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Figure 7.14: The Vickers hardness and ω/α volume fraction ratio evolutions with increased aging
time for TC and TCF. The arrows highlight the increased hardness when the ω/α ratios fell below
0.25.

7.2.2 Elastic moduli evolution during the β-to-ω and β-to-α transformations

The hypothesis that G would increase with increasing volume fractions of the ω and α phases

according to the ROM, and that the ω-phase volume fraction would increase G more than the

α-phase volume fraction, was partially true. Although the G values of TCA and TCFA did not

appear to increase significantly with an increase in α-phase volume fraction, the change in G was

within the range predicted by the ROM. The G values of TC and TCF were also within the range

of values predicted by the ROM. The ω-phase microstructure resulted in a significant G increase

in TC and TCF compared to the ω-free TCA and TCFA, with TC and TCF exhibiting final G
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values 42% and 51% greater than their initial values, respectively, while TCA and TCFA exhibited

increases of 17% and 9%, respectively.

While none of the alloys violated the ROM, the smooth increase in G for TC and TCF was not

entirely expected. Similar to the hardness evolution, the evolution of G was expected to follow the

evolution of the ω-phase volume fraction: an initial increase with ω-phase precipitation, followed

by a decrease as the ω-phase volume fraction decreased, followed by an increase when the ω/α

ratio fell below 0.25. Currently, there is no reasonable explanation for the smooth increase of G as

ω-phase volume fraction decreased for TC and TCF. Further investigation into the mechanisms by

which the α and ω phases increase G is necessary to explain these changes.

The hypothesis that E would increase with increasing volume fractions of the ω and α phases

according to the ROM, and that the ω-phase volume fraction would increase E more than the

α-phase volume fraction, was partially true. TCA and TCFA both exhibited E values within the

range predicted by the ROM, but TC and TCF exhibited E values below the range predicted by the

ROM. Theω-phase microstructure appears to be the reason for the lower E values, as TCF exhibited

values closest to the ROM after 6 and 12 h aging, when the ω-phase was almost or completely gone

from the microstructure. The low E values exhibited by TC and TCF are not consistent with E and

G values for the α and ω phases [77], see Table 7.2, or with the increased G values calculated from

the RUS data. These results are also not consistent with those reported in literature, where the ω

phase has been shown to significantly increase E [99, 109, 142]. The reason for this inconsistency

between the predicted E values for the ω-containing TC and TCF, the RUS-calculated G values,

and the literature is not known at this time, and should be a topic of further study.

Table 7.2: The RT ω- and α-phase E and G values, all in GPa, from Tane et al. [77].

Phase E⟨0 0 0 1⟩ (GPa) E⟨1 1 2 0⟩ (GPa) Eiso (GPa) Giso (GPa)

ω 201.0±7.4 129.0±3.9 152.8±0.6 60.1±0.3
α 143.3 104.4 114.6 43.4
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7.2.3 σy and UTS evolution during the β-to-ω and β-to-α transformations

The hypothesis that the σy and UTS values would increase with increasing volume fractions of the

ω and α phases was true.

The two-phase (β+α) TCA and TCFA exhibited a linear increase in both σy and UTS with

increased α-phase volume fraction, see Figure 7.15. In each alloy, the increase in σy was similar

to the increase in UTS.

Figure 7.15: The relationship between α-phase volume fraction and (a) σy and (b) UTS for TCA
and TCFA.

The three-phase (β+ω+α) TC and TCF also exhibited increased σy and UTS with increased ω

and α volume fractions. TCF exhibited similar σy and UTS evolutions as its hardness evolution:

an increased σy and UTS with increased ω-phase volume fraction, followed by a decrease in σy

and UTS as the ω-phase decreased. After the ω/α volume fraction ratio dropped below 0.25, the

σy and UTS of TCF increased with the increased α-phase volume fraction, see Figure 7.16. TC

did not exhibit such an evolution due to the brittle failure of TC samples after 0.75, 1.5, and 12 h

aging, indicated with a red circle in Figure 7.16. The brittle fractures resulted in no σy values for

TC after 0.75, 1.5, and 12 h aging, and could have prevented higher strengths from being exhibited

for those aging times.
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Figure 7.16: The relationship between ω/α volume fraction ratio and σy (left) and UTS (right)
evolution for TC and TCF. The red circles indicate that the samples failed before yielding.

The hypothesis that increasing the ω-phase volume fraction would increase σy and UTS more

than increasing the α-phase volume fraction was false; the ω-containing TC and TCF exhibited

similar average σy and UTS values to the ω-free TCA and TCFA, see Figure 7.17. TC did exhibit

higher average UTS values than the other three alloys after 0.75 and 1.5 h, but could not exhibit

higher σy values due to brittle fracture before yielding. TC also exhibited similar UTS and σy

values for all other aging times. The hardness evolution of TC suggests that the strength exhibited

by TC should have been higher at 0.75 h, decreased from 0.75 to 6 h, then increased again at 12 h

if the brittle fractures did not occur.
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Figure 7.17: The σy (left) and UTS (right) values of TC, TCF, TCA, and TCFA.

TCF exhibited similar, but not exact, hardness and strength evolutions, see Figure 7.18. σy is

compared to hardness in Figure 7.18 because σy and UTS were not significantly different in TCF.

The differences between the evolutions of hardness and strength could be due to the effects of grain

boundary α phase, which could affect dislocation motion in tension but which might not affect the

Vickers microhardness measurements.

Figure 7.18: The σy (top) and hardness (bottom) evolutions of TCF.
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7.2.4 The dependence of ϵf on microstructure

The hypothesis that alloys containing any amount of the ω-phase microstructure would fail before

yielding was false. While TC did fail before yielding after aging for 0.75, 1.5, and 12 h, TC failed

after yielding after aging for 3 and 6 h. TC contained the ω-phase microstructure for all aging

times. Also, the ω-containing TCF samples failed after yielding for all tensile tests.

Each alloy exhibited a drop in ϵf with precipitation of the ω or α phases. After ϵf decreased

with the precipitation of the ω or α phases, TC, TCF, and TCFA exhibited an increased ϵf after

different aging times, although the ϵf values were always lower than the β-homogenized ϵf values.

No clear reason for the observed increase was determined, as the changes in ϵf do not appear to

correspond to changes in phase volume fraction.

The fracture surfaces of the alloys were observed using SE-SEM imaging to determine if any

clear features could explain the changing ϵf values. Each fracture surface exhibited evidence of

mixed-mode fracture. Mixed-mode failure is often seen for Ti alloys containing strong precipitates

in a ductileβmatrix [223]. No clear differences between the fracture surfaces explain why the alloys

exhibited different ϵf values. If the β-grain size effects on ϵf seen in the β-homogenized alloys hold

true after the precipitation of the α and ω phases, the lower critical stress for SIM believed to allow

TCF and TCFA to exhibit higher ϵf values in the β-homogenized condition could be allowing TCF

and TCFA to reach higher ϵf values in the aged conditions as well. Further investigation into the

deformation modes could provide more insight into why some samples reached higher ϵf values

than others.

7.2.5 Comparison to α+β alloy Ti-6Al-4V

Having explored the effects of the β-to-ω and β-to-α transformations on the mechanical properties

of TC, TCF, TCA, and TCFA, the alloys were compared to Ti-6Al-4V, the most commonly used

Ti alloy in the aerospace industry [8]. Reported σy values of the two-phase α+β Ti-6Al-4V fall

between 760 and 1140 MPa, depending on the processing conditions, with annealed and aged Ti-

6Al-4V typically exhibiting σy values in the 900 to 1100 MPa range [8]. Reported UTS values of
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Ti-6Al-4V fall between 960 and 1170 MPa, and reported ϵf values of Ti-6Al-4V fall between 12%

and 17% strain, with annealed Ti-6Al-4V exhibiting higher ϵf values than aged Ti-6Al-4V [8].

The β-homogenized TC, TCF, TCA, and TCFA exhibited lower E values than the two-phase

(α+β) Ti-6Al-4V, see Figure 7.19(a). The average β-homogenized σy and UTS values exhibited

by TC, TCF, TCA, and TCFA were within or near the lower range of strengths reported for Ti-

6Al-4V, see Figure 7.19(b) and (c). The β-homogenized TCF and TCFA exhibited ϵf values close

to the lower range of ϵf values exhibited by Ti-6Al-4V, while TC and TCA exhibited ϵf values

approximately half that of the Ti-6Al-4V values, see Figure 7.19(d).

Figure 7.19: The average (a) E, (b) σy, (c) UTS, and (d) ϵf values of β-homogenized TC, TCF,
TCA, and TCFA, compared with the E, σy, UTS, and ϵf values for Ti-6Al-4V [8].

The two-phase (β+α) TCA and TCFA and the three-phase (β+α+ω) TC and TCF exhibited

strengths within or greater than the range of strengths reported for Ti-6Al-4V, see Figure 7.20(a)

and (b). Each alloy exhibited E values close to but generally less than the reported E value of

Ti-6Al-4V, see Figure 7.20(c). Each aged alloy exhibited lower ϵf values than Ti-6Al-4V, see

Figure 7.20(d).
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Figure 7.20: The average (a) E, (b) σy, (c) UTS, and (d) ϵf values of TC, TCF, TCA, and TCFA as
a function of 400 ◦C aging time, compared to the reported E, σy, UTS, and ϵf values for Ti-6Al-
4V [8].

The β-homogenized TC, TCF, TCA, and TCFA all exhibited G values lower than the G of

Ti-6Al-4V (42 GPa) [8]. During 400 ◦C aging, TC exhibited a G of 42 GPa after approximately

0.25 h aging, and TCF exhibited a G of 42 GPa after approximately 5.5 h aging, see Figure 7.21.

TCA and TCFA exhibited G values less than Ti-6Al-4V during the entire 24 h aging treatment.

After aging for 24 h, TC and TCF exhibited G values greater than Ti-6Al-4V by 125% and 119%

respectively.
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Figure 7.21: The RT G values exhibited by TC, TCF, TCA, and TCFA in the (a) β-homogenized
condition and after (b) 24 h 400 ◦C aging, compared to the G reported for Ti-6Al-4V [8].

While the aged TC, TCF, TCA, and TCFA cannot compete with the ϵf values of Ti-6Al-4V,

the achievable strengths of each aged alloy, plateauing at approximately 1.5 times greater than that

reported for Ti-6Al-4V, might make these alloys more attractive than Ti-6Al-4V for high-strength

applications. TCF aged for 6 h at 400 ◦C appears to be the most competitive option when compared

to Ti-6Al-4V, achieving a similar E value as Ti-6Al-4V, the highest ϵf of all the aged alloys, and

higher G, σy, and UTS values than Ti-6Al-4V.
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CHAPTER 8

CONCLUSIONS

An investigation into the composition-processing-microstructure-property relationships of Fe- and

Al- modified Ti-11at.%Cr was conducted. The β-homogenized alloys were investigated to de-

termine the original microstructure and mechanical properties before aging. The phase transfor-

mations, microstructural evolution, and evolution of mechanical properties were investigated as a

function of 400 ◦C aging.

Theβ-homogenized alloys only containedβ-phase microstructures due to theβ-homogenization

treatment, with alloying elements randomly distributed in the microstructure. Some local ordering

at the nanoscale was observed using APT.

Although each alloy underwent the same levitation melting, hot forging, and β-homogenization

process, they exhibited different grain sizes. TC exhibited the smallest grain size, TCF and TCFA

exhibited intermediate grain sizes, and TCA exhibited the largest grain size.

The alloys’ aβ was less than that of pure Ti, since Cr, Fe, and Al all have smaller radii than Ti.

The small additions of Fe and Al did not affect aβ significantly, and the measured aβ of each alloy

was 3.22 Å.

Each alloy exhibited similar hardness since each alloy was fully β-homogenized, and hardening

in β-Ti alloys is primarily due to precipitation of the α or ω phases. Higher σy and UTS values

were measured in alloys with smaller β-grains. The grain sizes of TCF and TCFA corresponded to

lower critical stresses for stress induced martensite, allowing them to exhibit higher ϵf values than

TC and TCA.

The Fe and Al additions reduced E and G, with Al reducing E and G more than Fe. Fe and Al

were predicted to reduce E and G in TCFA the most by lowering the average Bo of the alloy, but

TCFA exhibited similar E and G values to TCF. The reductions of E and G were consistent with

the nanoscale ordering of Ti, Cr, Fe, and Al observed in the APT data.

During a 400 ◦C treatment, the β-to-ω and β-to-α transformations occurred in TC and TCF,
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and theβ-to-α transformation occurred in TCA and TCFA. The Fe addition suppressedα formation

in TCFA and ω formation in TCF. The suppressed β-to-ω transformation in TCF resulted in the

ω-phase microstructure disappearing between 7.5 and 8 h at 400 ◦C. Fe may have suppressed theβ-

to-α transformation in TCF compared to TC, but the ω-assisted α-phase transformation increased

α-phase volume fraction in TCF to equivalent amounts as in TC. The Al addition promoted the

β-to-α transformation over the β-to-ω transformation, and no ω-phase was observed in the Al-

containing TCA and TCFA. Al promoted α-phase formation in TCA compared to TC, resulting

in higher α-phase volume fractions. TCFA exhibited the lowest α-phase volume fractions of the

alloys, due to the effect of Fe on the β-to-α transformation.

The β-stabilizers Cr and Fe diffused from the α and ω phases into the β phase during the

β-to-α and β-to-ω transformations, leaving the α and ω phases almost 100% Cr and Fe free. The

α-stabilizer Al diffused from the β phase into the α phase. Some Al remained in the β matrix.

The diffusion of the β-stabilizers from the α and ω phases into the β phase increased the

stability of the β phase and decreased aβ in each alloy. A relationship between β-phase stability

and aβ was proposed for all β-Ti alloys, and the changing aβ affected the c/a ratios of the α and the

ω phases. TCF exhibited smaller ω-phase lattice parameters than TC, but a similar relationship

between aβ and ω-phase c/a ratio was observed for both TC and TCF.

Higher contents of the interstitial O were measured in the α and ω phases than in the β phase.

O was also measured in higher concentrations at the α/β boundary, which could promote the

formation of α-phase clusters in the microstructure.

Higher contents of the interstitial H were measured in the β phase than in any other phase. Due

to H ingress, equilibrium and non-equilibrium hydrides formed in some APT samples. During the

FIB-based lift-out process for APT samples, a higher electron-beam accelerating voltage during the

decomposition of the Pt precursor caused more gaseous H to be released, and resulted in increased

H ingress in the APT samples.

G increased with increasing ω- and α-phase volume fractions according to the ROM for two-

and three-phase microstructures. E increased with increasing α-phase volume fractions according
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to the ROM, but did not increase according to the ROM when the ω phase was present, resulting

in lower E values than predicted.

The hardness of each alloy increased as the ω- and α-phase volume fractions increased. The

ω phase increased hardness more than the α phase until the ω/α ratio dropped below 0.25, after

which the α-phase volume fraction increased hardness more than the ω phase.

The σy and UTS values would increase with increasing volume fractions of the ω and α phases.

σy and UTS evolved similarly to the hardness values, with the ω phase increasing the strength more

at ω/α ratios above 0.25.

Alloys containing the ω-phase microstructure did not necessarily fail before yielding. TC

containing higher ω-phase volume fractions failed before yielding, but all TCF samples containing

ω-phase microstructures failed after yielding.

The aged alloys exhibited strengths up to 1.5x greater than the highest strengths exhibited by

the common commercial α+β alloy, Ti-6Al-4V. The G values of TC and TCF could be tuned to

meet or exceed the G of Ti-6Al-4V using varying 400 ◦C aging times. Even though the ϵf values

of each alloy were less than those of Ti-6Al-4V, the strength and G increases make these alloys a

competitive option for high-strength applications.
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CHAPTER 9

FUTURE WORK

Through the results and analyses of the results presented in Chapters 4 through 7, many of the

unanswered questions pertaining to the composition-processing-microstructure-property relation-

ships of the Fe- and Al-modified Ti-11Cr alloys were addressed. Further areas of interest that

were identified during this work are presented here. This chapter is divided into two sections:

microstructure and mechanical properties.

9.1 Microstructure

While precipitates consistent with the ω and α phase sizes and morphologies were observed in the

BSE-SEM photomicrographs, diffraction data is necessary to conclusively determine the crystal

structure of the precipitates. This could be accomplished through TEM SAD or EBSD. TEM SAD

or EBSD could provide more information on the relative spacing of theα andω phases with respect

to each other, which is critical to determine how the ω phase in TC and TCF influenced the α phase

transformation.

Combining APT with TEM would be beneficial to more accurately determine the relationship

between phase composition, aβ, strain at the ω/β and α/β boundaries, and the ω and α phase

c/a ratios. TEM or simulations of the crystal interfaces would be helpful to investigate how misfit

and coherency strain between the ω or α phases and the β phase change as aβ changes. These

investigations could also provide insight into how the changing strain at the ω/β boundary could

affect the ω-assisted α-phase transformation.

A preliminary analysis, not presented in this work, of d-orbital energy (Md), Mo-Eq, and aβ

suggests a relationship between the three. Further analysis of the relationships between Md, Mo-Eq,

and aβ could provide insight into the fundamental relationship between alloying element, β-phase

stability, and aβ.

An investigation into the effect of Fe and Al additions on the β-to-ω and β-to-α transformation
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energies could help the understanding of how Fe and Al affect the phase transformations and phase

volume fractions in each alloy.

Further work could be targeted at improving the threshold analysis technique used to measure

the volume fractions from the BSE SEM photomicrographs. The threshold analysis was found

to have several weaknesses related to contrast. In the volume fraction measurements, the grain

boundary α phase tended to be underrepresented, as contrast differences between β grains skewed

the measurements. A more in depth image analysis, possibly adjusting the contrast of individual

β grains to a uniform level to make threshold analysis of the ω- and α-phase fractions across

multiple grains more feasible, could more accurately represent the phase volume fractions in the

BSE-SEM photomicrographs. While this type of image analysis is possible using current image-

analysis methods, it is not trivial. The threshold analysis also could not distinguish between the α

and ω phases, as both phases exhibited similar contrasts. Machine learning could be used to help

distinguish between the cuboidal ω, lenticular α, and globular grain boundary α phases using their

distinct morphologies.

The TC samples formed hydrides and resulted in higher H concentrations than the other alloys,

suggesting that TC may be more susceptible to H ingress and hydride formation than the Fe- and

Al-modified alloys. If TC is more susceptible, this alloy could be used to study hydride formation

inβ-Ti alloys at the atomic level. Further work to understand the relationships between accelerating

voltage during Pt deposition and H concentration would be helpful to reducing H in APT samples.

Further investigation into the relationship of alloy composition and grain size inβ-homogenized

β-Ti alloys would be valuable since the effect of composition on grain size in β-Ti alloys is less

known than the effects of processing on grain size.

Further characterization of the phase transformations in each alloy at temperatures in the 210 ◦C

to 500 ◦C range, and the 0 to 24 h aging time range, could lead to a better understanding of the

phase transformation evolution in these alloys. Further phase characterization at any aging time

and temperature could be used to improve the proposed TTT diagrams for these alloys.
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9.2 Mechanical properties

First principles calculations of the elastic moduli of β-phase Ti with varying amounts of Cr, Fe,

and Al could help determine why the additions of Fe and Al did not result in a lower E and G for

TCFA than any other alloy.

Continued RUS studies, targeting the vibrational range associated with E instead of G, could

determine how E evolves during the β-to-ω and β-to-α transformations. These studies could help

verify whether the E values calculated for TC and TCF are truly lower than predicted, or whether

the tensile tests misrepresented the E values for TC and TCF.

An investigation into the deformation mechanisms in each alloy could help determine whether

the grain size of TCF and TCFA affected the deformation mode (i.e., TRIP, TWIP, or slip) compared

to TC and TCA. Higher amounts of SIM in TCF and TCFA could verify that the critical stress for

SIM can influence ϵf significantly.
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APPENDIX A

FIB-BASED LIFT-OUT STANDARD OPERATING PROCEDURE

A general standard operating procedure for the FIB-based lift-out and annular milling process is

provided here. The FIB-based lift-out process can be accomplished with a dual-beam FIB/SEM

equipped with a Pt source and an Omniprobe nanomanipulator. A silicon microtip array and

microtip array holder compatible with the CAMERCA LEAP system are necessary. The procedure

is divided into three sections. The first section describes a general lift-out process that can be

adapted to differing FIB/SEM microscopes. The second section describes how to attach APT

samples to the silicon microtip array from the lift-out. The third array describes the annular milling

process. Images to supplement each procedure are located at the end of each section.

General instructions for milling a lift-out sample from the bulk material are provided here. If

possible, the bulk material and the silicon microtip array should be loaded into the microscope at

the same time.

1. Find the site on the bulk material to be lifted out for APT testing. Move that site to the

eucentric height.

2. Deposit a Pt cap on the surface of the bulk material to protect the area of interest from Ga

implantation during ion milling, see Figure A.1(a) and (b) for an example of the bulk material

surface before and after Pt cap deposition, respectively. For the work in this dissertation, a

Pt cap of approximately 10 µm long by 1.5 µm wide by 1 µm tall were deposited, and four

samples per lift-out were generally obtained. To obtain more samples from a single lift-out,

add 2µm per sample to the length dimension. To obtain fewer samples from a single lift-out,

subtract 2µm per sample from the length dimension.

3. Tilt the sample to 22°to create a trench at 30°. Make the trench longer than the Pt cap, see

Figure A.1(b). Use the focused ion beam to mill the trench, see Figure A.1(c). Once the

trench has been cut, tilt the sample back to 0°, rotate the sample, tilt it to 22°, and repeat the
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milling process to create a second trench, see Figure A.1(d). The trenches have created a

wedge-shaped lift-out.

4. Cut the side of the lift-out that you want to attach the Omniprobe nanomanipulator to so that

it is no longer connected to the bulk material, see Figure A.1(e).

5. Tilt the sample back to 0°.

6. Insert the Omniprobe nanomanipulator and lower it towards the sample, see Figure A.1(e).

• Note: Once the Omniprobe connects with the sample, it is putting pressure on the

sample and may drift, putting stress and strain on the sample. To reduce the effects of

the Omniprobe on the sample, the next steps should be done quickly.

7. Lightly contact the Omniprobe with the lift-out.

8. Attach the sample to the Omniprobe using Pt deposition, see Figure A.1(f).

9. Using the ion beam, cut the remaining side of the lift-out so that it is no longer connected to

the bulk material, and instead is attached only to the Omniprobe nanomanipulator, see Figure

A.1(f).

10. Quickly lift the Omniprobe nanomanipulator so that the lift-out cannot crash into the bulk

material.
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Figure A.1: Photomicrographs of the FIB-based lift-out process detailing (a) a site of interest for APT, (b) a Pt cap protecting the surface
of the bulk material with a trench beginning to be milled, (c) the first trench fully milled, (d) the second trench fully milled with the lift-out
attached to the bulk material on both sides, (e) the liftout with the right side of the sample milled through in preparation of attachment to
the Omniprobe nanomanipulator, and (f) the lift-out separated from the bulk material and attached to the Omniprobe nanomanipulator
with a Pt weld.
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Once the lift-out has been milled from the bulk material, it must be attached to the microtip

array and shaped into an APT tip. A general procedure for attaching samples from the bulk lift-out

to the microtip array.

1. Find the eucentric height of the microtip array using the end of a microtip as the focal point.

Note: once the eucentric height of the array has been found, do not tilt or rotate the stage

until the lift-out samples have been attached to the array.

2. Find a microtip to attach a sample to, see Figure A.2(a) and (b).

3. Move the lift-out towards the microtip, and lower the lift-out until it touches the microtip,

see Figure A.2(c). While moving the sample, check its alignment to confirm that the

nanomanipulator is not drifting.

4. Using Pt, weld the free end of the lift-out to the microtip, see Figure A.2(d).

5. Use the ion beam to cut the end of the lift-out attached to the microtip free of the rest of the

lift-out, see Figure A.2(e).

6. Raise the nanomanipulator so that the lift-out will not crash into the microtip array while

moving. Move to the next tip and repeat the lowering and welding process. The final sample

will have to be cut free of the nanomanipulator.

7. Once all the samples are placed on microtips, remove the nanomanipulator from the chamber.

8. Rotate the microtip array by 180°. Weld the back side of each sample to the microtip in a

similar way to the front of the microtip.
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Figure A.2: Photomicrographs of the FIB-based lift-out process detailing (a) a side view of a microtip post on a silicon microtip array
and the movement of the lift-out towards the post, (b) a top view of a microtip post, (c) placement of the lift-out onto the microtip post
before the sample is welded to the post with Pt, (d) the lift-out attached to a microtip post with a Pt weld, and (e) the sample welded to
the microtip post after being cut free form the bulk of the lift-out.
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This process is used to shape the sample into a tip shape. A sharper APT tip shape is less likely

to fracture during ion evaporation.

1. Rotate the microtip array by 90° so the sample and both Pt welds are visible, see Figure

A.3(a).

2. Tilt the stage so that the sample is perpendicular to the ion beam (52°). The ion beam will

be used to mill the sample and the electron beam will be used to monitor the sample shape

and to measure the size of the sample tip.

3. Slice the side of the sample viewed in the electron beam so that a flat portion is visible. This

will help with aligning the annular milling pattern on the sample.

4. Place a circular milling pattern on the sample so that the center 1 µm of the sample is not

milled, but the outer edge of the sample is.

5. Mill the sample, taking short images of the sample using the electron beam to check the

shape and dimensions of the sample, see Figure A.3(b). When the tip of the sample is

approximately 1 µm, stop milling.

6. Adjust the milling pattern so that the center 0.8 µm of the sample is not milled. Repeat the

milling process. When the tip of the sample is approximately 0.8 µm, stop milling.

7. Repeat the process for sample diameters of 0.6, 0.4, and 0.2 µm, see Figure A.3(c).

• Note: during this process, if the tip is not sharp enough at the top (200 µm or less), the

final polishing step will not sharpen the tip. A smaller diameter of milling can be used

to fix a blunt tip.

• Note: The final polishing step will remove the Pt cap from the surface of the sample.

The ion beam is used to shower the sample with ions and mill the surface of the material

directly. The top 0.1 µm of the sample material is milled to remove any possible damage

accrued during the mechanical polishing or FIB-based lift-out process.
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8. In a lower-magnification view, use lower-energy ions (5 kV and 48 pA was used) to raster

over the sample. While this is occurring, use the electron beam to take images of the sample.

When the Pt cap and 0.1 µm of the sample material have been removed, stop the ion beam.

9. Using the electron beam, take a picture of the finished tip to record the final tip shape, see

Figure A.3. A magnification where the scale bar indicates 200 nm is recommended.

10. Tilt the stage back to 0°, remove the microtip array from the FIB/SEM, and transfer imme-

diately to the CAMECA LEAP.

Figure A.3: Photomicrographs of the FIB-based lift-out process detailing (a) the side view of a
sample welded to a microtip, (b) the sample after annular milling showing the Pt welds, sample,
and microtip post, (c) the sample milled to a smaller diameter, and (d) final tip profile of the sample.
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APPENDIX B

400°C XRD INTENSITY VERSUS 2θ PLOTS

The 400°C XRD intensity versus 2θ curves for each alloy are presented here.

Figure B.1: HTXRD intensity versus 2θ plots showing the evolution of the β-, α, and ω-phase
peaks for TC with increasing 400°C aging time.
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Figure B.2: (a) HTXRD intensity versus 2θ plots showing the evolution of the β-, α, and ω-phase
peaks for TCF with increasing 400°C aging time. In (b), the (201)ω and (200)β peaks after 6.5, 7,
7.5, 8, and 8.5 h aging are provided in more detail to show the disappearance of the ω phase.
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Figure B.3: HTXRD intensity versus 2θ plots showing the evolution of the β- and α-phase peaks
for TCA with increasing 400°C aging time.
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Figure B.4: HTXRD intensity versus 2θ plots showing the evolution of the β- and α-phase peaks
for TCA with increasing 400°C aging time.

205



APPENDIX C

BSE-SEM IMAGES OF THE AGED ALLOYS

BSE-SEM images used to evaluate the size, morphology, and volume fractions of the ω and α

phases in TC and TCF and the α phase in TCA and TCFA are provided here.
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Figure C.1: BSE-SEM photomicrographs of TC aged at 400 ◦C for 1.5 h at (a) lower magnifi-
cation, showing darker precipitates in a light β-phase matrix. Higher magnification BSE-SEM
photomicrographs of areas (b) 1 and (c) 2 (defined in (a)), illustrating the larger grain boundary α

precipitates as well as the smaller precipitates. The highest magnification BSE-SEM photomicro-
graphs (d) and (e), with the ω and α precipitates labeled.
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Figure C.2: BSE-SEM photomicrographs of TC aged at 400°C for 3 h at (a) lower magnification,
showing darker precipitates in a light β-phase matrix. Higher magnification BSE-SEM photomi-
crographs of areas (b) 1 and (c) 2 (defined in (a)), illustrating the larger grain boundaryα precipitates
as well as the smaller precipitates. The highest magnification BSE-SEM photomicrographs (d) and
(e), with the ω and α precipitates labeled.
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Figure C.3: BSE-SEM photomicrographs of 6 h aged TC at (a) lower magnification, (b) medium
magnification, and (c) higher magnification, where darker precipitates are visible in a lighter β-
phase matrix.
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Figure C.4: BSE-SEM photomicrographs of TCF aged at 400°C for 1.5 h at (a) lower magnifi-
cation, showing darker precipitates in a light β-phase matrix. Higher magnification BSE-SEM
photomicrographs of areas (b) 1 and (c) 2 (defined in (a)), illustrating the larger α precipitates as
well as the smaller precipitates. The highest magnification BSE-SEM photomicrographs (d) and
(e), with the ω and α precipitates labeled.
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Figure C.5: BSE-SEM photomicrographs of 3 h aged TCF at (a) lower magnification, (b) medium
magnification, and (c) higher magnification, where darker precipitates are visible in a lighter β-
phase matrix. Curtaining from the ion-milling process is visible in the lower magnification image.

Figure C.6: BSE-SEM photomicrographs of 6 h aged TCF at (a) lower magnification, (b) medium
magnification, and (c) higher magnification, where darker precipitates are visible in a lighter β-
phase matrix. Curtaining from the ion-milling process is visible in the lower magnification image.
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Figure C.7: BSE-SEM photomicrographs of TCA aged at 400°C for 1.5 h at (a) lower magnifi-
cation, showing darker precipitates in a light β-phase matrix. Higher magnification BSE SEM
photomicrographs of areas (b) 1 and (c) 2 (defined in (a)), illustrating the larger and smaller α
precipitates. The highest magnification BSE SEM photomicrographs (d) and (e), with the α pre-
cipitates labeled.
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Figure C.8: BSE-SEM photomicrographs of 3 h aged TCA at (a) lower magnification and (b) higher
magnification, where darker α-phase precipitates are visible in a lighter β-phase matrix.

Figure C.9: BSE-SEM photomicrographs of 6 h aged TCA at (a) lower magnification and (b)
higher magnification, where darker α-phase precipitates are visible in a lighter β-phase matrix.
Curtaining from the ion-milling process is visible in both images.
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Figure C.10: BSE-SEM photomicrographs of TCFA aged at 400°C for 1.5 h at (a) lower magni-
fication, showing darker precipitates in a light β-phase matrix. Higher magnification BSE-SEM
photomicrographs of areas (b) 1 and (c) 2 (defined in (a)), illustrating the larger and smaller α
precipitates. The highest magnification BSE-SEM photomicrographs (d) and (e), with the α pre-
cipitates labeled.
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Figure C.11: BSE-SEM photomicrographs of 3 h aged TCFA at (a) lower magnification and (b)
higher magnification, where darker α-phase precipitates are visible in a lighter β-phase matrix.

Figure C.12: BSE-SEM photomicrographs of 6 h aged TCFA at (a) lower magnification and (b)
higher magnification, where darker α-phase precipitates are visible in a lighter β-phase matrix.
Curtaining from the ion-milling process is visible in the lower magnification image.
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APPENDIX D

FRACTURE SURFACES OF TENSILE-TESTED ALLOYS

Fracture surfaces of tensile-tested samples of TC, TCF, TCA, and TCFA. SE SEM photomicro-

graphs of tensile-tested samples of TC after 1.5, 3, 6, and 12 h of 400 ◦C aging are provided in

Figures D.1 through D.4. SE-SEM photomicrographs of tensile-tested samples of TCF after 1.5, 3,

6, and 12 h of 400 ◦C aging are provided in Figures D.5 through D.8. SE-SEM photomicrographs

of tensile-tested samples of TCA after 1.5, 3, 6, and 12 h of 400 ◦C aging are provided in Figures

D.9 through D.12. SE SEM photomicrographs of tensile-tested samples of TCFA after 0.75, 1.5,

6, and 12 h of 400 ◦C aging are provided in Figures D.13 through D.16.
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Figure D.1: (a) SE-SEM photomicrograph of the fracture surface from a TC tensile test sample aged 400 ◦C for 1.5 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.2: (a) SE-SEM photomicrograph of the fracture surface from a TC tensile test sample aged 400 ◦C for 3 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.3: (a) SE-SEM photomicrograph of the fracture surface from a TC tensile test sample aged 400 ◦C for 6 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.4: (a) SE-SEM photomicrograph of the fracture surface from a TC tensile test sample aged 400 ◦C for 12 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.5: (a) SE-SEM photomicrograph of the fracture surface from a TCF tensile test sample aged 400 ◦C for 1.5 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
dimples and precipitates.
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Figure D.6: (a) SE-SEM photomicrograph of the fracture surface from a TCF tensile test sample aged 400 ◦C for 3 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.7: (a) SE-SEM photomicrograph of the fracture surface from a TCF tensile test sample aged 400 ◦C for 6 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks, dimples, and a possible α-phase feature.
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Figure D.8: (a) SE-SEM photomicrograph of the fracture surface from a TCF tensile test sample aged at 400 ◦C for 12 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.9: (a) SE-SEM photomicrograph of the fracture surface from a TCA tensile test sample aged at 400 ◦C for 0.75 h, stitched
together using multiple photomicrographs. Higher magnification SE SEM photomicrographs illustrating (b) dimples on a cleavage facet
and (c) a crack and dimples.
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Figure D.10: (a) SE-SEM photomicrograph of the fracture surface from a TCA tensile test sample aged at 400 ◦C for 3 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including a
lamellar-like feature, intergranular cracks, and dimples.
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Figure D.11: (a) SE-SEM photomicrograph of the fracture surface from a TCA tensile test sample aged at 400 ◦C for 6 h, stitched together
using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
dimples and features that could be larger α-phase precipitates pulled away from the β matrix.
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Figure D.12: (a) SE-SEM photomicrograph of the fracture surface from a TCA tensile test sample aged at 400 ◦C for 12 h, stitched
together using multiple photomicrographs. (b) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure including
intergranular cracks and dimples.
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Figure D.13: (a) SE-SEM photomicrograph of the fracture surface from a TCFA tensile test sample aged at 400 ◦C for 0.75 h, stitched
together using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating mixed-mode failure
including dimples, tearing, and ledges.
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Figure D.14: (a) SE-SEM photomicrograph of the fracture surface from a TCFA tensile test sample aged at 400 ◦C for 1.5 h, stitched
together using multiple photomicrographs. (b) Higher magnification SE SEM photomicrograph showing larger α precipitates pulled
away from the more ductile β matrix, and (c) higher magnification SE SEM photomicrograph illustrating dimples and tearing.
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Figure D.15: (a) SE-SEM photomicrograph of the fracture surface from a TCFA tensile test sample aged at 400 ◦C for 6 h, stitched
together using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating intergranular fracture and
dimples.
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Figure D.16: (a) SE-SEM photomicrograph of the fracture surface from a TCFA tensile test sample aged at 400 ◦C for 12 h, stitched
together using multiple photomicrographs. (b, c) Higher magnification SE SEM photomicrographs illustrating intergranular fracture and
dimples.
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